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Abstract 


The  Lecture  Series  will  review  developments  in  research,  manufacture  and  exploitation  of  new  light  alloys  (based  on 
Aluminium  and  Magnesium)  for  structural  applications  in  aeronautics  and  space. 

These  new  alloys  exhibit  significant  potential  for  reducing  structural  weight  and  are  gaining  recognition  as  competitive 
materials  within  the  aerospace  industries. 

Topics  to  be  addressed  in  the  lectures  include;  metal  physics  and  processing  aspects,  properties  of  existing  materials  and 
prospects  for  future  development  and  exploitation. 

This  Lecture  Series,  sponsored  by  the  Structures  and  Materials  Panel  of  AGARD,  has  been  implemented  by  the  Consultant 
and  Exchange  Programme. 


Abrege 


Ce  cycle  de  conferences  traitera  des  developpcments  recents  dans  les  domaines  de  la  recherche,  I'elaboration  et  I’exploitation 
des  nouveaux  alliages  legers  (a  base  de  I’aluminium  et  de  magnesium)  pour  des  application  structurales  dans  les  industries 
aerospatiales. 

Ces  nouveaux  alliages  sont  prometteurs  d’une  reduction  en  poids  des  structures  et  leur  competitivite  est  de  plus  en  plus 
reconnue  par  les  industries  aerospatiales. 

Parmi  les  sujets  qui  seront  abordes  lors  de  la  conference  on  distingue;  la  physique  des  metaux  et  les  traitements.  les 
caracteristiques  des  materiaux  existants  et  les  perspectives  pour  le  developpement  et  I'exploitation  Liturs. 

Ce  cycle  de  conferences  est  presente  dans  le  cadre  du  programme  des  consultants  et  des  cchanges,  sous  legide  du  Panel 
AGARD  des  Structures  et  Materiaux. 
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INTRODUCTION 


by 

Paul  Costa 

Materials  Department,  Head,  ONERA 
BP  72 

F92322  Chatillon  Cedex 
France 


The  last  fifteen  years  have  been  marked  by  considerable  changes  in  aeronautical  materials.  One  of  the  main  areas 
oi  change  has  been  a  notable  lightening  of  the  structures  employed  in  aircraft  design,  thereby  increasing  specific  thrust,  of 
principal  concern  in  military  aeronautics,  for  both  aircraft  and  helicopters.  Reduction  in  weight  has  been  achieved  in  a 
number  of  ways;  mainly  through  the  increasing  use  of  polymer  matrix  composites,  from  the  initial  small-scale  applications 
involving  mechanical  parts  with  a  low  critical  value  to  the  more  extensive  applications  in  wings,  as  demonstrated  with  current 
designs  for  combat  aircraft. 

Within  the  last  few  years,  in  response  to  the  development  of  the  polymer  matrix  materials,  the  main  producers  of 
aluminium  alloys  have  once  again  taken  up  the  development  of  aluminium-lithium  alloys  in  order  to  exploit  their  advantages 
of  low  density  and  high  elastic  modulus.  In  fact,  these  alloys  had  been  known  about  for  some  thirty  years  but  major 
investment  was  required  for  their  development,  especially  in  production  technology.  Work  in  this  field  has  been  particularly 
dynamic  and  productive.  In  less  than  a  decade,  a  fairly  low  level  of  understanding  of  the  field  has  been  transformed  into  the 
industrial  production  of  new  optimised  alloys  (obtained  using  highly  specialised  casting  techniques),  the  development  of 
associated  technologies  such  as  superplastic  forming  and  the  adoption  of  these  alloys  for  current  aircraft  design  projects. 

A  great  many  meetings  have  been  held  on  aluminium-lithium  alloys  over  the  last  five  yars,  but  the  AGARD 
Specialists’  Meeting  organised  in  Mierlo  in  October  1988  came  at  particularly  opportune  moment.  For  the  first  time,  it 
enabled  a  comparison  to  be  made  between  existing  alloys  on  the  basis  of  research  and  characterization  studies.  These  studies 
were  mostly  carried  out  on  a  cooperative  basis  by  alloy  manufacturers  and  the  major  research  establishments  and  provided 
a  picture  of  the  industrial  developments  planned  by  the  aircraft  manufacturers. 

At  the  same  Meeting,  one  session  (out  of  five)  was  devoted  to  other  light  alloys.  A  number  of  materials  have 
emerged  concurrently  in  recent  years;  firstly,  the  aluminium  and  magnesium  base  alloys  produced  by  powder  metallurgy,  often 
involving  rapid  solidification  routes;  secondly,  particulate  composite  alloys  (often  produced  via  powder  metallurgy  routes) 
and  intended  for  similar  applications  to  the  first  group,  and  finally  long  fibre  composites  for  use  in  space-flight  structures 
of  high  dimensional  stability,  but  which  may  also  find  a  use  in  certain  aeroengine  parts  or  for  second  generation  supersonic 
(and  hypersonic)  transport  aircraft. 

The  Lecture  Series  on  New  Light  Alloys  has  been  organized  on  the  same  frame  as  this  Meeting.  The  speakers  have 
been  chosen  among  the  authors  of  Mierlo,  who  have  of  course  been  requested  to  update  their  contributions,  due  to  the 
elapsed  time  (approximately  two  years).  Beyond  the  total  duration,  which  has  been  slightly  reduced,  the  main  difference 
between  the  two  events  lies  in  the  general  equilibrium  between  the  various  parts:  the  aluminium-lithium  alloys  will  be  this 
time  treated  as  one  of  the  considered  alloy  families  -  though  undoubtedly  the  most  important  -,  and  Dr.  CJ.  Peel  (Royal 
Aeronautical  Establishment),  who  had  formerly  the  task  of  giving  a  final  synthesis  of  the  contributions  to  the  Specialists’ 
Meeting,  will  give  an  overall  review  of  the  state  of  the  art  in  this  field,  which  will  be  followed  by  a  talk  by  Pr.  E.A.  Starke 
Jr.  (University  of  Virginia)  more  specifically  devoted  to  the  physical  metallurgy  of  these  alloys.  Conversely,  composites  will 
be  more  extensively  treated;  half  a  day  will  be  devoted  to  this  subject,  with  a  talk  on  long-fibre  composites  by  Dr.  J.F.  Stohr 
(ONERA)  and  another  one  on  particulate  aluminium-matrix  composites,  materials  which  are  along  with  aluminium-lithium 
alloys  closest  to  application,  due  to  their  relatively  low  cost,  by  Pr.  Harris  (Nottingham  University). 

The  second  day  will  be  exclusively  devoted  to  powder-metallurgy  aluminium  and  magnesium  alloys  with,  for  the  first 
metal,  an  overall  review  by  Pr.  Koczak  (Drexel  University)  and  an  account  of  some  physical-metallurgy  aspects  by  Pr. 
Champier  (Institut  Polytechnique  de  Lorraine,  Nancy),  and  finally  a  presentation  of  the  new  magnesium  alloys  by  Dr.  DJ. 
Bray  (Royal  Aeronautical  Establishment). 


A  round-table,  interacting  with  the  audience,  will  end  this  event. 
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INTRODUCTION 

par 

Paul  Costa 

Ingenieur  General  de  lArmement 
Direeieur  des  Materiaux  a  I'ONERA  (Francel 
BP  72 

F‘72322  Chatillon  Cedex 
France 


La  p6riode  de  quinze  ans  qui  s’ach^ve  a  marqu6e  par  un  renouvellement  eonsid^rable  des  materiaux 
adronautiques.  L’une  des  lignes  de  force  de  cette  modification  est  I’aUfegement  des  structures  qui  contribue  4 1’augmentation 
de  la  pouss6e  spdcifique,  preoccupation  centrale  de  I’aeronautique  militaire,  tant  pour  les  avions  que  pour  les  heiicopteres. 
Diverses  solutions  sont  apparues :  application  tout  d’abord  4  des  composites  ^  matrice  polymfere  i  des  parties  d’importance 
croissante,  dans  un  premier  temps  elements  peu  critiques  sur  le  plan  mecanique,  puis  progressivement  parties  de  la  voilure, 
notamment  dans  les'avions  de  combat  actuellement  en  cours  de  conception. 

A  quelques  armees  d’intervalle  et  en  concurrence  des  materiaux  precedents,  les  principaux  producteurs  d’alliages 
d’aluminium  ont  repris  le  developpement  des  alliages  aluminium-lithium,  alliages  de  densite  et  de  module  d'eiasticite  trSs 
favorables.  Ces  alliages  etaient  connus  depuis  une  trentaine  d’annees,  mais  leur  mise  au  point  et  plus  encore  leur  production 
exigeaient  des  investissements  importants.  Les  etudes  dans  ce  domaine  ont  ete  particulierement  actives  et  fructueuses 
puisque  I’on  a  su,  en  guere  plus  de  due  ans,  parcourir  tout  le  trajet  separant  un  niveau  initial  de  connaissances  assez  fruste, 
de  la  production  industrielle  d’alliages  nouveaux  optimises,  obtenus  par  des  technologies  de  coulee  trSs  particulieres,  du 
developpement  de  technologies  connexes  comme  le  formage  superplastique,  et  de  I’insertion  dans  les  projets  en  cours  de 
nouveaux  avions. 

De  nombreuses  reunions  se  sont  tenues  au  cours  des  cinq  dernieres  annees  sur  ce  theme.  La  Reunion  des 
Specialistes  qui  s’est  tenue  dans  le  cadre  de  I’AGARD  4  Mierlo  en  octobre  1988  est  intervenue  4  un  moment  tout  e  fait 
opportun,  dans  la  mesure  ou  elle  a  permis  pour  la  premiere  fois  une  comparaison  entre  les  alliages  existants,  sur  la  base 
des  recherches  et  des  caracterisations,  menees  souvent  sur  le  mode  cooperatif,  par  les  industries  et  les  grands  etablissements 
de  recherche,  et  de  faire  le  bilan  des  developpements  industries  envisages  par  les  constructeurs  aeronautiques. 

Paralieiement,  il  a  paru  utile  de  consacrer  une  partie  de  la  reunion  -  en  fait  une  session  sur  cinq  -  4  d'autres 
materiaux  derivant  des  alliages  legers.  Plusieurs  autres  families  sont  en  effet  apparues  concurremment  au  cours  des  dernieres 
armees  ;  alliages  d’aluminium  ou  de  magnesium,  produits  par  metallurgie  des  poudres,  et  relevant  le  plus  souvent  de 
techniques  de  refroidissement  rapide,  alliages  composites  particulaires,  proches  des  precedents  tant  par  la  technologie 
(metallurgie  des  poudres)  que  par  les  applications,  composites  ^  fibres  longues,  applicables  aux  structures  spatiales  de  grande 
stabilite  dimensionnelle,  mais  qui  peuvent  egalement  trouver  un  emploi  pour  certains  elements  de  moteurs  aeronautiques, 
ou  des  avions  de  transport  supersoniques  de  seconde  generation  -  voire  hypersoniques. 

La  Serie  de  Conferences  (Lecture  Series)  sur  les  nouveaux  alliages  legers  a  ete  organisee  dans  le  droit  fil  de  cette 
reunion.  Les  conferenciers  ont  ete  choisis  parmi  les  intervenants  de  Mierlo,  auxquels  il  a  ete  demande  bien  entendu 
d’actualiser  leur  expose  en  raison  du  temps  ecouie  (deux  ans  environ).  Outre  la  duree,  un  peu  reduite,  la  difference 
principale  entre  les  deux  evenements  reside  dans  I’equilibre  general  entre  les  diverses  parties  :  les  alliages  aluminium- 
lithium  seront  cette  fois  traites  comme  I’une  des  families  d’alliages  envisages  -  sans  doute  la  plus  importante  -,  et  il  a  ete 
demande  au  Dr.  C.J.  Peel  (Royal  Aeronautical  Establishment),  d  qui  il  etait  revenu  precedemment  de  faire  la  synthSse  des 
interventions  lors  de  la  reunion  de  specialiste.s,  de  donner  une  revue  globale  de  I’etat  de  I’art  dans  ce  domaine,  revue  qui 
sera  suivie  d’un  expose  plus  particulier  du  Pr.  E.A.  Starke  Jr.  (Universite  de  Virginie)  sur  les  aspects  relevant  de  la  physique 
metallurgique  de  ces  alliages.  A  contrario,  il  a  ete  prevu  de  s’etendre  davantage  sur  les  composites,  auxquels  sera  consacree 
une  demi-journee  avec  un  expose  sur  les  composites  fibres  longues  de  M.  J.F.  Stohr  (ONFRA)  et  un  autre  expose  sur 
les  composites  particulaires,  ^  matrice  aluminium,  qui  sont  sans  doute  avec  les  alliages  Al-Li  le  materiau  dont  I’application 
est  la  plus  proche,  en  raison  de  son  coilt  relativement  limite. 

La  seconde  journee  sera  exclusivement  consacree  aux  alliages  legers  d’aluminium  et  de  magnesium  obtenus  par 
metallurgie  des  poudres,  avec  pour  le  premier  metal  une  revue  de  synthese  par  le  Pr.  M.  Koczak  (Drexel  University)  et  un 
expose  sur  la  physique  metallurgique  du  Pr.  Champier  (Institut  Polytechnique  de  Lorraine,  Nancy),  et  enfin  une  presentation 
des  nouveaux  alliages  de  magnesium  par  le  Dr.  D.J.  Bray  (Royal  Aeronautical  Establishment). 

Une  table  ronde,  en  interaction  avec  I’audience,  terminera  cette  manifestation. 
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THE  DEVELOPMENT  OF  ALUMINIUM  LITHIUM  ALLOYS:  AN  OVERVIEW 


C  J  PEEL 

MATERIALS  AND  STRUCTURES  DEPARTMENT 
ROYAL  AEROSPACE  ESTABLISHMENT 
FARNBOROUGH  HANTS  UK  GUI 4  6TD 


INTRODUCTION 

For  the  last  decade  the  aluminium  industry  has  been  redeveloping 
aluminium-lithium  alloys  for  aerospace  use.  Whilst  not  new  in 
concept  or  in  technology,  these  alloys  would  appear  to  offer  the 
aircraft  designer  as  much  weight  saving  as  non-metallic  composite 
materials  with  the  added  advantage  of  the  continued  employment  of 
well  developed  manufacturing  routes  supported  by  existing  expensive 
equipment.  It  is  clear  that,  were  it  not  for  significant  technical 
and  production  difficulties,  many  of  the  airfames  produced  today 
would  already  be  manufactured  in  aluminium-lithium  alloy.  This 
paper  will  attempt  to  highlight,  not  only  the  property  advantages 
that  enable  very  significant  weight  savings  to  be  achieved,  but 
those  difficulties  that  are  being  slowly  overcome  by  intensive 
effort.  The  scale  of  this  effort  can  be  judged  by  the  fact  that  the 
last  of  the  five  International  Conferences,  held  exclusively  on 
aluminium-lithium  alloys,  produced  over  1700  pages  of  print  (1).  It 
is  far  beyond  the  scope  of  this  paper  to  comprehensively  review 
this  aggregated  volume  of  work  but  an  attempt  is  made  to  precis 
those  aspects  thought  by  the  author  to  be  most  relevant  to  the 
successful  outcome  of  the  development. 

HISTORICAL  DEVELOPMENTS 

Lithium  additions  have  been  made  to  aluminium  alloys  since  the 
1920's.  Early  work  included  inconclusive  evaluations  of  lithium  as 
a  strengthening  addition  to  aluminium  (2)  and  the  effects  of 
lithium  as  a  trace  addition  in  alloys  hardened  by  other  elements 
(3).  However,  the  first  known  reference  (4)  to  highlight  the 
potentially  attractive  properties  of  alloys  containing  more  than 
2wt  %  lithium,  i.e.  with  a  major  density  reduction,  did  not  appear 
in  the  United  Kingdom  until  1960,  and  was  seemingly  contemporary 
with  Russian  work  on  aluminium-magnesium-lithium  alloys.  The 
Russian  work  culminated  in  British  and  French  patents  in  1969  (5). 
In  North  America  interest  in  the  value  of  lithium  additions  had 
slowly  developed  around  the  perceived  strengthening  effects  of 
small  lithium  additions  to  the  aluminium-copper  system  with  the 
1942  patented  example  (6)  of  LeBaron  illustrating  the  strengthening 
effects  of  a  combination  of  approximately  1%  lithium  with  a  trace 
element  such  as  cadmium,  indium  or  tin.  This  theme  was  further 
investigated  by  Hardy  and  Silcock  (7)  and,  in  1957,  Alcoa 
introduced  the  commercial  X2020  variant  as  an  aerospace  alloy 
exhibiting  high  compressive  strength  and  stiffness  with  a  modest 
reduction  in  density.  This  alloy  achieved  some  limited  application 


and  performed  well  (8),  although  the  perception  at  the  time  was 
that  the  alloy  was  brittle.  A  new  plot  of  contemporary  data  reveals 
that,  although  the  2020-T6  may  have  exhibited  low  toughness,  it  was 
being  used  in  a  very  strong  condition  and  not  was  not  dissimilar  in 
its  relative  performance  to  other  high  strength  alloys  [  Fig.l  ]. 
Activity  in  France  at  this  time  resulted  in  a  patent  by  Pechiney 
covering  a  process  to  reduce  oxidation  during  the  melting  of 
aluminium-lithium  alloys.  Work  on  both  sides  of  the  Atlantic 
continued  in  the  1960 's  with  detailed  investigations  of  the  trace 
element  strengthening  effects  of  lithium  additions,  with  a  notable 
contribution  (9)  by  silcock,  and  began  during  the  1970 's  to 
emphasize  the  value  of  density  reduction  achieved  with  higher 
levels  of  lithium  addition.  By  the  late  1970 's  focussed  alloy 
developments  had  been  started  with  density  reduction  as  a  major 
theme  with  strong  contributions  funded  by  Industry  and  Government 
in  North  America  and,  to  some  extent  in  Europe.  Developments  during 
the  1980 's  have  become  increasingly  commercial  with  the  emergence 
of  major  new  alloys  based  on  the  targets  of  the  late  70 's.  The 
performance  and  characteristics  of  these  new  alloys  is  the  major 
theme  of  this  paper. 

CONCEPTUAL  DESIGN  ASPECTS 

Structural  Design  Concepts 

With  the  realisation  that  aluminium-lithium  alloys  could  be 
developed  to  directly  exploit  their  reduced  density,  in  contrast  to 
the  exploitation  of  elevated  mechanical  properties,  it  is 
noteworthy  that  the  Russian  alloy  now  designated  1420  was  both 
early  in  its  development  and  application  and  still  exhibits  one  of 
the  lowest  densities  available  for  a  commercial  alloy.  Compositions 
and  densities  of  some  selected  variants  of  these  early  alloys 
illustrate  this  point  [  Table  1  ].  Considerable  attention  had  been 
paid  to  design  studies  during  the  1970 's  and  these  appeared  to 
reinforce  the  concept  of  density  reduction  as  the  main  driving 
force  behind  the  development  of  aluminium-lithium  alloys.  This  is 
typified  by  the  Lockheed  design  data  (10)  [  Fig. 2  ]  which  reveals 
that  weight  savings  achieved  with  density  reduction  far  outweigh 
the  savir.-js  gained  from  a  similar  proportional  increase  in 
mechanical  properties.  Detailed  design  studies  (11)  predicted  that 
aluminium-lithium  alloys  meeting  predefined  alloy  development 
targets  would  be  able  to  produce  weight  savings  of  the  order  of  Oi¬ 
ls!  by  a  combination  of  density  reduction  and  property  enhancement 
[  Fig. 3  ].  A  retrospective  study  of  these  claimed  potential  weight 
savings  compared  to  those  actually  achieved  in  demonstrator  and 
prototype  parts  reveals  that,  in  general  terms,  they  were  accurate 
and  that  savings  of  up  to  approximately  15%  are  achievable  with 
aluminium-lithium  alloys  competitive  with  most  advanced  materials 
including  the  non-metallic  composites. 

Structural  designs  that  were  optimised  to  exploit  aluminium-lithium 
alloys  were  found  to  require  the  new  alloys  to  exhibit  the  same 
range  in  properties  that  had  long  since  been  developed  in 
conventional  alloys.  This  requirement  allowed  the  concept  of  alloy 


substitution  to  be  developed.  In  this  technique  literal 
substitution  of  an  aluminium-lithium  alloy  for  a  conventional  alloy 
could  be  contemplated  with,  all  things  being  equal,  an  immediate 
weight  saving  accrued  from  the  density  reduction.  The  concept  could 
be  further  extended  to  new  design  in  which  a  notional  substitution, 
of  a  new  alloy  for  the  conventional,  could  be  made  to  exploit  both 
the  reduction  in  density  and  also  any  property  improvements. 
Substitution,  in  this  case,  would  be  on  the  basis  of  alloy  type  for 
alloy  type,  i.e.  a  damage  tolerant  aluminium-lithium  alloy  would  be 
chosen  where,  conventionally,  a  damage  tolerant  material  such  as 
2024-T3  would  have  been  used.  Whilst,  in  design  terms,  this  concept 
might  well  prove  to  be  extremely  effective  allowing  easy  embodiment 
of  the  new  alloys,  it  has  the  disadvantage  of  producing  a 
requirement  for  the  new  alloys  to  meet  many,  quite  different,  alloy 
specifications.  For  example,  aluminium  alloys  are  used  at 
relatively  low  strength  levels,  in  a  damage  tolerant  role,  at 
intermediate  strength  levels  as  a  general  engineering  material, 
where  perhaps  specific  stiffness  might  be  most  important  and, 
finally,  there  is  a  relatively  wide  range  of  high  strength  alloy 
variants. 

The  distribution  of  usage  of  alljys  in  these  three  categories  is 
illustrated  [  Table  2  ],  Because  aluminium  alloys  are  used  in  a 
variety  of  product  forms  including  sheet,  plate,  extrusion, 
forgings  and  tubes  etc.  the  problem  is  compounded  into  a 
requirement  for  all  these  product  forms  operating  at  the  different 
property  levels  outlined.  Additionally,  individual  aerospace 
companies,  as  potential  users  of  the  material,  have  raised  their 
own  house  specifications  often  subtly  different  from  those  of  their 
competitors.  The  complexity  of  the  situation,  as  perceived  for  the 
UK  alloys,  is  illustrated  [  Fig. 4  J  but  the  same  mutiplicity  of 
option  faces  all  the  other  aluminium-lithium  alloy  suppliers, 
further  compounding  the  problem  of  too  many  alloys  in  too  many 
forms . 

Cost  of  Material  and  Manufacture 

The  second  major  issue  in  conceptual  design  terms  is  the  cost  of 
manufacture  using  aluminium-lithium  alloys.  Conventional  aluminium 
alloys  have  dominated  in  the  manufacture  of  aircraft  structure  for 
decades  perhaps  because  of  their  combination  of  good  technical 
properties,  low  material  cost  and  relative  ease  of  manufacture. 
Whilst  the  debate  will  continue,  as  to  the  relative  technical 
merits  of  non-metallic  versus  metallic  airframe  construction, 
ultimately  decisions  on  the  applications  of  these  new  materials 
will  probably  be  based  on  cost  of  manufacture.  In  this  respect 
advanced  composites,  both  metallic  and  non-metallic,  and  aluminium- 
lithium  alloys  are  intrinsically  expensive  materials.  With  the 
addition  of  up  to  3%  by  weight  lithium,  these  new  alloys  would 
appear  to  have  to  carry  a  premium  of  at  least  100%  in  the  cost  of 
the  raw  material.  It  is  clear  that  the  efficiencies  of  production 
and  of  utilisation  of  this  more  expensive  material  must  better 
those  of  conventional  aluminium  alloys,  if  at  all  possible,  to 
attempt  to  offset  the  initial  premium  on  material  cost.  At  present 


ingot  sizes  are  relatively  small  and  production  routes  somewhat 
specialised  but,  in  principle,  improvements  in  this  area  do  not 
appear  to  be  impossible  since  considerable  attention  has  been  given 
to  fabrication  processes  during  production,  forming  and  finishing 
techniques  and  associated  heat  treatment  practices.  Moreover,  the 
predicted  relatively  high  cost  of  the  aluminium-lithium  alloys  has 
concentrated  attention  on  product  forms  that  potentially  can  yield 
high  levels  of  utilisation  such  as  extrusions,  sheet  and  die 
forgings  and  somewhat  discouraged  the  development  of  thick  plate. 

Detailed  considerations  of  the  effects  of  material  cost  in  the  cost 
of  aircraft  manufacture  reveal  that,  in  addition  to  utilisation 
rate,  the  intrinsic  value  of  the  scrap  that  is  produced  is  a  major 
issue.  Significant  efforts  have  been  made  to  generate  a  scrap 
recovery  system  for  the  emerging  aluminium-lithium  alloys  and  to 
develop  cost  effective  technology  for  the  reclamation  of  the 
valuable  ingredients  of  the  alloys  for  re-use  (12).  Considering 
that  major  airframe  manufacturers  may  well  convert  half  of  the 
aluminium-lithium  alloy  that  they  purchase  to  scrap  and  that,  if 
all  continues  successfully,  they  may  well  be  purchasing  thousands 
of  tonnes  of  metal  per  year,  it  can  be  seen  that  this  issue  is  of 
major  importance.  The  scrap  cycle  is  illustrated  [  Fig. 5  ] 
following  the  paper  of  Little  (13). 

ALLOY  CHEMISTRY  AND  MANUFACTURING  METHODOLOGIES 

Alloy  Chemistry 

A  range  of  new  aluminium  alloys  containing  lithium  has  slowly 
evolved  over  the  last  decade.  In  addition  to  the  Al-Mg-Li  alloys 
cypified  by  the  Russian  development  of  1420  alloy,  the  Al-Cu-Li 
alloy  originally  developed  in  North  America  as  2020  has  been 
extended  to  greater  lithium  concentrations  in  the  newer  2090  alloy. 
The  Al-Cu-Mg-Li  series  was  found  to  offer  promise  by  research  on 
both  sides  of  the  Atlantic  and  alloys  such  as  2091  and  8090  have 
developed,  although  the  latter  should  be  strictly  described  as  an 
Al-Li-Cu-Mg  alloy.  The  compositions  of  these  alloys  are  listed 
[  Table  1  ]  with  their  densities.  It  can  be  seen  that  the  two 
development  themes  earlier  identified  have  continued.  Those,  with  a 
higher  lithium  addition  such  as  1420  or  8090,  are  aimed  at 
maximising  the  density  reduction  by  lithium  addition,  whilst  those 
such  as  2020  or  Weldalite  seek  to  exploit  trace  element  effects  of 
the  addition  of  the  lithium  in  perhaps  inducing  greater  levels  of 
precipitation.  Whilst  attention  in  this  paper  is  focussed  on 
registered  alloys  undergoing  commercialisation  it  should  be 
realised  that  they  represent  a  very  small  selection  from  a  very 
large  body  of  candidate  alloys,  too  large  to  be  encompassed  in 
detail  in  this  paper. 

Alloys  developed  specifically  to  suit  manufacturing  routes  that  can 
exploit  rapid  solidification  technology  and  mechanical  alloying 
practice  should  also  be  included  and  a  limited  selection  is  listed. 
Once  again  the  list  of  experimental  alloys  disclosed  in  the 
literature  is  large. 


Finally,  it  may  be  the  case  that  future  developments  (14)  might  see 
the  use  of  aluminium-lithium  alloys  as  the  basis  of  metal  matrix 
composites  reinforced  with  the  addition  of  ceramic  material  in 
particulate  or  fibre  forms. 

Ingot  Manufacturing  Technology 

It  should  be  understood  that  the  new  aluminium- lithium  alloys  have 
been  primarily  aimed  at  the  bulk  airfarme  manufacturing  market 
which,  inevitably,  requires  the  routine  production  of  large 
quantities  of  metal,  often  in  relatively  large  pieces,  that  is  an 
ingot  manufacturing  route  is  seemingly  required.  However,  the  high 
reactivity  of  lithium,  especially  when  present  in  molten  aluminium 
alloy,  with  atmospheric  oxygen  and  water  vapour  has  caused 
considerable  production  difficulties.  These  include  very  rapid 
reaction  at  melt  surfaces  with  the  potential  for  inclusion  of 
oxides,  nitrides  and  carbonates  in  the  melt,  the  reaction  of  the 
melt  with  foundry  materials,  crucibles,  linings  and  moulds  and 
apparently  an  increased  explosion  risk  (15).  The  manufacturers  have 
clearly  had  to  develop  methods  to  control  the  reaction  of  lithium 
with  the  atmosphere  in  the  casting  process.  The  results  of  a  large 
body  of  trial  explosions  conducted  jointly  by  Alcan,  RAE  and  the 
University  of  Aston  to  assess  the  sensitivity  of  the  reactions 
between  molten  aluminium-lithium  alloys  and  water  must  remain 
mainly  proprietary,  but  the  effect  of  lithium  in  reducing  the 
surface  tension  of  the  molten  alloy  immersed  in  water  can  be  seen 
[  Fig. 6  ]. 

Rapid  Solidification  Technology  and  Mechanical  Alloying. 

Alternative  routes  for  production  have  also  been  developed  (16-18) 
including  spray  and  jet  casting,  powder  metallurgy  and  mechanical 
alloying,  in  part  to  circumvent  some  of  the  ingot  metallurgy 
production  difficulties  and  partly  to  attempt  to  take  some  benefits 
from  the  extra  alloying  potential  of  rapid  solidification  and 
related  techniques.  In  discussing  the  value  of  these  more  elaborate 
production  techniques,  two  features  seem  to  require  investigation. 
Namely,  whether  the  advanced  production  route  circumvents 
production  difficulties,  such  as  the  inclusion  of  flux  or  oxides  in 
casting,  or  introduces  more  problems  of  its  own  such  as  the 
inclusion  of  oxide  stringers  derived  from  the  particle  surfaces  for 
example.  Secondly,  whether  the  increase  in  cost  normally  associated 
with  a  more  advanced  technique  is  justified  by  an  increase  in 
properties  of  value  to  the  structural  designer.  Some  of  the 
properties  of  the  current  alloys  produced  by  these  advanced 
techniques  are  included  later  and  it  can  be  seen  that,  in  general 
terms,  their  balance  of  properties  is  somewhat  similar  to  those  of 
the  ingot  metallurgy  material,  i.e.  whilst  there  may  be  some 
significant  gains  in  the  area,  for  example,  of  stress  corrosion 
resistance  (18)  there  are  losses  in  fracture  toughness  or 
resistance  to  fatigue  crack  growth.  Strength  levels  and  density 
reductions  appear  to  be  aimed  at  the  same  levels  for  ingot 
metallurgy  and  rapid  solidification  materials. 
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Indeed,  to  some  extent,  the  performance  of  the  alloys  can  be  judged 
to  be  independent  of  the  method  of  manufacture  such  that  there  is 
some  evidence  (16),  for  example,  that  8090  Al-Li-Cu-Mg  alloy  can  be 
produced  via  the  ingot  metallurgy  route  or  by  spray  casting  to 
yield  similar  properties.  It  may  be  that,  at  least  in  the  author's 
opinion,  rapid  solidification  per  se  is  of  little  intrinsic  value 
in  the  aspect  of  increasing  the  lithium  content  in  aluminium- 
lithium  alloys  because  the  limiting  feature  is  not  a  lack  of  solid 
solubility  but  the  damaging  nature  of  the  addition  of  lithium  to 
the  mechanical  properties.  That  is  ingot  alloys  already  contain  in 
the  region  of  10%  lithium  (atomic)  at  the  tops  of  their  composition 
ranges.  To  achieve  significant  density  reductions  by  the  addition 
of,  for  example,  15%  lithium  would  produce  major  property 
reductions,  particulary  fracture  toughness.  Materials  that  are 
mechanically  alloyed  would  appear  to  be  optimised  (18)  for  the 
process  which  is  expected  to  include  oxides  and  carbides  in  the 
material  and  possess  natural  limitations  to  the  composition  that 
may  be  successfully  alloyed  as  a  consequence  of  its  processing 
route . 

There  remains  the  special  issue  as  to  the  potential  of  the  rapid 
solidification  routes  to  improve  the  performance  of  aluminium- 
lithium  alloys  at  elevated  temperatures.  This  is  addressed,  to  some 
extent,  in  the  Section  on  elevated  temperature  properties. 
Additionally,  it  may  be  the  case  that  the  combination  of 
particulate  reinforcement  and  an  aluminium-lithium  alloy  matrix 
will  produce  a  very  high  performance  metal  matrix  composites, 
suitable  for  high  temperature  applications  (14).  These  materials 
are  judged  to  be  beyond  the  scope  of  the  present  paper.  Whatever 
route  is  chosen  for  production  of  the  new  aluminium-lithium  alloys, 
it  is  imperative  that  the  metallurgical  quality  of  the  ingot  or 
billet  is  sound  to  enable  premium  quality  aerospace  materials  to  be 
produced.  In  the  author's  opinion,  it  is  in  this  aspect  that  most 
proDlems  have  arisen. 


Oxidation  and  Lithium  Loss 

One  of  the  root  causes  of  many  of  the  production  difficulties 
would  seem  to  remain  the  rapid  oxidation  of  the  lithium  content  of 
the  molten  alloy.  Even  in  the  solid  state,  loss  of  lithium  by 
oxidation  at  the  surface  has  posed  problems.  The  combined  reduction 
of  lithium  and  magnesium  contents  at  the  surfaces  of  metal  heat 
treated  at  high  temperatures  has  led  to  the  formation  of  what  are 
now  referred  to  as  ”  lithium  depletion  zones  •'  in  which  the  grain 
structure  of  the  alloys  can  be  seen  to  be  coarsened  and  the  micro¬ 
hardness  reduced  [  Fig. 7  ].  Tne  surface  zone  of  reduced  solute 
content  and  coarsened  grain  could  well  deleteriously  affect  the 
strength  of  thin  sheet  products  and  there  have  been  several  studies 
quantifying  the  rates  of  lithium  depletion.  The  presence  of  water 
vapour  in  the  atmosphere  of  the  heat  treatment  furnace  seemingly 
increases  the  rate  of  reaction  considerably  and  can  lead  to  the 
formation  of  lithium  hydride  (21).  However,  this  understanding  has 
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enabled  thin  sheet  products  to  be  produced  and  heat  treated 
successfully  without  significant  degredation  in  properties  and, 
most  encouragingly,  there  have  been  confirmed  reports  (22)  that  the 
presence  of  a  lithium  depleted  zone  does  not  apparently  adversely 
affect  the  fatigue  performance  of  the  sheet  metal.  [  See  Section  on 
Damage  Tolerance  ] 

A  related  concern,  to  those  of  claimed  added  explosion  risks  in  the 
foundry  and  of  lithium  depletion,  has  been  the  performance  of  the 
materials  in  high  temperature  salt  baths.  Here  it  had  been  surmised 
that  lithium  contamination  of  the  baths  might  produce  a 
deleterious  build-up  of  lithium  salts  in  the  bath  or  that  the 
alloys  might,  in  some  way,  cause  an  instability  in  the  bath,  even 
an  explosion.  Carefully  staged  trials  (23)  of  aluminium-magnesium 
and  aluminium-lithium  alloys,  the  latter  containing  up  to  10  wt% 
lithium  addition,  revealed  that  instability  occurred  in  the  baths 
when  the  bath  temperature  was  sufficient  to  melt  the  alloy  being 
heat  treated.  In  the  respect  that  the  melting  points  of  ♦•''e 
aluminium-lithium  alloys  were  significantly  higher  than  jse  of 
the  aluminium-magnesium  alloys,  the  lithium-bearing  alloys  could  be 
deemed  safer  than  the  conventional  alloys.  In  the  further  respect 
that  the  melting  points  of  the  aluminium-lithium  alloys  exceed  the 
safe  maximum  working^ temperatures  prescribed  for  the  nitrate  salt 
baths,  typically  550 °C,  it  could  be  stated  that  no  new  problem  had 
been  uncovered  beyond  the  normal  requirements  for  the  safe 
operation  of  heat  treatment  salt  baths. 

There  remains  the  general  concern  in  the  aluminium  alloy  industry 
that  contamination  of  conventional  alloys  by  aluminium-lithium 
scrap  will  affsct  the  properties  of  the  conventional  materials  and 
a  series  of  proprietary  trials  have  investigated  this  point. 

Perhaps  most  at  risk  are  special  product  forms  such  as  welding 
wire,  where  the  presence  of  lithium  contamination  could  prove 
critical  and  sheet  and  foil  with  highly  polished  finishes  that  may 
prove  to  be  vulnerable  to  blooming  caused  by  the  rapid  oxidation  of 
lithium  contamination.  These  issues  have  been  studied  and  are  to 
some  extent  controlled  by  the  management  of  lithium  containing 
scrap  and  to  some  extent  of  less  consequence  than  f^rst  feared. 

PHYSICAL  PROPERTIES 

Three  physical  features  of  aluminium-lithium  alloys  require 
particular  comment.  Firstly,  significant  attributes  are  the 
reduction  in  density  and  the  increase  in  elastic  modulus  achieved 
with  the  addition  of  lithium  to  aluminium  alloys. 

Currently,  commercial  alloys  contain  up  to  approximately  10%  atomic 
concentrations  of  lithium  (equating  to  approximately  2.75%  by 
weight)  producing  a  density  reduction  of  approximately  10%  because 
of  the  very  low  density  of  lithium  (  0.53  g/cc  ). 

To  aid  in  the  prediction  of  alloy  density  from  composition  or  in 
checking  alloy  composition,  in  particular  lithium  content,  from 
density,  the  author  developed  the  following  expression  (24)  for 
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alloy  density  by  assuming  that  each  elemental  addition  would 
contribute  mass  and  volume  in  accord  with  its  concentration  and 
individual  density: - 

Density,  g/cc  =  2.71  -  0.079Li  +  0.0245CU  -  O.OlOMg  +  O.OlSZn 

where  the  atomic  symbols  represent  the  concentration  of  those 
elements  in  weight  percent.  This  formula  has  proved  sufficiently 
accurate  to  predict  densities  to  ±  0.005  g/cc  and  a  plot  of 
predicted  densities  against  those  determined  practically  is 
included  [  Fig. 8  ].  The  great  value,  in  terms  of  saving  weight  in 
new  designs,  by  exploiting  reduced  densities  should  perhaps  be 
restated,  noting  that  alloy  chemistries  have  been  included  in  this 
plot  that  extend  the  density  reduction  beyond  that  achieved  with 
1420  or  8090  alloys. 

The  increase  in  modulus  with  lithium  addition  is  also  well 
documented  and  the  mechanism  of  the  increase  has  also  been 
addressed  to  some  extent  (25).  The  levels  of  lithium  addition 
achieved  in  practical  alloys  would  appear  to  limit  the  achievable 
modulus  to  approximately  80  GPa  [  Fig. 9  ].  Further  extensions 
beyond  this  level  would  appear  to  require  the  use  of  rapid 
solidification  techniques  or  additions  of  ceramic  reinforcements. 

It  would  appear  that  the  elastic  modulus  of  the  aluminium-lithium 
alloys  is  reduced  slightly  and  continuously  by  artificial  ageing, 
consistent  with  the  principal  stiffening  influence  of  the  lithium 
addition  being  in  solid  solution  form  [  Fig. 10  ]  and  by  elevation 
of  the  test  temperature. 

The  addition  of  10%  (atomic)  lithium  also  has  a  marlced  effect  on 
thermal  and  electrical  conductivities  [  Table. 3,  Figs. 11  and  12  ]. 
The  reduction  of  electrical  conductivity  to  approximately  half  that 
of  a  conventional  aluminium  alloy  (24)  could  potentially  pose 
problems  in  the  performance  of  structure  struck  by  lightning.  For 
example,  if  the  minimum  gauge  of  sheet  permitted  is  controlled  by 
electrical  conductivity  to  withstand  lightning  strikes  then  the 
weight  loss  achieved  with  the  application  of  aluminium-lithium  may 
be  lost  by  the  need  to  increase  gauge  for  conductivity  reasons.  Low 
thermal  conductivity  may  also  produce  some  difficulties  in  terms  of 
the  length  of  time  required  for  heat  treatment  and  in  limiting 
gauges  of  metal  that  can  be  used  without  problems  of  quench 
sensitivity.  The  quench  sensitivity  of  the  current  alloys  has  been 
studied  in  some  detail  and  it  would  appear  that  the  richer  alloys 
are  vulnerable  to  the  precipitation  of  copious  quantities  of 
embrittling  T1  phase  amongst  others  (26,27). 

MECHANICAL  PROPERTIES 

It  was  indicated  previously  that  several  categories  of  aluminium- 
lithium  alloys  could  be  selected  on  the  basis  of  their  mechanical 
properties  i.e.  low  strength  alloys  with  high  toughness  or  damage 
tolerance,  medium  strength  and  high  strength  alloys.  The  necessity 
for  this  selection  of  categories  arising  from  the  natural  inverse 
relationship  of  properties  such  as  toughness  and  strength. 
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Damage  Tolerant  Alloys 

Two  materials  would  appear  to  be  contending  in  the  important 
category  of  damage  tolerant  alloys  suited  for  potential 
applications  such  as  lower  wing  skins  and  fuselage  skinning.  These 
are  both  Al-Cu-Mg-Li  alloys,  2091  and  8090,  and  both  are  seemingly 
capable  of  producing  high  toughness  at  modest  strength  levels 
(28,29).  Additionally,  both  offer  extremely  good  resistance  to 
fatigue  crack  growth  under  representative  conditions.  This  latter 
aspect  being  most  important,  being  a  major  attraction  of  the 
incumbent  2024-T3  alloy  which,  if  they  are  to  be  successful,  the 
new  alloys  must  replace.  Two  types  of  grain  structure,  with  subtly 
different  properties  should  be  included.  Sheet,  would  seem  to  offer 
the  best  combination  of  damage  tolerance  properties  when 
recrystallised  and  in  an  under-aged  condition.  Thicker  gauges,  such 
as  thin  plate  or  extruded  material  would  seem  to  be  offered  in  an 
un-recrystal lised  and  under-aged  condition.  The  gauge  at  which  the 
change  in  structure  occurs  is  dependent  upon  the  manufacturer  and 
the  alloy.  Controlled  stretching,  before  ageing,  appears  to  be 
beneficial  to  the  combination  of  strength  and  fracture  toughness. 
Tensile  properties  for  these  two  damage  tolerant  alloys  are 
included  [  Table. 4  ]  for  the  T81/T8151,  stretched  and  aged 
conditions.  However,  it  should  be  noted  that,  by  accepting  a 
reduction  in  strength  level,  2091  can  be  used  in  a  naturally  aged 
condition  to  produce  a  high  level  of  fracture  toughness  and 
relative  ease  of  manufacture,  potentially  suitable  for  damage 
tolerant  applications  where  strength  is  not  critical.  On  the  other 
hand,  the  lighter,  more  dilute  8090  (in  terms  of  copper  and 
magnesium  contents)  proves  to  be  more  stable  enabling  forming  to  be 
conducted  in  the  T3  condition  with  greater  ease. 

The  key  aspects  of  fracture  toughness,  represented  by  the  Kr,  crack 
resistance  curve,  and  the  resistance  to  fatigue  crack  growth  are 
summarised  in  comparison  to  the  performance  of  clad  2024-T3  sheet 
(  Figs. 13-16  ].  It  can  be  seen  (28-32)  that  both  the  selected 
aluminium-lithium  alloys  can  offer,  potentially,  a  very  high 
resistance  to  fatigue  cracking  under  constant  amplitude  conditions 
and  to  fast  fracture  of  long  cracks,  i.e.  good  fracture  toughness. 
The  very  high  fracture  toughness  levels  achieved  in  conventional 
damage  tolerant  alloys  and  in  the  new  aluminium-lithium  alloys  has 
enforced  the  use  of  very  large  test  pieces  to  attempt  to  obtain 
validity  in  Linear  Elastic  terms.  Plane  stress  Kr  curves  have  now 
been  obtained  by  several  independent  bodies  (33,34),  including 
those  for  panels  up  to  2ra  in  width  obtained  by  RAE.  Plane  strain 
fracture  toughness  results  are  frequently  found  to  be  invalid 
because  of  the  limitations  imposed  on  test  piece  size  by  plate 
gauges,  but  Kq  values  can  be  quoted  at  representative  gauges  for 
potential  applications. 

It  seems  to  be  clearly  established  that  the  resistance  of  the 
aluminium-lithium  alloys  to  fatigue  crack  growth  under  constant 
amplitude  loading  is  significantly  better  than  that  exhibited  by 
the  conventional  alloys.  It  is  seeemingly  the  case  that  the  reasons 
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for  this  improved  resistance  to  fatigue  crack  growth  stem,  in  part, 
from  the  increased  level  of  elastic  modulus  but,  principally,  from 
the  propensity  of  the  alloys  to  undergo  plastic  deformation  in  a 
planar  slip  mode  (35-38).  That  is,  in  the  fatigue  crack  growth 
process,  the  plastic  deformation  is  concentrated  on  slip  planes  of 
preferred  crystallographic  orientations  producing  facetted  fatigue 
crack  fractures  and  crack  growth  at  acute  angles  to  the  loading 
direction.  This  type  of  fracture  occurs  in  a  most  pronounced  manner 
at  levels  of  stress  intensity  factor  where  the  plastic  zone  size  is 
of  the  order  of  the  grain  size  of  the  alloy  and  seems  to  be 
maximised  for  the  T-L  stressing  orientation.  The  tortuous  crack 
path  increases  the  liklihood  of  crack  closure  effects  on  the 
unloading  portion  of  the  fatigue  cycle  and  as  such  the  advantages 
of  the  lithium  containing  alloys  over  the  conventional  diminish  at 
high  mean  stresses.  The  appearance  of  this  tortuous  crack  path, 
crack  closure  and  shielding  effects  therefore  control  the  extent  to 
which  the  aluminium-lithium  alloys  can  outperform  the  conventional 
in  fatigue  crack  growth  resistance  and  features  such  as  stress 
level  and  crack  length,  stress  ratio,  programme  loading  and 
environment  will  all  prove  important  in  controlling  crack  growth 
rates. 

Of  particular  importance,  in  the  author's  opinion,  is  the 
resistance  of  the  aluminium-lithium  alloys  to  the  growth  of  fatigue 
cracks  at  low  levels  of  stress  intensity  factor,  whether  at  long  or 
short  crack  lengths.  This  .is  because  in  the  practical  situation  of 
the  initiation  and  growth  of  many  small  cracks  at  neighbouring 
fastener  holes,  the  short  crack  growth  behaviour  will  determine,  to 
a  large  extent,  the  all-critical  crack  growth  life.  A  distinction 
needs  to  be  drawn  between  the  short  and  long  crack  situations, 
since  for  long  cracks  the  advantage  of  the  lithium-bearing  alloys 
is  maintained  whilst  in  the  situation  of  short  cracks,  close  to  the 
origin,  the  crack  deviation  and  shielding  mechanisms  do  not 
necessarily  produce  such  low  crack  growth  rates  (39,40).  However, 
further  work  may  well  be  required  in  this  area  because  many  studies 
of  short  crack  growth  behaviour  naturally  use  field  stresses  that 
are  high  in  relation  to  general  levels  of  stress  applied  in 
practical  structures  and,  for  example  the  use  of  J  integral  rather 
than  linear  elastic  fracture  mechanics  has  been  found  to  be  more 
appropriate  (40).  Studies  (41-44)  have  also  been  conducted  into  the 
resistance  of  these  new  alloys  under  programmed  load  conditions  and 
in  environments,  more  aggressive  that  the  conventional  laboratory 
air.  It  would  seem  that,  to  some  extent,  both  the  application  of 
mixed  loading  levels,  in  the  programmed  load  sequences,  and  the 
presence  of  an  aggresive  environment  speed  up  the  rates  of  fatigue 
crack  growth  relative  to  the  2024-T3  control  alloy.  However,  in 
many  cases,  the  aluminium-lithium  alloys  maintain  an  advantage  over 
the  existing  alloys  but  perhaps  on  a  reduced  level.  In  the  case  of 
programmed  loading,  it  can  be  seen  from  the  constant  amplitude 
loading  data  that  the  crack  deviation  effects  are  maximum  at 
intermediate  levels  of  stress  intensity  factor,  associated  with  a 
critical  size  of  plastic  zone,  and  that  a  combination  of  programmed 
cycles  at  stress  intensity  levels  above  and  below  this  critical 
regime,  as  well  as  in  it,  may  well  produce  a  crack  straightening 


effect.  That  is,  in  particular,  occasional  cycles  of  high  range  in 
stress  intensity  factor  might  well  straighten  a  deviant  crack,  the 
effects  of  the  application  of  many  small  cycles  being  less  obvious. 
In  this  respect  it  is  claimed  (45)  that  the  inclusion  of  single 
compressive  overloads  is  significantly  more  damaging  to  the  fatigue 
crack  growth  resistance  of  2090  than  to  conventional  alloys  but 
that  the  response  to  tensile  overloads  is  better.  However, 
compression  dominated  programme  loaded  spectra  can  still  show 
advantages  for  aluminium-lithium  alloys  against  conventional 
control  alloys. 

It  would  appear  that,  in  terms  of  resistance  to  fatigue  crack 
growth,  the  aluminium-lithium  alloys  appear  to  possess  a  distinct 
advantage  over  the  conventional  damage  tolerant  materials, 
especially  when  the  constant  amplitude  case  is  considered.  It  could 
be  argued  that  it  is  this  constant  amplitude  cycling  that  is  most 
important  in  that  it  represents  the  ground- air-ground  aircraft 
cycle  which  can  produce  a  predominant  contribution  to  the 
accumulation  of  aircraft  fatigue  damage. 

Whilst,  on  a  microscopical  scale  this  effect  of  planar  slip  on  the 
nature  of  fatigue  crack  growth  has  given  the  aluminium-lithium 
alloys  a  distinct  advantage,  the  combination  of  the  propensity  to 
planar  slip  and  a  pronounced  crystallographic  texture  would  seem  to 
give  rise  to  longer  range,  macroscopic  crack  turning  effects  which 
may  be  cause  problems  in  structures,  where  a  prediction  of  crack 
growth  direction  is  of  importance  (46).  That  is  examples  have  been 
produced,  for  all  of  the  commercial  alloys,  of  fatigue  cracks  that 
produce  a  major  change  in  growth  direction  away  from  the  normal  to 
the  applied  stress.  It  would  seem  that  the  control  of 
crystallographic  texture  can  induce  or  prevent  this  effect  in 
recystallised  sheet  according  to  the  strength  of  the  texture.  This 
is  illustrated  [  Fig. 17  ]  for  three  sheets  of  8090-T81  alloy  with 
selected  crystallographic  textures.  Crack  turning  would  seem  to  be 
related  to  the  strength  of  the  texture  and  techniques  that  reduce 
the  textural  intensity  seem  to  prevent  crack  turning,  but  the  exact 
mechanism  of  the  phenomenon  is  still  being  sought. 

In  terms  of  conventional  fatigue  life,  S-N  data,  which  is  dominated 
by  crack  initiation  behaviour,  aluminium- lithium  alloys  appear 
(47,48)  to  behave  as  any  conventional  aluminium  alloy,  that  is 
their  performance  is  controlled  by  aspects  of  surface  quality  and 
the  acuity  of  surface  stress  concentrations  [  Figs. 18,19  ].  It 
would  appear  (49,50)  that,  in  the  respect  of  their  sensitivity  to 
local  chemical  attack  during  anodising  or  pickling  for  example,  the 
aluminium-lithium  alloys  are  less  sensitive  than  some  of  their 
conventional  counterparts.  This,  in  practice,  may  well  lead  to 
small  benefits  in  fatigue  life  for  components  given  conventional 
workshop  finishes.  Similarly,  the  new  alloys  appear  to  respond  to 
techniques  such  as  cold  working  of  the  surface  of  notches  or  holes 
to  improve  fatigue  resistance  and  they  seem  no  more  susceptible  to 
fretting  fatigue  (51).  Only  a  few  studies  of  the  performance  of  the 
alloys  in  joints  are  available  (52,53)  that  of  Zink  et  al  indicates 
that  that  of  damage  tolerant  8090  can  equal  or  better  that  of  2024. 
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In  studying  the  effects  of  surface  quality  on  fatigue  life,  several 
definitive  studies  (54-55)  have  been  made  on  the  effects  of  lithium 
depletion  on  fatigue  life,  stemming  from  concerns  that  soft  surface 
layers,  such  as  pure  aluminium  cladding  on  conventional  alloys, 
significantly  reduce  fatigue  strengths  [  Fig. 20  ].  These  studies 
seem  to  show  that  lithium  depletion  does  not  significantly  reduce 
fatigue  strength,  certainly  in  the  case  of  tension-tension 
stressing,  although  there  are  some  indications  that,  under  the 
extreme  conditions  of  bending  stressing,  some  effects  of  the 
depletion  layer  can  be  detected.  Nevertheless,  it  would  appear  to 
be  the  case  that  under  notched  or  plain  fatigue  conditions, 
aluminium-lithium  alloys  are  likely  to  perform  as  well,  if  not 
better,  than  conventional  alloys.  At  present,  it  is  not  advised 
that  fatigue  working  stresses  are  increased  for  aluminium-lithium 
alloys  beyond  the  level  that  would  be  applied  for  conventional 
alloys  despite  their  apparently  increased  fatigue  performance. 

Medium  Strength,  High  Stiffness  Alloys 

A  considerable  proportion  of  an  aircraft  structure  is  constructed 
of  medium  strength  general  purpose  alloy,  typified  by  2014-T6  or 
perhaps,  2024-T8.  In  many  cases,  stiffness  is  a  critical  property 
in  this  category  as  may  also  be  the  limitations  imposed  by  minimum 
gauge.  That  is,  with  the  thinner  gauges  of  sheet  material, 
structure  may  well  become  stiffness  critical  and  strength  levels 
and  fatigue  performance  are  unimportant,  provided  they  exceed  a 
certain  minimum  level.  High  strength  levels  may  be  of  little  use, 
because,  to  exploit  very  high  strength  levels,  very  thin  metal  may 
be  required  (  e.g.  <  0.3mm  thick  ),  thinner  than  can  sensibly  be 
manufactured  or  assembled  into  structure.  With  their  reduced 
density  and  increased  stiffness,  aluminium-lithium  alloys  appear 
very  attractive  in  this  category.  Comparison  of  the  specific 
stiffness  of  some  selected  aluminium-lithium  alloys  with 
conventional  alloys  is  made  [  Fig. 21  ]  revealing  a  251  advantage 
over  conventional  aluminium-zinc  alloys.  Advantage  of  the  increased 
stiffness  and  low  density  can  also  be  taken  in  structure  that  is 
prone  to  elastic  buckling,  where  approximately  15%  weight  savings 
can  be  made. 

Achievement  of  the  required  levels  of  strength  in  the  medium 
strength  category  can  be  obtained  from  a  range  of  alloys  and  heat 
treatment  practices  (56-58)  [  Table. 5  ].  Seemingly  both 
recrystallised  and  un-recrystallised  sheet  and  extrusion  can 
produce  the  required  performance,  but  plate  and  forgings  would 
normally  be  unrecrystallised.  The  major  requirement  has  been  to 
attempt  to  balance  the  properties  of  these  alloys  to  optimise  the 
combination  of  strength,  toughness  and  corrosion  performance.  In 
terms  of  the  usual  design  properties  such  as  strength  and  toughness 
in  the  longitudinal  and  transverse  directions,  few  problems  exist. 
However,  a  closer  inspection  reveals  problems  with  pronounced 
anisotropy  in  property  levels,  particularly  in  unrecrystallised 
sheet,  such  that  in  extreme  cases,  a  100  MPa  drop  in  strength  can 
be  observed  (59)  at  angles  in  between  the  longitudinal  and 
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transverse  [  Fig. 22  ].  This  effect  afflicts  all  the  aluminium- 
lithium  alloys  produced  by  the  ingot  metallurgy  route  to  variable 
extents  that  depend  upon  the  degree  of  recrystallisation  and 
precipitation.  That  is,  it  is  once  again  the  result  of  the 
combination  of  a  propensity  to  planar  slip  and  the  presence  of  a 
strong  crystallographic  texture. 

Recrystallisation  reduces  the  anisotropy  significantly  in  the  case 
of  sheet  [  Fig. 23  ]  and  heavy  precipitation  of  phases  such  as  the  S 
phase  (A12CuMg)  can  be  used  to  block  planar  slip  producing 
isotropic  behaviour.  The  use  of  stretching,  before  ageing,  and 
duplex  precipitation  treatments  (60)  can  encourage  this  type  of 
desired  precipitation  and  is  the  more  effective  in  plate  and 
extrusions,  where  stretching  before  ageing  is  virtually  universally 
applied.  The  anisotropy  of  tensile  properties  and,  to  some  extent, 
of  fatigue  properties  has  been  checked  in  plate  material  both  in 
terms  of  variation  of  properties  in  the  plane  of  the  plate  and  in 
terms  of  variation  in  planes  tested  at  selected  levels  through  the 
plate  (61).  In  common  with  other  thick  section  alloys  grain  refined 
with  a  zirconium  addition,  variations  have  been  found,  but,  as  with 
the  conventional  alloys  the  lowest  property  levels  measured,  appear 
to  just  achieve  the  specified  miniuroum  property  levels  required. 

In  thicker  section  materials  further  problems  arise  in  the  need  to 
obtain  high  performance  in  the  short  transverse  direction.  Tensile 
ductility,  fracture  toughness  and  stress  corrosion  performance  are 
the  obvious  measures  of  quality,  but  short  transverse  fatigue 
strength  and  fatigue  crack  growth  resistance  have  also  been 
checked.  There  seems  little  doubt  that  acceptably  good  levels  of 
short  transverse  ductility  have  been  reproducibly  obtained 
[  Table. 5  ]  but  also  that,  on  occasions,  the  ductility  in  this 
direction  falls  to  zero  reflecting  difficulties  in  obtaining  the 
desired  quality  of  material  in  the  cast  ingots.  Poor  ductility  in 
this  direction  is  associated  with  reduced  strength  as  is  common 
with  all  ductile  metallic  materials. 

The  fatigue  strengths  and  resistance  to  fatigue  crack  growth  in  the 
short  transverse  direction  do  not  seem  to  be  deficient.  Indeed,  in 
comparison  with  conventional  alloys  produced  and  finished  with 
representative  pickling  and  anodising  treatments,  the  aluminium- 
lithium  alloys  seem  to  be  at  least  as  good,  if  not  better  than  the 
high  strength  aluminium-zinc  alloys  that  provided  a  natural 
comparison  [Fig. 24  ].  In  this  respect,  the  low  level  of  quench 
sensitivity  exhibited  by  the  dilute  8090  alloy  has  proved  a  major 
benefit.  The  situation  with  regard  to  short  transverse  fracture 
toughness  is  not  so  clearly  satisfactory  however.  Whilst  acceptable 
levels  of  S-L  fracture  toughness  in  excess  of  18  MPaym  have  been 
demonstrated  and,  on  occasion,  high  levels  approaching  30  MPaVm 
have  proved  possible,  there  remains  the  general  concensus  that  the 
short  transverse  toughness  of  aluminium-lithium  alloys  is  lower 
than  that  of  the  conventional  alloys  at  the  same  strength  level.  In 
the  author's  opinion  it  would  seem  that  obtaining  high  toughness  in 
this  direction  has  proved  possible,  establishing  that  there  is  no 
fundamental  inader,uacy  in  the  aluminium-lithium  alloy  system,  but 
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that  the  high  level  of  variabilty  demonstrated  indicates  a  certain 
lack  of  understanding  and  metallurgical  control.  Some  of  this 
variability  may  well  stem  from  data  obtained  with  early  cast 
material,  in  which  the  ingot  quality  might  legitimately  be 
questioned  and  in  this  particular  circumstance  poor  toughness  can 
be  correlated  with  poor  short  transverse  ductility.  However,  there 
remain  problems  even  in  plate  with  demonstrably  good  quality. 
Firstly,  it  can  be  seen  that  short  transverse  fracture  toughness 
decays  with  artificial  ageing.  This  is  common  to  all  high  strength 
aluminium  alloys  that  are  precipitation  hardened.  After  a  period  of 
ageing  the  S-L  toughness  appears  to  reach  a  low  plateau  value  and 
little  change  occurs  thereafter  (62)  [  Fig. 25  ].  In  this  respect 
the  aluminium-lithium  alloys  behave  most  like  the  aluminium-copper 
alloys.  It  would  seem  that  the  rapid  initial  decay  in  toughness  is 
associated  with  the  strengthening  of  the  matrix  and  the 
concentration  of  deformation  at  the  grain  boundaries  and  that  the 
very  slow  decay  along  the  plateau  with  further  ageing  is  associated 
with  the  slow  precipitation  of  coarse  particles  of  intermetallic 
phase  on  the  grain  boundaries.  It  has  been  discovered  (63)  that  a 
short  "reversionary”  ageing  treatment  can  demonstrate  a  startlingly 
powerful  effect  on  the  S-L  toughness  almost  irresepective  of  the 
aged  condition  of  the  material  to  which  it  is  applied  [  Fig. 26  ]. 
There  are  several  explanations  proffered  for  this  phenomenon. 

In  addition  to  these  recognised  effects  of  ingot  quality  and 
precipitation,  there  has  appeared  a  body  of  evidence  (64-66)  that 
suggests  that  the  aluminium-lithium  alloys  are  more  prone,  in  some 
way,  to  embrittlement  by  alkali  metal  impurities  additional  to  the 
deliberate  lithium  addition.  The  mechanism  proposed  for  this  effect 
is  that  of  liquid  metal  embrittlement,  in  which  phases  containing, 
for  example,  sodium  and  potassium  are  in  a  molten  state  in  the 
grain  boundaries  at  room  and  slightly  elevated  temperatures.  Low 
levels  of  alkali  metal  contamination  are  common  to  most  aluminium 
alloys  but  it  has  been  suggested  that  aluminium-lithium  alloys 
could  be  both  subject  to  increased  levels  because  of  the  alkali 
contaminants  in  the  lithium  addition  and  because  the  elements  such 
as  silicon,  that  may  normally  bind  the  sodium  in  an  innocuous  form 
ir  conventional  alloys,  are  now  associated  with  the  lithium 
addition,  freeing  the  alkali  impurities  to  concentrate  on  and 
embrittle  the  grain  boundaries,  it  would  certainly  seem  to  be  the 
case  that  deliberately  added  excesses  of  sodium  or  potassium  can 
embrittle  [  Fig. 27  ].  However,  it  is  not  clear  whether  the  low 
levels  of  residual  impurity  found  in  current  commercial  casts  of 
the  aluminium-lithium  alloys  such  as  5  ppm  sodium,  are  in  any  way 
deleterious.  It  would  appear  that  by  control  of  quality  and  heat 
treatment  practice,  adequate  short  transverse  properties  will  be 
attained.  It  needs  to  be  demonstrated  that  this  can  be  done 
consistently. 

Transverse  properties  are  also  most  important  in  forged  material. 
Considerable  progress  has  been  achieved  in  the  development  of 
aluminium-lithium  forgings  both  in  the  closed  die  and  hand  forged 
varieties.  A  feature  of  particular  significance  is  the  slow 
response  of  the  aluminium-lithium  alloys  to  ageing  and  the 
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consequent  need  to  employ  cold  work  before  ageing  to  optimise 
properties.  This  technique  is  naturally  difficult  in  shaped  die 
forgings,  although  successful  examples  can  be  found  in  the 
literature  (67).  Hand  forgings  are  more  readily  cold  worked  before 
ageing  and  a  large  body  of  data  now  exists  for  selected  alloys  in 
this  form.  On  one  hand,  it  would  seem  that  the  dilute  alloys  such 
as  8090  or  905XL  will  be  suitable  for  thick  section  application  in 
that  the  quench  sensitivity  of  these  dilute  alloys  is  low,  on  the 
other  hand,  it  would  seem  that  the  richer  alloys  may  well  respond 
better  to  ageing  without  prior  stretch  and  so  be  better  candidates 
for  the  higher  strength  requirements.  It  has  been  demonstrated 
(68,69)  that,  both  a  delay  before  ageing,  after  quenching,  and  a 
slow  heat-up  to  the  ageing  temperature  can  be  beneficial  to  the 
balance  between  strength  and  fracture  toughness.  The  properties 
(70)  of  selected  current  alloys  in  forged  form  are  illustrated 
including  data  for  very  thick  sections  [  Table  6  ] . 

High  Strength  Alloys 

Undoubtedly  the  combination  of  low  density,  high  stiffness  and  high 
strength  would  be  of  great  value  in  many  aerospace  designs  provided 
other  properties  such  as  fatigue  and  corrosion  resistance  are 
maintained  at  a  viable  level.  For  many  applications,  primarily 
loaded  in  compression,  a  reduction  in  the  levels  found  in  the 
medium  strength  categories  for  fracture  toughness  and  possibly 
corrosion  performance  could  be  acceptable.  Potential  and  commercial 
alloys  meeting  this  category  are  represented  by  2090,  8091  and 
CP276  with  2090  being  singularly  the  roost  advanced  [  Tables. 1,7  ]. 
High  strength  alloys  are  required  as  sheet,  thin  plate,  extrusions 
and,  importantly,  as  die  forgings.  Whilst  it  has  proved  possible  to 
obtain  very  high  strength  material  in  T8  tempers,  once  again 
product  forms  such  as  sheet  and  die  forgings,  where  cold  work  may 
not  always  be  employed,  have  proved  difficult.  It  is  presently  the 
case  that  to  obtain  very  high  strength  levels,  unrecrystal lised 
material  is  used  which  can  introduce  problems  of  anisotropy  in 
properties  ( 71 ) .  Whilst  very  high  strengths  have  been  reproducibly 
obtained,  fracture  toughness  levels  have  proved  to  be  at  an 
acceptable  level,  especially  in  material  aged  with  prior  cold  work 
(72).  One  explanation  (73)  for  the  relatively  high  level  of 
fracture  toughness  obtained  in  the  important  L-T  and  T-L  directions 
is  that  the  relatively  poor  short  transverse  capability  allows  a 
controlled  form  of  delamination  to  occur  in  the  plane  of  the 
material,  thereby  effectively  dividing  the  material  into  thinner 
gauge  laminates  and  so  toughening  it.  Whether  this  argument  is 
accurate  or  not,  as  the  short  transverse  properties  slowly  improve 
there  is  little  evidence  of  a  deterioration  of  the  L-T  and  T-L 
values. 

Relevant  data  (71)  from  a  large  compilation  of  results  for  2090 
have  been  included  throughout  this  paper  [  Table. 7  ]. 

Compression  performance  is  important  in  this  category  and  a 
brief  comparison  is  made  of  the  contending  aluminium-lithium 
alloys  against  aluminium-zinc  alloys  [  Table. 8  ]. 
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CORROSION  AND  STRESS  CORROSION 

A  major  concern  with  all  aluminium  alloys  used  in  aerospace 
applications  is  the  prediction  of  long  term  service 
performance  in  real  environments  from  accelerated  laboratory 
testing.  Accelerated  tests,  on  occasions,  have  proved  both 
pessimistic  and  dangerously  optimistic.  In  many  cases 
seemingly  good  corrosion  resistance  is  destroyed  by  galvanic 
and  crevice  corrosion  conditions.  The  forms  of  corrosion 
attack  that  have  been  reported  for  the  ingot  metallurgy 
aluminium-lithium  alloys  2090,  2091  and  8090  are  typical  of 
high  strength  aerospace  aluminium  alloys  and  include  pitting, 
crevice  and  intergranular  corrosion,  exfoliation  and  stress 
corrosion  cracking.  The  susceptibilty  to  attack  in  these 
forms  depends  upon  the  alloy  in  question,  its  grain  structure 
and  heat  treated  condition  and  the  environmental  regime  in 
which  it  was  tested  as  for  all  aluminium  alloys.  For  example, 
comparison  between  sheet  versions  of  aluminium-lithium  alloys 
8090  and  2091  and  bare  control  alloys  of  the  2000  and  7000 
series  types  revealed  (75)  that  the  aluminium-lithium  alloys 
have  a  propensity  to  exfoliation  and  blistering  attack  as 
opposed  to  severe  pitting  in  the  case  of  the  control  alloys, 
reflecting  the  more  laminar  grain  structure  of  aluminium- 
lithium  sheet. 

Corrosion  Resistance 

The  resistance  of  aluminium-lithium  alloys  to  forms  of 
general  corrosion,  such  as  pitting  and  dissolution,  have  been 
assessed  by  weight  loss  and  microscopy  for  a  wide  range  of 
alloys  in  different  heat  treatment  conditions  exposed  to  a 
natural  situations  that  have  included  the  rural,  industrial, 
sea  coast,  tropical  maritime  and  aircraft  environments  (76- 
79).  In  general  terms,  all  the  ingot  metallurgy  alloys  have 
been  found  to  pit,  corrode  intergranularly  and  exfoliate  to 
some  extent  depending  again  on  grain  structure,  heat 
treatment  condition  and  alloy  chemistry.  2090  and  8090  sheet 
alloys  in  the  unrecrystallised  condition  tended  to  exhibit  an 
exfoliation  type  of  attack  in  the  marine  environment  for 
example.  For  8090  an  ageing  condition  slightly  below  peak 
strength  (  e.g.  16  hours  ageing  at  170°C  )  conferred  the 
highest  susceptibility  to  the  alloy,  lighter  ageing  typical 
of  an  adhesive  bonding  cycle  produced  a  highly  resistant 
condition  and  overageing  also  produced  good  results.  In 
slight  contrast,  the  worst  condition  identified  for  2090 
appeared  to  be  after  a  slack  quench  into  boiling  water  whilst 
a  high  strength  condition  T8E41  gave  good  resistance  to  sea 
coast  and  tropical  ocean  exposure  (80,81).  Generally,  2091 
performed  well  in  comparison  to  the  control  alloys  when 
exposed  to  natural  environments  (82).  Again  a  naturally  aged 
condition  appeared  to  give  good  resistance  to  exfoliation  and 
pitting.  Some  scatter  reported  in  American  tests  was 
attributed  to  differences  in  grain  structure  (83). 


The  relative  rates  of  attack  and  the  nature  of  the  attack  in 
these  natural  environments  have  been  compared  to  those 
obtained  in  accelerated  media  [  Table. 9  ]  and  weight  losses 
and  corrosion  susceptibilities  have  been  explained  to  some 
extent  (84,85)  using  electrochemical  characteristics 
determined  in  the  laboratory.  For  example,  the  current- 
potential  diagrams  for  8090  and  2091  in  sheet  forms  reveal  a 
performance  typical  of  conventional  aerospace  aluminium 
alloys  with  cathodic  corrosion  with  associated  hydrogen 
evolution  at  low  potential  values,  followed  by  passivity  at 
intermediate  levels  up  to  the  pitting  potential  with  the 
onset  of  pitting  or  intergranular  attack  beyond  the  breakdown 
value  according  to  the  composition  and  heat  treated  condition 
(84).  Artificially  aging  tended  to  promote  a  reduction  in 
pitting  potentials  for  the  alloys  studied  in  aerated  3.5% 

Nad  solution  and  was  again  associated  with  an  increased 
tendancy  to  promote  grain  boundary  attack  (85). 

In  accelerated  laboratory  testing  environments  increasing 
acidity  in  any  corrodent  increased  the  rate  of  attack  and 
tended  to  encourage  intergranular  forms  of  attack.  In  freely 
corroding  situations  the  composition  of  the  matrix  of  the 
alloy  selected  tended  to  control  the  rate  of  attack,  that  is 
the  rate  of  the  cathodic  reaction  was  controlling  the 
corrosion  rate  and,  was  itself,  strongly  dependent  upon  the 
composition  of  the  alloy.  For  example,  those  alloys  rich  in 
copper  show  a  much  more  rapid  rate  of  attack  than  aluminium- 
magnesium-lithium  alloys  under  identical  conditions.  The 
relative  cleanliness  and  dilute  nature  of  many  of  the 
aluminium-lithium  alloys  tends  to  inhibit  local  pitting  which 
may  be  encouraged  by  the  presence  of  coarse  intermetal lie 
particles,  whilst  grain  boundary  attack  was  exacerbated  by 
under-ageing  conditions  that  produced  near-continuous  grain 
boundary  precipitation.  Again  typical  of  most  aerospace 
aluminium  alloys,  grain  boundary  microstructures  that  were 
very  clean  on  a  microscopic  scale,  e.g.  as  quenched 
conditions,  tended  to  produce  very  high  levels  of  corrosion 
resistance  and  thorough  ageing  of  2090  or  8090  to  high 
strength  levels  and  beyond  restored  relatively  high  levels  of 
corrosion  resistance  associated,  presumably,  with  grain 
boundary  particle  coarsening. 

Exfoliation  Attack 

Considerable  effort  has  been  expended  on  the  correlation  of 
the  results  of  accelerated  media  testing  with  those  obtained 
in  the  natural  environment  such  as  the  sea  coast  with 
particular  respect  to  the  prediction  of  sensitivity  to 
exfoliation.  Several  researches  have  indicated  concern  over 
the  value  of  the  highly  acidified  EXCO  test  media  and  in 
general  the  MASTMAASIS  test  seems  to  give  a  more  consistent 
correlation  from  alloy  to  alloy  and  temper  to  temper  (83,86). 
However,  exceptions  can  be  found  to  this  conclusion.  Grain 
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boundary  corrosion  attack  in  the  form  of  stress  corrosion  and 
exfoliation  has  been  reported  for  most  of  the  ingot 
metallurgy  aluminium-lithium  alloys  in  both  sheet  and  plate 
forms  and  a  reliable  guick  test  would  be  of  great  value. 
Whilst,  EXCO  testing  based  on  visual  assessment  or  rating  of 
exposed  panels  did  not  appear  to  be  able  to  distinguish 
adequately  the  subtle  nature  of  the  response  of  the 
aluminium-lithium  alloys  in  different  ageing  conditions,  it 
has  been  claimed  (87)  thai  quantification  of  the  degree  of 
attack  in  the  EXCO  tests  improves  matters. 

There  is  some  evidence  (88)  that  other  production  routes, 
that  suppress  or  circumvent  the  formation  of  grain  boundaries 
containing  precipitates,  such  as  mechanical  alloying  and 
possibly  some  of  the  rapid  solidification  techniques  (89)  can 
exhibit  an  inherently  high  resistance  to  these  forms  of  grain 
boundary  attack.  For  the  bulk  of  the  aluminium-lithium  alloys 
however,  it  would  appear  that  the  conventional  aluminium 
alloy  scenario  will  be  relevant  with  differing  levels  of 
performance  being  related  to  effects  of  composition,  grain 
structure  and  heat  treatment.  In  sampling  the  exfoliation 
resistance  of  plate  materials,  for  example,  the  plane  of  the 
test  sample  in  the  plate  is  important.  An  attempt  to  compare 
the  performances  of  the  leading  alloys  in  natural  environments 
with  those  obtained  in  the  laboratory  is  included  [  Table. 9  ]. 

It  would  appear  that  metallurgical  conditions  can  be 
developed  that  will  produce  corrosion  and  exfoliation 
resistance  in  the  aluminium-lithium  alloys  that  at  least 
matches  that  expected  of  conventional  aerospace  2000  and  7000 
series  alloys.  For  example  the  high  strength  conditions 
developed  for  2090  would  appear  to  be  capable  of  matching  the 
performance  of  the  incumbent  7075  in  high  strength  tempers.  A 
similar  approximate  comparison  is  achieved  between  damage 
tolerant  2091  and  8090  in  comparison  to  2024. 

Stress  Corrosion  Cracking  and  Hydrogen  Embrittlement 

Stess  corrosion  cracking  could  also  prove  to  be  a  problem 
with  aluminium-lithium  alloys.  There  is  little  doubt  that  the 
new  alloys  will  stress  corrode  and,  whilst  intermediate 
levels  of  resistance  to  attack  have  been  obtained  by  control 
of  metallurical  variables,  the  levels  of  immunity  associated 
with  double  aged  aluminium-zinc  alloys  have  so  far  not  been 
achieved,  with  the  possible  exception  of  905XL  mechanically 
alloyed  material.  Comparisons  of  the  stress  corrosion 
cracking  behaviour  of  different  alloys  and  tempers  is 
difficult  to  make  unless  all  the  results  have  been  obtained 
in  the  same  test  house  under  identical  conditions.  This  ideal 
situation  has  not  yet  been  achieved  for  aluminium-lithium 
alloys,  at  least,  as  far  as  the  author  can  ascertain. 
Comparisons  made  between  test  houses  can  reveal  greater 
scatter  for  one  material  than  is  found  for  a  whole  range  of 
alloys  and  conditions  from  a  single  test  source. 
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Nevertheless,  a  comparison  of  the  relative  performances  of 
selected  plate  alloys  has  been  attempted  in  the  form  of 
threshold  levels  for  cracking  in  standard  alternate  immersion 
testing  to  the  appropriate  ASTM  standards  [  Table. 10  ]  (90- 
92). 

It  would  seem  fairly  clear  that  unrecrystal lised  sheet 
whether,  2090,  2091  or  8090,  has  a  very  high  resistance  to 
stress  corrosion  in  the  plane  of  the  sheet  (  exceeding  75%  of 
the  0.2%  PS  )  even  when  the  material  is  aged  to  very  high 
levels  of  strength  and  in  this  respect  is  usually  better  than 
the  incumbent  alloy.  The  results  for  recrystallised  sheet  are 
much  more  confused  with  some  sensitivity  to  stress  corrosion 
cracking  being  demonstrated  for  both  2091  and  8090  in  this 
damage  tolerant  form.  However,  once  again,  control  of  grain 
structure  and  precipitation  appears  to  subtly  affect  the 
response  at  least  as  measured  in  accelerated  testing  (93). 
Extended  ageing,  for  example,  producing  much  improved  stress 
corrosion  resistance  for  2091. 

The  short  transverse  threshold  stresses  for  thicker  gauges  of 
plate,  forgings  and  extrusions,  tested  by  alternate  immersion  in 
in  3.5%  NaCl  solution  for  example,  would  appear  to  approximate 
to  a  T76  temper  when  applied  to  7075,  and,  consistent  with  this, 
stress  corrosion  cracking  does  occur  in  a  variety  of  natural  and 
marine  environments.  There  appears  to  be  evidence  that,  whilst 
full  immersion  testing  produces  little  or  no  cracking  in  these 
aluminium-lithium  alloys,  alternate  immersion  is  particularly 
damaging  and  that  the  role  of  atmospheric  C02  is  important 
(94,95).  Some  initial  work  has  identified  a  contribution  from 
hydrogen  embrittlement  in  the  stress  corrosion  process  (96-99) 
and  a  sensitivity  to  pre-embrittlement.  Extended  ageing  or 
double  ageing  appears  to  improve  the  stress  corrosion  resistance 
of  8090  plate  significantly  (87)  as  does  the  addition  of  some 
zinc  to  the  alloy  (100).  Clearly  further  work  on  stress 
corrosion  resistant  tempers  is  required. 

Stress  corrosion  crack  growth  rates  have  also  been  determined 
using  double-cantilever-beam  test  pieces  i  DCB  )  for  a 
limited  range  of  alloys  and  conditions.  Athough  somewhat 
discredited  as  a  technique  because  of  concerns  over  corrosion 
product  wedging,  the  DCB  technique  can  illustrate  differences 
in  the  sensitivity  of  alloys  to  stress  corrosion  cracking 
once  cracks  have  initiated.  These  preliminary  results  (76) 

[  Fig. 28  ]  appear  to  indicate  that  an  intermediate  level  of 
resistance  can  be  obtained,  similar  to  the  T76  level 
associated  with  aluminium-zinc  alloys  and  consistent  with  the 
trend  revealed  by  the  stress  corrosion  tests  for  crack 
initiation.  Differences  in  response  have  been  recorded  for 
selected  corrodents  and  comparison  between  8090-T651  plate 
and  for  example  7075-T651  or  2024-T351  showed  the  aluminium- 
lithium  alloy  to  have  a  slight  advantage  making  its 
resistance  approximately  equivalent  to  a  7075-T7651 
condition,  consistent  with  stressed  beam  and  C-ring  results. 


HIGH  TEMPERATURE  PROPERTIES 

Some  data  has  emerged  (101-103)  for  the  performance  of  the 
aluminium-lithium  alloys  at  elevated  temperature  both  in 
terms  of  tensile  properties  at  elevated  temperature  and  the 
"recovery”  condition  of  room  temperature  performance  after 
prior  high  temperature  exposure.  It  would  seem  that,  in  the 
simple  aspect  of  high  temperature  strength  and  recovery 
strengths,  the  new  alloys  are  at  least  as  good  as  the 
conventinal  Al-Cu  alloys  (  and  Al-Zn  )  they  may  well  replace  in 
high  temperature  applications  [  Fig. 29  ].  That  is  the  high 
strength  2090  material  outperforms  7075  and  8090  out  performs 
the  medium  strength  2000  series.  Indeed  the  level  of  improvement 
is  such  that  a  high  temperature  alloy  can  be  envisaged  to 
produce  a  consistent  absolute  improvement  over  2618  or  2219  over 
the  whole  range  of  elevated  temperature  applications  e.g.  up  to 
200 °C.  However,  some  caution  is  required  in  that  many  of  the 
alloys  are  offered  in  an  underaged  temper  to  maximise  the 
relationship  between  fracture  toughness  and  strength.  Exposure 
at  elevated  temperatures  can  then  be  seen  to  produce  an  increase 
in  strength  both  at  temperature  and  on  recovery,  but  there  may 
well  be  an  associated  drop  in  fracture  toughness.  The  copper- 
rich  alloys  such  as  2090  and  2091  will  be  more  prone  to  this 
especially  at  higher  exposure  temperatures  of  170°C  and  above. 
Exposure  of  all  the  alloys  at  temperatures  more  typical  of 
aircraft  operation  i.e.70°C  to  100“c  has  been  found  to  produce 
smaller  reductions  in  toughness  and  checks  of  recrystallised 
damage  tolerant  sheet  alloys  2024,  8090  and  2091  after  long 
periods  of  exposure  to  these  more  modest  temperatures  show  only 
small  toughness  reductions  (i.e.10%). 

Little  creep  data  is  available.  However,  what  there  is  again 
seems  to  suggest  that  the  alloys  may  have  some  benefits  in 
this  regard  (104).  On  the  other  hand,  there  have  been  reports 
of  a  greater  sensitivity  of  the  aluminium-lithium  alloys  to 
creep  cracking  than  for  conventional  materials,  especially 
when  they  are  stressed  in  the  transverse  directions 
(105,106).  It  has  been  claimed  that  this  is  an  effect  of  the 
presence  of  low  melting  point  impurity  elements  rather  than 
an  intrinsic  susceptibility  to  creep  cracking  but,  clearly, 
this  issue  requires  further  study. 

CRYOGENIC  PROPERTIES 

Considerable  effort  has  been  spent  in  investigating  the  low 
temperature  behaviour  of  aluminium-lithium  alloys  because  of 
their  potential  application  in  space  structures  and  cryogenic 
tanking.  Studies  of  2090-T81  and  2091-T81  plate  between  ambient 
and  4*K  show  a  consistently  increasing  strength,  modulus  and 
fracture  toughness  in  the  L-T  and  T-L  directions  (107).  However, 
the  toughness  in  the  short  transverse  directions 
decreases  slightly  and  more  intergranular  splitting  is 
observed.  Tests  on  2090-T83  sheet  show  a  slight  reduction  in 
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toughness  with  reducing  temperature  down  to  77 "k  allowing  a 
consistent  argument  to  be  raised  that  increased  strength  is 
achieved  by  restriction  of  slip  systems  and  an  increased  strain 
hardening  rate  whilst  plane  strain  toughness  is  improved  by  a 
mechanism  of  delamination  and  relaxation  of  the  through 
thickness  stresses  towards  a  plane  stress  condition  (108). 
Others,  however,  argue  with  this  last  hypothesis  (109).  Whilst 
8090  was  also  found  to  show  an  increase  in  strength  and 
elongation  with  reducing  temperature,  a  minimum  value  in 
tensile  strength  coinciding  with  a  maximum  value  in 
reduction  of  area  was  noted  at  200 °K  associated  with  a 
minimum  value  in  strain  hardening  exponent  and  a  change  in 
slip  mode  (110).  Studies  of  the  fracture  toughness  of  8090- 
T852  hand  forgings  showed  strength  and  ductility  to  increase 
with  reducing  temperature  but  toughness  to  fall  slightly  and 
consistently  in  all  three  testing  directions.  A  comparison 
of  the  strength-toughness  relationship  of  superplastic  sheet 
versions  of  2090  and  8090  with  2219  showed  the  2219  to 
maintain  better  properties  at  both  300'K  and  77"K  (ill). 

MANUFACTURING  TECHNOLOGIES 

Sufficient  work  has  now  been  conducted  for  a  balanced 
appraisal  of  manufacturing  aspects  to  be  made.  It  has 
already  been  stated  that  the  cost  effectiveness  of  these  new 
alloys  depends,  not  only  on  their  initial  cost,  but  also  on 
the  ease  of  manufacture  and  finishing.  Little  can  be  said 
about  proprietary  practices  in  the  aluminium  factories 
except  that  it  seems  to  be  the  case  that  all  the 
conventional  techniques  of  hot  and  cold  rolling,  forging, 
extrusion  and  drawing  are  being  successfully  applied  to  a 
range  of  aluminium-lithium  alloys  and  that  this,  in  itself, 
is  a  very  good  indication  of  their  general  acceptability  as 
conventional  aluminium  alloys.  Cold  rolled  sheet  2  metres 
wide  has  become  available  as  have  very  large  forgings.  High 
levels  of  stretching  are  regularly  applied  to  plate  and 
extrusion  again  signifying  a  high  level  of  conventional 
workability. 

Cold  Forming 

More  specific  studies  of  the  formability  of  sheet,  plate  and 
extrusions  have  been  undertaken.  Generally  it  has  been  found 
that  metallurgical  conditions  have  been  developed  in  which 
the  aluminium-lithium  alloys  are  at  least  as  formable  as 
their  conventional  counterparts.  Problems  of  anisotropy  have 
been  identified,  however,  in  trying  to  form  unrecrystallised 
sheet  variants  and  in  the  high  strength  and  stiffness  of 
some  prestretched  unrecrystallised  products  (112).  In 
forming  sheet  both  solution  annealed  and  low  temperature 
annealed  conditions  have  been  applied,  although  it  would 
seem  to  be  the  case  that  the  solution  treated  condition  is 
the  most  formable. 
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Recrystallised  versions  of  2091  and  8090  sheet  alloys  prove 
to  be  highly  formable  with  excellent  retention  of  shape  and 
relatively  low  rates  of  natural  ageing.  In  this  respect  they 
appear  to  be  a  significant  improvement  over  the  incumbent 
2000  series  alloys  (113). 

Conventional  workshop  machining  practices  can  all  be  applied 
without  any  extra  difficulties,  although  it  has  been 
recommended  that  maching  should  be  conducted  using 
lubrication,  especially  when  surfaces  are  heavily  oxidised 
typically  in  the  case  of  cast  materials.  This  avoids  the 
pollution  of  the  workshops  with  alkaline  oxides  and 
hydroxides  which  are  irritants.  Similarly,  it  is  recommended 
(114)  by  several  manufacturers  that  material  be  pickled 
after  high  temperature  treatments  to  remove  surface  oxides 
and  carbonates. 

Chemical  treatments,  such  as  chemical  milling,  de-oxidising, 
anodising  and  conversion  coating  have  all  been  evaluated  for 
2090,  2091  and  8090  alloys  and  most  results  using 
conventional  manufacturing  processes  appear  favourable  in 
comparison  to  conventional  alloys.  Corrosion  protection 
afforded  by  conventional  pretreaments  and  final  painting 
appears  to  be  at  least  as  good  as  for  the  conventional 
alloys  (115). 

Superplastic  Forming  and  Diffusion  Bonding 

Significant  effort  has  been  applied  to  the  development  of 
superplastic  variants  of  the  aluminium-lithium  alloys,  with 
the  specific  aim  of  further  reducing  structural  weights  and 
manufacturing  costs  in  pieces  of  complex  structure.  It  was 
discovered  that  not  only  were  aluminium-lihtium  alloys 
superplastic  but  that  they  could  be  optimised  to  be  more 
plastic  than  most  conventional  alloys.  In  the  particular 
case  of  the  dilute  8090  alloy,  the  benefit  of  low  quench 
sensitivity  is  a  further  demonstrable  advantage  in  that  it 
allows  the  use  of  air  cooling  from  the  press  after  forming, 
rather  than  requiring  a  full  reheat- treatment.  A  similar 
advantage  could  well  be  found  for  the  aluminiura-magnesiura- 
lithium  alloys.  Should  the  effort  in  diffusion  bonding 
currently  being  expended  also  come  to  fruition,  then  the 
ability  to  air-cool  material  will  become  a  necessity  to 
enable  the  heat-treatment  of  multi-leafed  structures  (116). 

A  significant  data  base  has  been  developed  for  2090  and  8090 
material  that  has  been  superplastically  formed  and  the 
slight  deterioration  in  properties  associated  with  the 
forming  process  has  been  quantified.  Undoubtedly  the  proper 
control  of  lithium-loss  from  the  surface  of  thin  sheets  and 
the  suppression  of  internal  cavitation  are  important 
features.  Fatigue  properties  should  be  most  sensitive  to  the 
internal  and  surface  defects  that  can  be  produced  by  the 
superplastic  technique  yet  an  acceptable  level  of 


performance  has  been  established  for  several  of  the  new 
alloys  (117-119). 

Welding  Technology 

The  three  commercial  ingot  metallurgy  alloys  2090,  2091  and 
8090  nave  each  been  assessed  fairly  thoroughly  for 
weldability.  Gas  metal  arc,  gas  tungsten  arc,  electron  beam 
and  laser  welding  all  seem  viable  for  each  of  the  alloys 
(120,121).  Additionally  techniques  such  as  explosive  bonding 
and  solid  state  diffusion  bonding  are  receiving  increasing 
attention.  Spot  and  seam  electrical  resistance  techniques 
also  seem  viable.  It  would  appear  that  the  low  thermal 
conductivity  of  aluminium-lithium  alloys  could  prove  a  major 
advantage  in  producing  high  quality  welds  (122). 

Consideration  of  the  difficulties  encountered  during  early 
welding  trials  all  seem  to  indicate  that  porosity  in  the 
welds  was  a  major  concern.  Appreciation  of  the  chemistry  and 
thickness  of  the  surface  films  naturally  encountered  on  heat 
treated  aluminium-lithium  alloys  and  a  general  improvement 
in  the  quality  of  cast  metal  in  terms  of  gas  content  for 
example  has  improved  the  situation  considerably.  That  is,  it 
is  recognised  that  the  metal  must  have  a  low  gas  content  and 
that  the  surfaces  must  be  cleaned,  chemically  or 
mechanically,  to  remove  oxides,  nitrides  and  carbonates. 

Filler  materials  seemingly  preferred  (123)  for  2090  are 
based  on  4000  series  (Al-Si)  and  2000  series  (Al-Cu),  whilst 
a  clear  preference  for  a  variant  of  the  Al-Mg  system  has 
developed  for  8090.  Autogeneous  welding  does  not  necessarily 
produce  the  best  results. 

Studies  of  the  susceptibilities  of  the  alloys  to  cracking  in 
the  fusion  and  heat  affected  zones  revealed  that  both  are 
possible,  even  likely,  depending  on  the  techniques  applied 
(124),  but  this  is  a  feature  of  the  high  strength  aerospace 
aluminium  alloys.  The  general  perception  appears  to  be  that 
all  three  commercial  aluminium-lithium  alloys  are  more 
weldable  than  difficult  alloys  such  as  2014  but  slightly 
less  weldable  than  2219. 

Benefit  has  been  made  of  the  low  quench  sensitivity  of  8090 
and  of  the  natural  ageing  capability  of  8090  and  2091  to 
produce  welds  in  fully  heat  treated  material  using  no  post¬ 
weld  heat  treatments.  It  appears  to  be  the  case  that  with 
developments  to  the  welding  techniques  these  commercial 
aluminium-lithium  alloys  can  produce  acceptable  welds  even 
in  comparison  to  the  incumbent  alloys  such  as  2219.  The 
strengths  of  welded  joints  in  these  alloys  can  compare 
favourably  in  absolute  terms  with  those  of  the  best  current 
high  strength  aluminium  alloys  with  joint  efficiencies  in 
excess  of  70%  quite  possible. 
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However,  mention  should  be  made  of  the  Russian  alloy  1420 
and  its  variants  in  that  this  alloy  has  seemingly  been 
extensively  used  in  welded  aircraft  structures  apparently 
with  successful  service  applications  and  very  significant 
weight  savings  (125). 

A  specialised  development  (126)  of  a  new  alloy  or  series  of 
alloys  coded  "Weldalite"  has  continued  with  particular 
relevance  to  cryogenic  welded  tanks.  This  AL-Cu-Li-Ag-Mg-Zr 
alloy  appears  to  be  virtually  as  weldable  as  2219  alloy  and 
have  the  distinct  benefit  of  a  rapid  natural  ageing 
response.  Unlike  the  higher  lithium  -  lower  copper  alloys  it 
does  not  require  the  application  of  deformation  before 
ageing  to  achieve  very  high  strengths  and  may  well  prove  to 
be  compatible  with  cryogenic  requirements  (127). 

QUALIFICATION  AND  APPLICATION 

The  aluminium-lithium  alloys  considered  in  this  paper  are 
initially  aimed  at  aerospace  applications.  Such  applications 
require  a  long  and  careful  process  of  testing  and 
qualification  before  application  is  approved.  Many  such 
programmes  are  now  underway.  Part  of  the  development  process 
is  the  use  in  flight  trials  of  demonstrator  components. 

Early  examples  of  these  have  been  the  upper  wing  panels  in 
the  McDonnell  Douglas  F15-SMTD  variant  (128),  in  the  the 
flying  control  surfaces  of  an  experimental  British  Aerospace 
aircraft  (129)  and  in  the  internal  structure  of  the  Dassault 
Rafale  (130).  Early  civil  demonstrator  programmes  include 
the  use  of  aluminium-lithium  forgings  in  a  nose 
undercarriage  by  Boeing  and  in  access  panels  on  the  Fokker 
FlOO  (131).  8090,  2090  and  2091  have  all  been  used  in  one  or 
other  of  these  programmes. 

The  next  steps  involve  the  considerable  undertaking  of  applying 
aluminium-lithium  alloys  to  structures  undergoing  full-scale 
testing  and  in  their  embodiment  in  prototype  or  pre-production 
aircraft.  Several  manufacturers  have  reached  this  stage,  with 
notable  examples  being  the  committment  (133)  to  test 
considerable  quantities  of  aluminium-lithium  alloys  in  the  next 
generation  of  Airbus  aircraft  [  Fig. 30  ],  the  completed  testing 
by  Dornier  of  a  pressure  cabin  section  (132)  and  the  widespread 
application  of  aluminium-lithium  alloys  to  the  new  Westland- 
Augusta  EHlOl  helicopter  (67).  Potential  European  and  North 
American  applications  to  military  aircraft  can  be  found,  and 
significant  use  has  already  been  made  in  space  structures. 


CONCLUDING  REMARKS 

It  would  appear  to  be  the  case  that  the  present  casting 
capacity  available  in  the  Western  World  for  aluminium- 
lithium  alloys  readily  matches  current  levels  of  demand  and 
has  the  capability  to  be  stretched  to  the  levels  predicted 
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to  be  required  during  the  next  decade.  Clearly,  if 
aluminium-lithium  alloys  are  to  succeed,  they  must  prove  to 
be  a  cost  effective  route  to  significant  weight  savings.  In 
this  respect,  it  is  most  important  that  the  early  examples 
of  application  are  brought  to  a  thoroughly  satisfactory 
conclusion.  This  being  the  case,  then  a  very  significant 
expansion  in  capacity  will  be  sought  in  the  next  few  years 
to  match  the  increasing  demands  of  the  aerospace  industry. 

Whilst  cost  may  dominate  the  arguments  as  to  applicability 
of  these  developing  alloys,  some  technical  problems  still 
require  resolution  by  the  aluminium-alloy  industry.  The 
relevance  of  individual  technical  issues  depend  critically 
on  the  application  intended  but,  to  the  author,  improved 
performance  in  high  strength  categories  without  benefit  of 
cold  work  and  a  general  improvement  in  short  transverse 
behaviour  of  the  thicker  gauges  of  material  remain  the  major 
issues . 
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Fig.l  Toughness  of  2020  alloy  in  T4  and  T6  tempers  in  comparison 
to  contemporary  I960's  aerospace  alloys 
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Fig. 2  Hass  savings  as  functions  of  property  improvements  after 
Ekvall  et  al  (  Ref.  10  ) 
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Fig. 8 


Predicted  and  measured  densities  for  selected  aluminium-lithium 
and  conventional  alloys  (  Ref. 24  ) 
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Fig. 9  Elastic  moduli  of  selected  aluminium-lithium  alloys 


Fig. 10  Relative  contributions  to  the  increase  in  elastic  modulus 

achieved  with  lithium  addition  after  Noble  et  al  (  Ref. 25  ) 
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Fig. 11  Electrical  conductivities  of  unrecrystallised  8090  (XXXA) 
and  1420  alloy  (Al-Li-Mg)  developed  during  ageing  at  170C 


Fig. 12  Thermal  conductivity  and  thermal  diffusivity  of  8090  at 
selected  exposure  temperatures 
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Fig. 15  Fatigue  crack  growth  resistance  for  damage  tolerant  8090  under 

constant  amplitude  loading  at  two  values  of  stress  ratio.  Wheeler 
McOarmaid  et  al 
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Fig. 16a  Fatigue  crack  growth  resistance  of  8090-T651  plate  under  constant 
amplitude  loading  in  two  environments  at  two  levels  of  stress 
ratio,  after  Peters  et  al  (  Ref. 48  ) 
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Fig. 16b  Fatigue  crack  growth  resistance  of  high  strength  2090-T81  plate 
compared  with  7075-T651  tested  under  constant  amplitude  loading 
R=0.33  in  high  humidity  air  (  rh=90%  )  after  Goodyear  (  Ref. 71  ), 
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Fig. 16c  Fatigue  crack  growth  resistance  of  high  strength  2090'T83  sheet 
compared  with  7X75-T6  sheet  under  constant  amplitude  loading, 
R=0.33,  in  high  humidity  air  (  rh=90%  )  after  Goodyear  (  Ref. 71  ) 
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Fig. 21a  Specific  elastic  moduli  of  current  monolithic  and  composite 

materials  showing  the  relative  performance  of  ingot  8090  alloy. 
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Fig. 21b  Specific  buckling  resistance  of  current  monolithic  and  composite 
materials  showing  the  relative  performance  of  ingot  8090  alloy. 
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Fig.2lc  Specific  stitfn'^ss  and  buckling  resistance  of  selected  aluminium 
lithium  alloys  all  showing  similar  performance. 
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Fig. 24a  Short  transverse  fatigue  strength  of  gomin  7075-T7351  plate  in  the 
machined,  pickled  and  anodised  conditions  (  CA  R=0.l  ). 
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Fig. 24b  Short  transverse  fatigue  strength  of  90mm  8090-T8771  plate  in  the 

machined,  pickled  and  anodised  conditions,  as  24a,  after  McDarmaid. 
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Fig. 24c  Short  transverse  fatigue  strength  of  eomm  8090-T851  plate  after  an 

optimised  pickle  and  after  20  days  prior  alternate  immersion  in  3.6% 
Nad  (  CA  R=-l.o  )  after  Bolam  et  al  (  Ref. 49  ). 
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Fig. 29  Tensile  strengths  of  8090-T651  plate  tested  at  temperature  after  24, 
100,  and  1000  hours  prior  exposure  compared  with  2618  aluminium 
alloy  after  Peel  et  al  (  Ref. 30  ). 
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Fig. 30  Schematical  representation  of  declared  full-scale  testing  programme 
for  aluminium-lithium  alloys  on  Airbus  A330/340  after  Koshorst 
(  Ref. 133  ). 


TABLE  1 

COMPOSITIONS  OF  SELECTED  ALUMINIUM-LITHIUM  ALLOYS 


ALLOY 

Li 

Cu 

Mg 

Si 

Fe 

Zr 

S.G. 

1420 

1.5-2. 6 

- 

4.0-7. 0 

(  Mn+Cr  ) 

0.05-0.3 

2.50 

2020 

1.1 

4.5 

- 

(  Mn-i-Cd  ) 

- 

2.71 

2090 

1.9-2. 6 

2. 4-3.0 

0.25 

0.10 

0.12 

0.08-0.15 

2.60 

2091 

1.7-2. 3 

1.8-2. 5 

1.1-1. 9 

0.20 

0.30 

0.04-0.10 

2.58 

8090 

2. 1-2.7 

1.0-1. 6 

0.6-1. 3 

0.20 

0.30 

0.04-0.16 

2.53 

8091 

2. 4-2. 8 

1.8-2. 2 

0.5-1. 2 

0.30 

0.50 

0.08-0.16 

2.54 

8092 

2. 1-2.7 

0.5-0. 8 

0.9-1. 4 

0.10 

0.15 

0.08-0.15 

2.53 

8192 

2. 3-2. 9 

0.4-0. 7 

0.9-1. 4 

0.10 

0.15 

0.08-0.15 

2.51 

905XL 

1.5 

- 

4.0  (  1.1C  + 

0.80  ) 

- 

2.57 

6448 

2.55 

1.0 

0.5 

0.03 

0.03 

0.50 

2.52 

WELD- 

ALITE 

1.3 

4. 5-6. 3 

0.4 

(  0.4Ag  ) 

0.14 

2.73 

TABLE  2 

COKTCNOWO  AUOYS  FOR  SCLECTEO  POTENTIAL  APPLICATIONS 
POTENTIAL  APPLICATIONS  PRODUCT  FORMS  ALLOYS 


WAMAW  tolCRAMT  STRUCTURE 

FUSELAQE  SKIN  AND  WING  SKIN  THIN  PLATE.  EXTRUSIONS 
FOR  TRANSPORT  AIRCRAFT  AND  RECRYSTALLISED  SHEET 
HELICOPTERS 


20B1-TBX 

20B1-TBXB1 

80B0-TB1 

80B0-TB151 


MEDIUM  STRENOTH  AND  STIFFNESS  CRITICAL  STRUCTURE 
DETAILED  FORMED  PARTS.  SPF  PLATE.  EXTRUSIONS 

PARTS.  WING  AND  FUSELAGE  HAND  AND  DIE  FORGINGS 

SKINNING.  CONTROL  SURFACES.  RECRYSTALLISED  AND 

EXTRUDED  *  FORMED  STRINGERS.  UNRECRYSTAU. I SED  SHEET 

SEAT  RAILS.  FORGINGS  FOR 
FUSELAGE  FRAMES  AND 
UNDERCARRIAGES.  MAJOR  SPACE 
STRUCTURAL  APPLICATIONS 


2000- TB4 

2001- TB/TBX 
80GO-TB/TB 
20G1-TB51<1 
SOGO-TBBlO 
800O-TB771 
20G0-TBE203 
AL  B05XL 


HMH  STRCNOTN  APPUCATIONS 

FRAMES.  RIBS,  SPARS  STRETCHED  PLATE, 

UNDERCARRIAGE  PARTS  EXTRUSIONS.  FORGINGS 

FLOOR  BEAMS  STRETCHED  SHEET 

UPPER  WING  SKINS 


2000-TB1/B3 

20BO-TBE50 

2000-TBe 

CP  276-TBB1 

80S1-T8/TB 

80OO-TBF71 

80B0-TBS1 


POTENTIAL  APPLICATIONS  ALSO  EXIST  FOR  BELOALITE.  2000  .  8000  ETC  IN 
WELDED  STRUCTURE  SUCH  AS  CRYOGENIC  STORAGE  TANKS.  SPACE  STRUCTURE 
ETC  AND  FOR  MINIMAL  DENSITY  CORROSION  RESISTANT  ALLOYS  PERHAPS  AS 
FORGINGS  •.«.  AL  OOOXL 
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TABLE  3 

TYPICAL  PHYSICAL  PROPERTIES  OF  ALUyiNIUH-LITHIUM  ALLOYS 


PROPERTY 

2090 

2001 

8000 

DENSITY 

fl/cc 

2.505 

2.58 

2.535 

ELECTRICAL 

CONDUCTIVITY 

XIACS 

17-19 

17-20 

18-21 

RESISTIVITY 

AT  20*C 

uOea 

9.4 

9.4 

9.3 

THERMAL 
CONDUCTIVITY 
AT  20*-100*C 

W/«*C 

70-80 

76-88 

80-90 

SPECIFIC 

HEAT 

J/Kg*C 

1200 

980 

990 

COEFFICIENT 

THERMAL 

EXPANSION 

AT  20*C-i00*C 

/‘C  X  10‘* 

23.6 

22 

22 

TABLE  4 


PROPERTIES  OF  DAMAGE  TOLAERANT  VARIANTS 
RECRYSTALLISEO  SHEET  UP  TO  S.Smi  THICK 


ALLOY  TEMPER 

0.2X  PS 

UTS 

EL 

Kopp 

Ke 

MP« 

MPo 

X 

MPo/a 

MPo/m 

2091  TBX 

L 

348 

440 

18 

100 

150 

T 

335 

460 

17 

90 

140 

2091  CPHK  TBX 

L 

335 

420 

14 

130 

90 

T 

325 

435 

13 

125 

85 

8090  TB1 

L 

340 

435 

11 

100 

150 

T 

310 

440 

13 

90 

120 

2024  T3 

L 

315 

430 

20 

105 

155 

T 

285 

425 

18 

95 

145 

•  500HI  CCT  PANELS  OF  1 .9mm  SHEET 
RECRYSTALLISEO  AND  PART  RECRYSTALLISEO  THICK  SHEET  3.SiM-7Mi 


2091 

TBX51 

L 

410 

490 

13 

- 

- 

T 

365 

485 

15 

- 

— 

8090 

TB1 

L 

320 

425 

10 

105 

155  •< 

T 

295 

425 

12 

00 

120 

*  400Mi  OCT  PANELS  3-4«m  THICK 

UNRECRYSTALLISEO  STRETCHED  PLATE 

UP  TO 

40m  THICK 

2091 

TBX51 

L 

410 

490 

13 

Kq  45 

MPo/h 

T 

365 

485 

15 

40 

MPo/a 

8090 

TB151 

L 

380 

450 

10 

Kq  >55 

MPa/a 

T 

350 

455 

11 

>55 

MPq/a 
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TABJE  5 

MEDIUM  STRENGTH  AND  HIGH  STIFFNESS  VARIANTS 


RECRTSTALLISEO  AND  UNRECRTSTALLISEO  SHEET 


ALLOY  TEMPER 

0.2X  PS 

UTS 

El 

Kdpp 

MP« 

MPo 

X 

MPo/a  yPa/m 

L  T  60* 

L  T  80* 

L 

T 

L-T 

T-L 

2091 

TB51 

475  485  395 

525  515  470 

0 

9 

8000  UR 

T8A82  395  380  348 

455  470  455 

5 

8 

80 

50 

UR 

T8 

455  408  365 

515  520  500 

8 

8 

55 

— 

R 

TO 

300  375  360 

^5  475  480 

0 

10 

83 

48 

R 

TB2 

360  325  320 

450  455  455 

10 

11 

- 

- 

UNRECRYSTALLISED  PUTE  UP  TO 

IOOm  thick 

Kq/kl 

le 

2091  « 

TBS1 

475  455  305 

525  500  470 

9 

0 

35 

25 

8090 

TBS1 

455  455  395 

500  500  480 

7 

7 

33 

30 

8090  • 

TB771 

475  485  425 

515  500  475 

8 

0 

37 

33 

8090 

T8771 

455  405  380 

485  495  480 

4 

8 

35 

30 

•  THIN  GAUGE  ONLY  <  2Stm 


EXTRUDED  SECTIONS 


0.2X  PS 

L  T 

UTS 

L  T 

El 

L 

T 

T-L 

*  8090  <8Mi  T851 

440  485 

515  515 

7 

8 

— 

— 

8090  <25mi  TB51 

505  425 

550  495 

5 

5 

33 

17 

8090  <78m  T851 

480  378 

530  500 

4 

5 

85 

35 

+  PECHINEY  MATERIAL  AS  OPPOSED  TO  ALCAN 


TABLE  6 

PROPERTIES  OF  ALUMINIUM  LITHIUM  ALLOY  FORGINGS 
HAND  FORGINGS 


ALLOY  TEMPER 

0.2X  PS 

UTS 

EL 

KIc 

MPa 

MPA 

X 

MPa/a 

L 

S 

L 

S 

L  S 

L-T 

T-L 

S-L 

8090 

T8 

390 

340 

480 

430 

5  2 

35 

22 

18 

T652 

420 

390 

520 

480 

9  3 

30 

20 

18 

AL  905XL 

450 

440 

515 

490 

11  - 

- 

35 

- 

DIE  FORGINGS 

ALLOY  TEMPER 

0.2X  PS 

UTS 

El 

Klo 

MPa 

MPa 

X 

MPa/a 

L 

S 

L 

S 

L  S 

L-T 

T-L 

S-L 

8090 

T8 

410 

340 

500 

420 

6  3 

35 

29 

22 

T852 

470 

370 

520 

480 

8  4 

30 

25 

18 

2090 

TBE203 

420  >345 

495 

455 

6  4 

25 

-  18.5  • 

AL  905XL 

420 

390 

485 

470 

12  8 

25 

-  15 

• 

•  DEFINITION  OF  TEST  DIRECTION 

IS  DIFFICULT  IN 

FORGINGS 
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TABLE  7 

PROPERTIES  OF  SELECTED  HIGH  STREHffTH  ALLOYS 
UNRECRYSTALLISEO  SHEET 


ALLOY 

TEMPER 

0.2S  PS 

UTS 

El 

Ko 

MPa 

MPo 

X 

MPa/m 

L 

T 

L 

T 

L 

T 

L-T 

T-l 

2000 

TB3 

810 

400 

865 

540 

5 

7 

65 

8 

2090 

T84 

470 

460 

525 

820 

- 

- 

00 

81 

UNRECRYSTALLISEO  THIN  PUTE 

2000 

TB1 

888 

882 

803 

888 

8 

6 

>27.5 

>2 

2000 

TBESO 

>438  >418 

>400  >400 

>5 

>8 

45 

4i 

8091 

TB81 

818 

488 

555 

835 

6 

5 

30 

Z 

THIN  EXTRUDED  SECTIONS 

2000  + 

TB6 

470 

_ 

517 

* 

4 

++ 

TB6 

810 

— 

545 

4 

M. 

m. 

4++ 

TB6 

817 

488 

550 

5 

— 

8000 

TBS1 

440 

468 

515 

515 

7 

6 

CP  276  * 

TBS1 

880 

480 

840 

850 

7 

7 

40 

35 

♦  0 

-  3.18  Ml 

gouM 

**  3.18 

-  6.32  Ml 

***  6.32 

-  12.78  Ml 

•  8.0 

-  30.0  Ml 

TABLE  8 

COMPARISOH  OF  TENSlOH  STRENCTHS  WITH  PRELIMINARY  RESULTS  FOR 
COMPRESSIVE  STRENGTH  FOR  SELECTED  HIGH  STRENGTH  ALLOYS 


Twialon 

0.2*  rs 


T 

48* 


8090 

8091 

2000 

T8771 

T8771 

TB3 

480 

515 

845 

A3D 

488 

823 

405 

- 

440 

UTS  L 
T 

48* 


818  888  600 

800  838  868 

4«  -  803 


CoaprMsIon 

L  P  L  348  400 

T  385  448 

48*  -  - 


Y  S  L  488 

(0.2X)  T  480 

48* 


837 

868 

482 


UCS  L  688  780 

T  678  788 

48*  -  - 


yss 
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TABLE  8 

CORROSION  AND  EXFOLIATION  RESISTANCE  OF  SELECTED  ALLOTS 


RECRTSTALLISED  AND  UNRECRTSTALLiSED  SHEET 


ALLOY 

TEMPER 

EXCO 

MASTMAASIS 

MARINE 

1 

2 

4 

1 

2 

4 

1 

2 

2090 

TBS 

EB 

_ 

P 

• 

N 

2091 

TBX 

N 

- 

EA 

EA 

EA/EB 

- 

- 

EA^ 

2091  CPHK  TBX 

P 

- 

EA 

— 

- 

- 

- 

EA/EB 

8090 

TB1 

- 

EA 

EA 

EA 

EB 

- 

— 

E 

8090 

T8 

EB 

EC 

— 

EA 

EA 

- 

- 

- 

8090 

T8 

•* 

EA 

EO 

N 

P 

P/EA 

EA 

THIN 

PLATE 

+ 

• 

o 

EXOO 

MASTMAASIS 

MARINE 

1 

2 

4 

1 

2 

4 

1 

2 

2090 

TB1 

EA 

ED 

P 

P 

P 

- 

N 

2091 

TBX51 

EA 

EA 

EB 

— 

- 

P 

— 

- 

8090 

T851 

EA 

EC 

ED 

— 

EB 

- 

- 

E/ea 

8090 

TB151 

E/EA  EA 

EA 

- 

P 

- 

- 

EA 

8090 

TB771 

- 

- 

EA 

— 

— 

— 

•* 

• 

+  TO  ASTU  63A-79  TIICS  1 .2,4  DAYS 

•  TO  ASni  G8S  TIICS  1.2,4  iEEl^ 

o  DIFFERING  MARINE  ENVIROMCNTS  TIMES  1.2  YEARS 


TABLE  10 

TEKTATI\€  STRESS  CORROSION  THRESHOLDS  FOR  SELECTED 
ALUMINIUM-1.ITHiUM  ALLOYS 


SHEET 


ALLOY 

TEMPER 

ALLOY  CATEGORY 

LT  see  THRESHOLD 
MPa 

2090 

TBS 

HIGH  STRENGTH 

2091 

TlX 

DAMAGE  TOLERANT 

78  <  TH  <100 

2081  CPHK 

TBX 

DAMAGE  TOLERANT* 

200  <  TH  <  280 

8090 

TB1 

DAMAGE  TOLERANT 

200 

8090 

T8/TB 

MEDIUM  STRENGTH 

>S80 

•  WITH  IMPR0^€0 

see  RESISTANCE 

THIN  PLATE 

ALLOY 

TEMPER 

ST  THRESHOLD 

STRESS  MPa 

S.SXNoCI  Al 

MARINE  EXPOSURE 

2090 

TBI 

172 

172  <  TH  <240 

2091 

TBX51  <1 

Bm  >200 

— 

2081 

TBX51  <1 

Bm  >280 

— 

2091 

TB51 

>200 

— 

8080 

T881 

80-78 

128 

8090 

TB771 

140 

FORGED  MATERIAL 

ALLOY 

TEMPER 

THRESHOLD  STRESS  MPa 

AL908XL 

S48 

8090 

TB32 

200 
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ABSTRACT 

The  advantages  to  be  gained  by  weight  reduction  of  aerospace  structures  have 
encouraged  the  aluminum  industry  to  develop  a  family  of  aluminum  alloys  which  contain 
lithium  as  one  of  the  alloying  elements.  When  alloyed  with  aluminum,  lithium  can  reduce 
the  density  by  approximately  three  percent  and  increase  the  elastic  modulus  by  six  percent 
for  every  weight  percent  added.  A  new  series  of  aluminum  alloys,  typified  by  2090,  2091, 
8090,  and  8091,  have  been  developed  and  are  currently  being  produced  in  commercial 
quantities.  These  alloys  have  densities  between  7%  and  10%  lower  than  the  conventional 
alloy  7075  with  correspondingly  higher  stiffness.  Although  a  combined  set  of  specific 
properties  of  the  Al-Li-X  alloys  often  exceeds  those  of  the  conventional  aluminum  materials 
used  in  aerospace,  these  properties  seem  to  be  much  more  sensitive  to  processing 
parameters.  The  strong  processing-property  relationship  is  associated  with  sharp 
crystallographic  textures  that  are  developed  during  primary  processing  and  very  complex 
precipitate  microstructures  whose  distributions  are  sensitive  to  quench  rates  and  degree 
of  deformation  prior  to  aging.  This  paper  describes  the  processing-microstructure-property 
relationships  of  the  new  Al-Li-X  alloys  and  focuses  on  strength,  ductility,  fracture 
toughness,  fatigue  and  stress  corrosion  properties. 

INTRODUCTION 

The  development  of  Al-based  alloys  containing  lithium  began  in  Germany  in  the  1920 's 
and  was  primarily  concerned  at  first  with  additions  of  very  small  amounts  of  lithium  to 
Al-Zn-Cu  alloys  to  increase  their  strength  (1,2).  However,  the  development  of  modern 
aluminum-lithium  alloys  can  be  traced  to  the  discovery  by  LeBaron  in  1942  that  lithium 
could  be  a  major  strengthening  element  in  aluminum-copper  alloys  (3).  Subsequent  work  by 
Hardy  and  Silcock  (4,5)  identified  the  lithium-containing  strengthening  phases  in  Al-Cu-Li 
alloys  and  contributed  significantly  to  the  scientific  understanding  of  these  complex 
materials.  In  the  1950's  metallurgists  at  Alcoa  recognized  that  lithium  also  increased 
the  elastic  modulus  of  aluminum  and  developed  the  high  strength  Al-Cu-Li  alloy  2020. 
Later,  metallurgists  in  Russia  (6)  developed  the  Al-Mg-Li  alloy  01420  which  had  a 
considerable  density  advantage  over  other  medium  strength  aluminum  alloys.  However, 
production  problems  combined  with  marginal  engineering  properties  inhibited  the  widespread 
use  of  these  lithium-containing  aluminum  alloys. 

In  the  early  1970 's  escalating  fuel  costs  and  the  desire  to  develop  more 
fuel-efficient  and  high-performance  aircraft  generated  a  major  interest  in  materials  that 
would  reduce  weight  and  thereby  increase  structural  efficiency.  Reducing  the  density, 
without  compromising  strength,  toughness,  and  corrosion  resistance,  has  been  shown  to  be 
the  most  efficient  way  to  accomplish  this  goal  (7) .  Although  carbon  fiber  and  boron  fiber 
non-metallic  composites  offer  a  considerable  density  advantage  over  all  other  structural 
materials  used  in  aircraft,  improvements  in  the  properties  of  aluminum  alloys  seemed 
desirable  due  to  their  relatively  low  accpiisition  cost  and  the  aircraft  community's 
extensive  design  and  manufacturing  experience  with  these  materials.  Aluminum-lithium  alloys 
appeared  attractive  since  lithium  can  reduce  the  density  of  aluminum  by  three  percent  and 
increase  the  elastic  modulus  by  six  percent  for  every  weight  percent  added  (8)  .  These 
advantages  have  encouraged  every  major  aluminum  alloy  producer  in  the  U.S.  and  abroad  to 
develop  alloys  containing  lithium,  usually  at  levels  of  2.0  weight  percent  and  higher. 
Both  ingot  metallurgy  (I/M)  and  powder  metallurgy  (P/M)  approaches  were  used  during  the 
alloy  development  programs;  however,  most  major  advances  were  made  using  the  former 
technique. 

Alloy  designations  and  compositions  of  the  new  lithium-containing  aluminum  alloys  are 
listed  in  Table  1.  Many  of  these  alloys  possess  good  combinations  of  strength,  damage 
tolerance  and  durability,  in  general  are  quite  weldable,  and  several  have  demonstrated 
excellent  cryogenic  and  elevated  temperature  properties.  In  addition,  to  those  listed  in 
Table  1,  alloys  are  under  development  which  show  improved  corrosion  resistance  and  post¬ 
weld  properties.  One  of  these,  a  high  strength,  weldable  Al-5.0Cu-l.3Li-0.4Mg-0.4Ag-0.lZr 
alloy,  Weldallte  049,  was  developed  specifically  for  cryogenic  tanks  associated  with  launch 
vehicles  (9) .  The  properties  of  most  of  the  new  aluminum-lithium  alloys  appear 
particularly  sensitive  to  small  variations  in  composition  and  processing.  This  sensitivity 
seems  to  be  associated  with  the  difficulty  in  maintaining  metal  quality  during  casting, 
the  presence  of  recrystallization  inhibiting  elements,  and  the  complexity  of  the 
microstructure  after  primary  processing  and  heat  treatment.  As  with  most  aluminum  alloys, 
microstructural  features  of  importance  for  property  control  of  Al-Li  alloys  include:  (a) 
cast  structure,  (b)  grain  structure  and  crystallographic  texture,  (c)  volume  fraction,  size 
and  distribution  of  insoluble  intermetallic  particles  and  grain  boundary  precipitates  and 
(d)  coherency,  volume  fraction  and  distribution  of  strengthening  precipitates. 


TABLE  1.  Current  Al-Li  Alloys  and  Compositions. 


\^ltoy 

'  Eiement*\^ 

2090 

Alcoa 

8/6/84 

2091 

C  Pechiney 
4/8/BS 

8090 

Alcan  and 

C  Pechiney 
May  198S 

8090A 

Alcoa 

(Late  1985) 

8091 

Aica^' 

3/29/85 

X8092 

Alcoa 

May  1985 

X8192 

Alcoa 

Aug  1985 

Si 

0.10 

0.20 

0  20 

0  TO 

0  30 

0  10 

0  10 

Fe 

0  12 

030 

030 

0.15 

0  50 

0  15 

0  15 

Cu 

2.4-3.0 

1  8-2.5 

1  0-1  6 

1.M  6 

1  8-2  2 

0  5-0  8 

0  4-07 

Mn 

005 

0.10 

0.10 

005 

0.10 

0  05 

0  05 

Mg 

025 

11-19 

0  6  to  1  3 

0.8-1  4 

0,5-1  2 

0  9-1.4 

0  9-1  4 

Cr 

005 

0  10 

0  to 

005 

0  10 

0.05 

0  05 

Ni 

- 

- 

- 

- 

— 

— 

_ 

2n 

0.10 

025 

025 

0.10 

0.25 

0.10 

0  10 

Ti 

0.15 

0.10 

0  10 

0.15 

0.10 

0.15 

0.15 

Li 

1. 9-2.6 

1  7-2.3 

2.2-27 

2.1-2.7 

2.4-28 

2.1-2.7 

2.3-29 

Zf 

0.08-0.15 

0.04-0.16 

0.04-0.16 

0.084)15 

0.08-0.16 

0.08-1.5 

0.08-1.5 

Other:  Each 

0.05 

0.05 

005 

0.05 

0.05 

0.05 

005 

Total 

0.15 

0  15 

0.15 

0.15 

0  15 

0.15 

0.15 

'Numbars  Shown  Are  Elthor  Maximums  or  Ranges 


MICROSTRUCTURE  AND  DEFORMATION  BEHAVIOR 


Cast  Structure; 

Casting  problems  have  been  associated  with  the  development  of  Al-Li  alloys  since 
Alcoa's  entry  with  alloy  2020.  Some  of  these  are  related  to  the  reactivity  of 
lithium-containing  aluminum  alloys  and  associated  safety  problems  which  have  necessitated 
the  use  of  modified  refractories  and  degassing  procedures,  protective  inert  cover  gases 
and/or  surface  fluxes  during  melting  and  casting,  and  special  ingot  cooling  techniques 
(some  employing  organic  coolants  in  place  of  water).  These  techniques  have  minimized  the 
hazards  of  casting  Al-Li  alloys  and  current  work  is  focusing  on  improving  the  quality  of 
the  as-cast  product.  The  "as-cast  quality"  of  ingot  depends  on  both  the  surface  quality, 
which  determines  the  amount  of  scalping  prior  to  further  processing,  and  the  internal 
structure  which  determines  the  processing  steps  necessary  to  produce  the  desired 
microstructure-property  relationship.  There  can  be,  of  course,  some  casting  defects  which 
are  impossible  to  remove  during  subsequent  processing.  In  addition  to  having  a  high 
surface  quality  and  a  crack-free  ingot,  the  ingot  should  be  free  of  spherical  voids  and 
blisters  and  have  a  medium-fine  grain  structure,  a  consistent  composition  throughout,  a 
low  inclusion  and  alkali  impurity  content,  and  a  low  gas  content  (10). 

A  fine  cast  grain  structure  reduces  porosity  and  the  tendency  for  ingot  cracking. 
Aluminum-lithium  alloys  have  been  found  to  be  more  difficult  to  grain  refine  than 
conventional  aluminum  alloys  (11) .  The  difficulty  has  been  partly  associated  with  the 
presence  of  zirconium  which  is  used  to  control  the  wrought  grain  structure,  since  zirconium 
enhances  the  formation  of  twinned  columnar  grains  (TCG)  (12).  Zirconium  has  beneficial 
effects,  of  course,  since  it  forms  the  coherent  Al^Zr  during  ingot  preheat  which  is  very 
efficient  in  inhibiting  recrystallization  without  the  adverse  effects  on  fracture  toughness 
that  are  sometimes  associated  with  large  iSi.  AlgMnjSi,  and  Al,QCU2Mn3  particles 
present  in  many  2XXX  alloys.  During  normal  ingot  breakdown,  hot  working  and  subsequent 
heat  treatment,  the  AljZr  dispersoids  inhibit  recrystallization  although  the  cast  grains 
do  elongate  in  the  direction  of  metal  flow.  Consequently,  in  the  final  product  most  Al- 
Li  alloys  are  unrecrystallized,  and  the  cast  grain  structure  relates  directly  to  the  grain 
structure. 

Typical  grain  refining  problems  include  a  non-uniform  grain  size  and  the  formation 
of  twinned  columnar  grains  (TCG)  which  not  only  result  in  increased  cracking  during 
processing  but  also  reduce  the  elongation  of  the  final  product  as  shown  in  Figure  1.  The 
as-cast  grain  size  correlates  well  with  both  the  toughness  and  the  stress  corrosion 
resistance  of  the  final  product.  A  fine  as-cast  grain  size  reduces  fracture  toughness, 
and  fatigue  crack  growth  resistance,  since  it  minimizes  the  beneficial  crack  branching  and 
the  tortuous  crack  path  often  observed  in  larger-grained  aluminum  alloys.  However,  a  fine 
as-cast  grain  size  has  been  shown  to  have  beneficial  effects  on  the  stress  corrosion 
resistance  of  aluminum-lithium  alloys.  Figure  2.  A  reduction  in  grain  size  decreases  the 
slip  length  and  reduces  the  stress  concentrations  at  grain  boundaries  thus  reducing  the 
mechanical  component  of  stress  corrosion  cracking. 

Inclusions  may  originate  from  the  lining  of  the  furnace,  the  flux,  or  from  the 
presence  of  certain  impurities,  e.g. ,  iron  and  silicon.  The  effect  of  iron  content  on  the 
strength/toughness  of  alloy  2020  aged  to  the  T8  temper  (13)  is  shown  in  Figure  3.  Molten 
metal  filtering,  fluxless  or  inert  gas  casting,  and  high  purity  starter  materials  are 
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Figure  1.  The  effect  of  twin  columnar  grains  and  lithium  content  on  the  elongation  of  A1 
Li  alloys  (From  Labarre  et  al.,  reference  11). 


Figure  2.  The  effect  of  as-cast  grain  structure  on  the  stress  corrosion  behavior  of  8090- 
T851  plate.  Base-line  data  of  2012-T651  and  7075-T651  is  shown  for  comparison  (Courtesy 
of  A.  Gray,  Alcan  International) . 


Figure  3.  The  effect  of  iron  content  on  the  strength/toughness  relationship  of  2090  (From 
Ashton  et  al.,  reference  13). 


common  methods  used  to  minimize  inclusion  problems.  Besides  the  well-known  relationship 
between  inclusion  content  and  fracture  toughness,  a  high  silicon  content  is  believed  to 
have  a  detrimental  effect  on  the  corrosion  properties  of  Al-Li  alloys  (14).  For 
compositions  containing  greater  than  0.08  wt.%  Si,  the  equilibrium  AlLiSi  phase  forms  upon 
solidification  and  is  retained  through  all  subsequent  thermal  mechanical  treatments.  This 
phase  serves  as  an  active  nucleation  site  for  surface  pitting  upon  exposure  to  salt  water, 
and  greatly  diminishes  the  material's  resistance  to  stress  corrosion  cracking. 
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Precipitate  Structure,  Deformation  Behavior  and  Fracture: 

Al-Li:  When  binary  Al-Li  alloys  containing  more  than  1  wt.%  lithium  are  quenched  from 
the  single-phase  field  and  aged  at  a  temperature  below  the  solvus,  homogeneous 
precipitation  of  the  metastable  ordered  phase  S'  (Al^Li)  occurs.  For  alloys  containing 
more  than  1.7  wt.%  Li  it  may  be  impossible  to  suppress  S'  formation  during  quenching  even 
when  using  ice  water  as  the  quenching  medium  (15).  These  precipitates  have  an  LI2  type 
superlattice  structure,  a  spherical  shape,  and  a  cube/cube  orientation  with  the  aluminum 
matrix  (16,17).  High  temperatures  and/or  long  aging  times  at  normal  aging  temperatures 
result  in  the  heterogeneous  precipitation  of  the  equilibrium  S  (AlLi)  phase  at  grain 
boundaries  and  other  planar  interfaces.  These  precipitates  consume  lithium  from  the 
surrounding  region  and  produce  a  lithium-depleted  precipita ie-f ree-zone  (PFZ)  adjacent  to 
the  grain  boundary.  The  microstructural  features  just  described  are  shown  in  the 
transmission  electron  micrographs  (TEM's)  of  Figure  4a.  In  commercial  Al-Li  alloys  that 
contain  zirconium  the  small  (~  50  nm)  coherent,  ordered  AljZr  dispersoids  that  form  during 
the  ingot  preheat  are  isostructural  with  AljLi  and  can  act  as  nucleation  sites  for  these 
precipitates.  These  composite  precipitates  are  often  observed  coexisting  with  the 
homogeneously  nucleated  6'.  Although  the  S'  precipitates  can  be  sheared  by  moving 
dislocations.  Figure  4b,  they  impede  their  motion  and,  consequently,  greatly  improve  the 
strength  over  that  of  unalloyed  aluminum.  During  artificial  aging  the  S'  precipitates 
coarsen  but  retain  their  coherency  and  spherical  morphology  to  relatively  large  sizes  (>50 
nm) .  A  change  in  deformation  mode  from  shearing  to  Orowan  looping  does  not  occur  during 
practical  heat-treatment  times  and  temperatures. 

When  the  S'  precipitates  are  sheared  by  dislocations  during  deformation,  their 
strengthening  effect  is  reduced  as  both  the  degree  of  order  and  the  precipitate  size  on 
the  glide  plane  is  reduced  when  the  precipitate  is  sheared.  Although  dislocations  move 
in  pairs  (superdislocations)  in  order  to  minimize  the  creation  of  antiphase  domain 
boundaries  in  the  S',  their  shearing  results  successively  in  a  local  decrease  in  resistance 
to  further  dislocation  motion,  a  concentration  of  slip  into  intense  shear  bands.  Figure 
5  (15),  and  a  reduction  in  ductility  and  fracture  toughness.  Cassada  et  al.  (IF)  have 
shown  how  the  deformation  can  be  homogenized  and  ductility  improved  by  the  addition  of 
non-shearable  precipitates.  Since  PFZ's  are  weaker  than  the  precipitation-hardened  matrix 
they  can  also  lead  to  strain  localization,  thus  further  lowering  the  ductility  and  fracture 
toughness.  This  adverse  effect  is  enhanced  by  the  presence  of  the  coarse  grain  boundary 
precipitates  which  may  fracture  or  act  as  stress  risers  and  preferential  sites  for 
microvoid  nucleation  and  growth.  Because  of  the  severe  strain  localization  effects 
associated  with  S'  and  PFZ's,  all  aluminum  alloys  containing  lithium  that  are  being 
developed  for  commercial  use  contain  other  alloying  elements  in  order  to  modify  the 
precipitate  types  and  sequences  and  thereby  develop  acceptable  combinations  of  strength 
and  toughness. 


Figure  4.  TEM's  of  an  Al-Li  alloy  aged  24  h  at  363K:  (a)  Bright-field  image  showing  Al.Li 
in  the  matrix,  AlLi  at  grain  boundaries  and  PFZ.  (b)  Dark  field  image  showing  the  shearing 
of  AljLi  that  occurs  during  deformation. 


Figure  ,  TFH  r.hnwing  intense  shear  bands  in  an  Al-Li  binary  alloy. 
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Al-Li-Mq:  Tne  effect  of  magnesium  additions  on  the  phase  equilibria  of  Al-Li  alloys 
has  been  reported  by  a  number  of  in.estigators  (6,19,20).  Magnesium  decreases  the 
solubility  of  lithium  in  aluminum  at  all  temperatures  below  about  425°C  (21) .  Similarly, 
the  solubility  of  magnesium  in  aluminum  is  drastically  reduced  by  the  presence  of  lithium. 
Beyond  the  region  of  solid  solution,  in  Al-Li-Mg  ternary  alloys  with  compositions  close 
to  the  Al-Li  binary,  the  decomposition  of  the  supersaturated  solid  solution  occurs  via  the 
6 '  to  S  precipitation  sequence.  However,  as  the  composition  of  the  ternary  alloy  is  varied 
from  the  Al-Li  binary  towards  the  Al-Mg  binary  by  increasing  the  magnesium  to  lithium 
ratio,  the  phase  that  is  in  equilibrium  with  the  a  solid  solution  changes  from  S  to 
AljMgLi.  When  supersaturated  Al-Li-Mg  alloys  of  practical  interest  are  aged  at 

temperatures  below  about  240‘‘C,  the  precipitation  sequence  occurs  as  follows: 

“ss  ^ '  ■*  “m  ^ Al2MgLi  -•  +  AljMgLi 

where  O55,  and  a^,  refer  to  the  supersaturated,  the  metastable  and  the  equilibrium  a 
solid  solutions,  respectively. 

The  S'  phase  that  forms  in  Al-Mg-Li  alloys  is  similar  to  that  which  occurs  in  the 
Al-Li  binary.  AljMgLi  has  a  cubic  a-Mn  crystal  structure  and  forms  as  rods  along  the  <110> 
directions  of  the  matrix  (20) .  This  phase  is  incoherent  with  the  matrix,  and  nucleates 
predominately  along  the  grain  boundaries,  dislocations  and  other  structural 
inhomogeneities.  Consequently,  it  does  not  contribute  to  precipitation  hardening.  Al.Li 
is  the  only  phase  responsible  for  the  strength  of  Al-Li-Mg  alloys,  with  the  magnesium 
contributing  to  some  solid  solution  hardening  (22).  Therefore,  the  deformation  behavior 
is  coarse-planar,  similar  to  that  which  occurs  in  Al-Li  binary  alloys,  and  the  extensive 
strain  localization  that  develops  during  deformation  leads  to  premature  failure.  The 
lithium-rich  AljMgLi  phase  that  precipitates  along  grain  and  subgrain  boundaries  results 
in  the  formation  of  4'  PFZ's  during  prolonged  artificial  aging.  As  discussed  previously, 
these  zones,  and  their  ar  ociated  coarse  grain  boundary  precipitates,  have  deleterious 
effects  on  ductility,  fracture  toughness,  and  possibly  corrosion  resistance  (19) . 

Al-Li-Cu:  The  addition  of  copper  decreases  the  maximum  solid  solubility  of  lithium 
in  aluminum  at  all  temperatures  (5).  Copper  in  solid  solution  does  not  influence  the  basic 
character  of  the  4'  precipitation  reaction  (23),  but  it  does  introduce  additional 
beneficial  precipitation  reactions  that  occu>  independent  of  the  4'  reaction.  The  natures 
of  the  metastable  and  equilibrium  phases  that  form  within  this  alloy  system  have  been  shown 
to  be  dependent  on  the  Cu:Li  ratio  and  the  aging  temperature  (5).  For  example,  during 
aging  at  temperatures  typical  of  commercial  aging  practices  (120°  to  200°C)  the 
decomposition  of  the  solid  solution  in  a  2090  type  alloy  (Al-2.2Li-2.7Cu-0.12Zr)  results 
in  the  formation  of  the  metastable  e*  (AljCu-the  primary  strengthening  phase  in  Al-Cu 
alloys)  and  the  equilibrium  T,  phase  (AljCuLi)  (5,24, 25) .  AljCu  has  not  been  observed  for 
Cu;Li  ratios  less  than  approximately  1,3.  AljCu  has  a  tetragonal  crystal  structure  and  the 
precipitates  form  as  platelets  parallel  to  the  (100)  planes  of  the  matrix.  T,  has  a 
hexagonal  crystal  structure  with  a  =  0.497  and  c  =  0.934  nm  and  also  forms  as  thin 
platelets  but  with  a  (111)  habit  plane.  In  commercial  Al-Li-Cu  alloys  such  as  2090,  T,  is 
the  predominant  copper  bearing  strengthening  phase  present  after  artificial  aging  to  the 
near  peak  strength  condition,  although  6'  may  be  present  to  a  lesser  degree.  Figures  6a 
and  6b  are  TEM's  of  a  2090-type  alloy  showing  the  complex  precipitate  structure  after  aging 
to  peak  strength. 

Both  T,  and  0'  nucleate  heterogeneously  on  dislocations  and  low  angle  grain 
boundaries,  and  other  substructural  features.  AljLi  normally  is  the  first  precipitate  that 
forms  during  the  aging  of  Al-Li-Cu  alloys  having  compositions  of  commercial  interest. 
Subsequent  precipitation  of  T,  and  e'  may  reduce  the  volume  fraction  and  alter  the 
distribution  of  S’  since  T,  incorporates  lithium  and  artificial  aging  may  result  in  some 


Kitjuro  6.  TKM'ri  of  the  ;'()90  alloy  :;olution  ho.if  troatod  showing  a  complex  precipitate 
c.trvioture  that  include-,  o',  1,,  S',  and  Al,7.r  (!>').  (a)  Bright  field,  (b)  dark  field. 


reversion  and  reprecipitation  of  4*.  Although  Noble  and  Thompson  (24)  and  Gregson  and 
Flower  (26)  have  suggested  that  growth  of  the  T,  platelets  is  sustained  by  lithium  from 
solid  solution  rather  than  dissolution  of  the  S'  particles,  Sanders  (27)  has  clearly  shown 
that  during  growth  the  T,  precipitates  cut  through  the  4 '  precipitates  and  may  consume 
them.  Figure  7.  Reducing  the  volume  fraction  of  4 '  is  beneficial  in  reducing  the  degree 
of  strain  localization  (15). 

Apart  from  the  metastable  G'  and  equilibrium  T,  precipitates,  the  addition  of  copper 
also  introduces  another  copper-containing  phase,  Tj,  having  the  stoichiometry  of  Al^CuLi, 
(5)  which  nucleates  predominately  on  high  angle  boundaries.  Electron  (28-31)  and  x-ray 
diffraction  (29)  analyses  of  this  phase  provide  strong  evidence  that  Tj  displays  five  fold 
icosahedral  symmetry.  The  formation  of  the  Tj  phase  particles  (which  are  richer  in  lithium 
than  4')  along  the  grain  boundaries  lead  to  the  development  of  4'  PFZ's  adjacent  to  these 
boundaries.  Figure  8,  with  concomitant  reduction  in  ductility  and  fracture  toughness. 
Cassada  et  al.  (30)  have  shown  that  in  2090-type  Al-Li  alloys  the  Tj  phase  is  stable  over 
the  temperature  range  of  170°-520°C.  Consequently,  grain  boundary  precipitation  of  this 
phase  should  be  anticipated  in  products  that  are  slowly  cooled  or  aged  at  temperatures 
above  170°C. 

Early  work  by  Price  and  Kelly  (32)  on  Al-Cu  single  crystals  aged  to  precipitate  0' 
indicated  that  G'  was  not  sheared  but  was  looped  and  bypassed  by  moving  dislocations  in 
accordance  with  the  Orowan  model  of  strengthening.  However,  Starke  and  Lin  (33)  clearly 
showed  that  when  the  Al-Cu-Li  alloy  2020  was  aged  to  peak  strength,  where  both  0'  and  4' 
were  present,  deformation  occurred  by  coarse  planar  slip.  Huang  and  Ardell  (34)  obtained 
indirect  evidence  that  Tj  is  looped  and  bypassed  by  glissile  dislocations,  confirming  an 
earlier  suggestion  by  Sainfort  and  Guyot  (35).  The  former  authors  aged  an  Al-Li-Cu  alloy 
to  produce  4'  and  T,  and  then  applied  a  reversion  treatment  to  eliminate  4'.  However,  Jata 
and  Starke  (36)  showed  direct  evidence  of  T,  shearing  in  an  Al-Li-Cu  alloy  which  also 
contained  G'  and  4'  precipitates.  Howe  et  al.  (37)  used  high  resolution  electron 
microscopy  to  study  the  structure  and  deformation  behavior  of  T,  plates  in  an  Al-2Li-lCu 
alloy  and  showed  conclusively  that  T,  plates  are  cut  by  dislocations  during  deformation  and 
that  such  cutting  leads  to  a  disruption  of  nearest-neighbor  bonding  in  the  plates. 
Shearing  of  T,  and  0'  when  4'  is  present  may  result  from  the  superdislocations  associated 
with  4'  having  a  pileup  force  sufficient  to  shear  these  partially  coherent  precipitates. 


Figure  7.  Dark-field  micrograph  showing  T1  precipitates  cutting  through  and  consuming 
AljLi  precipitates  (Courtesy  of  T.H.  Sanders,  Jr.). 


I'i'iurc  H.  M  i  croqraiitif.  i  1  I 'j;-.!  rat  j  nq  grain  Ijound.iry  prec  i  p  i  t  at  os  and  asr.ociatod  Pl"7;  (a) 

Hriqlit-t  iold  microgr.iph  with  T,  gr.iin  iioundary  proc  i  p  i  t  a  t  os.  witli  livo-lold  di  I  tract  ion 
fiymnotry  .iriowod.  (li)  AI,Li  d.irk  I  iold  showint)  tho  location  of  grain  boutulary  and  gr.iin 
hound. iry  p  t  o.  ■  i  |i  i  t  ,  1 1  >  s;  (Court  o".y  of  W.A.  (■.is.s..ida  )  . 
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Although  both  6 '  and  T,  may  be  sheared  in  the  presence  of  S',  they  do  appear  to 
decrease  the  extent  of  strain  localization  that  occurs  in  binary  Al-Li  alloys.  The 
resistance  that  a  shearable  strengthening  precipitate  offers  to  a  gllssile  dislocation 
depends  on  a  number  of  factors  which  include  the  coherency  strain  field,  the  interfacial 
energy,  the  internal  structure  of  the  precipitate,  etc.  For  ordered  precipitates,  such 
as  S',  the  strengthening  mechanism  associated  with  the  internal  structure  is  reduced  by 
shearing.  The  small  lattice  misfit  (-0.18%) (16)  and  the  small  interfacial  energy  (180 
ergs/cm^)  (38)  between  S'  and  the  matrix  suggest  that  these  strengthening  mechanisms  are 
not  important  for  S'.  However,  the  much  larger  misfits  and  interfacial  energies  between 
e',  T,  and  the  matrix  suggest  that  these  strengthening  mechanisms  do  operate  when  these 
precipitates  are  present.  Neither  strengthening  mechanism  is  as  effectively  destroyed  by 
particle  shearing  as  is  order  strengthening  and,  therefore,  the  tendency  for  strain 
localization  by  work  softening  on  the  glide  plane  is  reduced  when  e'  and  T,  are  present. 
The  alloy  Weldalite  may  be  used  to  illustrate  the  effect  of  iJ '  and  T,  on  the  deformation 
behavior  of  Al-Li-Cu  alloys  (39).  Weldalite-T3  is  characterized  by  fine  GP  zones  and  4' 
particles  and  deforms  by  intense  localized  planar  slip.  Figure  9a.  When  aged  to  the  T8 
temper,  T,  is  the  only  strengthening  phase  and  deformation  is  more  homogeneous.  Figure  9b, 
indicating  that  there  is  no  significant  loss  in  strength  on  the  slip  plane  during 
deformation  (39)  and  supporting  the  contention  that  T,  is  difficult  to  shear  in  the  absence 
of  4'  . 

Al-Li-Cu-Mg:  When  magnesium  is  added  to  Al-Li  alloys  containing  copper,  matrix 
precipitation  of  S'  (AljCuMg)  occurs.  The  exact  nature  of  the  phase  equilibria  of  the 
quaternary  Al-Li-Cu-Mg  alloys  depends  on  the  relative  concentrations  of  all  three  alloying 
elements.  For  example,  the  addition  of  small  amounts  (0.5  to  1.0  wt.%)  of  magnesium  to 
a  high  copper  alloy  such  as  2090  suppresses  the  formation  of  9'  and  introduces  the  S'  phase 
(40).  Since  S'  contains  no  lithium,  4'  precipitation  is  not  markedly  influenced  by  the 
magnesium  addition  and  T,  remains  the  dominant  secondary  phase  in  such  an  alloy.  For 
alloys  such  as  Al-3Cu-l.6Li-0.8Mg  little  or  no  4'  forms  and  there  appears  to  be  equal 
amounts  of  T,  and  S'  (40).  In  higher  lithium  -  lower  copper  alloys  such  as  8090,  S',  which 
precipitates  with  4'  and  a  small  amount  of  T,,  becomes  the  dominant  Cu-bearing  phase 
(26,41).  As  the  magnesium  to  copper  ratio  is  progressively  increased,  the  precipitation 
of  T,  is  fully  suppressed  and  S'  becomes  the  primary  Cu-bearing  strengthening  phase.  This 
is  the  case  for  2091  which  has  a  nominal  composition  of  Al-2Li-2.2Cu-l.5Mq-0.8Zr  (42,43). 
When  the  concentration  of  magnesium  exceeds  that  of  copper  the  AljMgLi  phase  may 
precipitate  in  addition  to  S'  (44). 

The  S'  phase  has  an  orthorhombic  crystal  structure  (a  =  0.405  nm;  b  =  0.905  nm;  c  = 
0.72  nm)  and  forms  initially  as  rods  or  needles  aligned  along  the  <100>  directions  in  the 
matrix.  The  precipitates  are  partially  coherent  with  the  matrix  and  show  a  strong  tendency 
for  heterogeneous  nucleation  along  matrix  dislocations,  low  angle  grain  boundaries  and 
other  structural  inhomogeneities.  Figure  10.  However,  unlike  the  case  of  T,  precipitation, 
the  heterogeneous  precipitation  of  S'  does  not  result  in  PFZ's  along  either  low  or  high 
angle  grain  boundaries.  A  Tj-type  phase  (possibly  AljCu(LiMg) j)  has  been  observed  on  grain 
boundaries  of  8090-type  alloys  and,  similar  to  such  precipitation  in  Al-Li-Cu  alloys,  it 
does  result  in  PFZ's.  The  combination  of  these  microstructural  features  may  lead  to  low 
ductility,  fracture  toughness,  and  corrosion  resistance  although  the  presence  of  S'  in  the 
matrix  certainly  minimizes  these  effects.  Crooks  et  al.  (45)  and  Crooks  and  Starke  (40) 
have  clearly  shown  that  when  S'  is  present  in  Al-Li-Cu-Mg  alloys  strain  localization  is 
suppressed  indicating  that  the  precipitate  is  not  sheared  by  glissile  dislocations.  These 
observations  were  later  confirmed  by  Gregson  and  Flower  (26).  The  S'  precipitates  do  not 
have  densely  packed  slip  planes  parallel  to  the  matrix  slip  planes  and  are,  therefore, 
unlikely  to  be  penetrated  by  dislocations  (26) . 

A  schematic  representation  of  the  various  phases  found  in  basic  as  well  as  the  more 
complex  Al-Li-X  systems  that  encompass  modern  Al-Li  alloys  is  shown  in  Figure  11. 


Figure  9.  TEM  showing  deformation  behavior  in  Weldalite  (a)  aged  to  the  T3  temper,  (b) 
aged  to  the  T8  temper  alter  2%  plastic  strain. 
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Figure  10.  Dark  field  TEM  showing  S'  precipitation  on  matrix  dislocations  and  low  angle 
boundaries  in  an  Al-2.7Li-l.5Cu-lMg-0.15Zr  alloy. 
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Figure  11.  A  schematic  illustration  of  the  precipitate  phases  that  form  in  Al-Li-X  alloys 
(from  Narayanan  and  Quist) . 


EFFECT  OF  PROCESSING  ON  HICROSTRUCTURE  DEVELOPMENT  AND  PROPERTIES 

As  mentioned  previously,  the  first  Al-Li-X  alloys  that  were  developed  for 
commercialization  suffered  from  low  ductility  and  fracture  toughness.  These  problems  were 
primarily  associated  with  strain  localization  and  grain  boundary  precipitates,  and  alloying 
additions  and  processing  methods  were  selected  to  minimize  these  problems.  A  variety  of 
production  methods,  including  rapid  solidification  and  powder  metallurgy  consolidation, 
mechanical  alloying,  and  ingot  casting  have  been  used  for  the  development  of  the  new  Al-Li 
alloys.  Rapid  solidification  and  mechanical  alloying  were  used  as  a  means  of  reducing  the 
grain  size  and  extending  solid  solubility;  however,  ingot  casting  has  proven  to  be  the 
most  feasible  method  for  the  production  of  large  plate  and  extrusion  products  and  is  being 
used  for  the  alloys  that  are  currently  in  commercial  production.  However,  powder 
metallurgy  methods.  Including  mechanical  alloying,  may  offer  advantages  for  certain  product 
forms  such  as  forgings. 

Processing  begins  with  homogenization  to  reduce  segregation,  remove  the  low-melting 
nonequilibrium  phases,  and  thus  improve  workability.  This  thermal  treatment  also  serves 
to  precipitate  the  dispersoid-forming  elements,  such  as  those  containing  zirconium,  so  that 
they  may  perform  their  role  of  grain  control  during  subsequent  processing.  One  must  be 
very  careful  in  going  to  the  final  homogenization  temperature  to  ensure  that  the 
low-melting  phases  are  dissolved  before  their  melting  temperatures  are  reached.  The 
atmosphere  used  in  the  homogenization  treatment  should  be  relatively  dry  in  order  to 
minimize  oxidation  and  hydrogen  pickup.  One  also  needs  to  be  concerned  about  lithium  loss 
from  the  surface  (46).  The  homogenization  treatment  is  followed  by  hot  working  for  ingot 
breakdown  and  si. ape  change  to  the  appropriate  product  form.  The  wrought  product  is  then 


solution  heat  treated,  quenched,  possibly  worked,  and  aged  to  develop  the  desired 
microstructure.  The  temperature,  amount  of  deformation  prior  to  aging,  etc. ,  depend  on 
the  alloy  composition  and  the  final  microstructure  and  properties  that  are  desired. 


Density  and  Elastic  Modulus: 

Lithium  is  the  lightest  metallic  element  and,  with  the  exception  of  beryllium,  is  the 
only  metal  that  both  increases  the  modulus  and  reduces  the  density  when  alloyed  with 
aluminum.  Although  the  presence  of  heavier  elements  such  as  copper  will  somewhat  offset 
the  density  advantage  afforded  by  lithium,  the  overall  reduction  in  density  achieved  will 
still  be  dominated  by  the  amount  of  lithium  added  (47),  Figure  12.  Several  investigators 
have  developed  empirical  equations  to  predict  alloy  densities  from  known  composition.  One 
such  formula  by  Peel  et  al.  (41)  is  as  follows: 

Density  (g/cc)  =  2.71  +  0.024%Cu  +  0.018%Zn  +  0.022%Mn  -  0.079%Li  -  0.01%Mg  -  0.004%Si. 
In  this  equation  the  elemental  concentrations  are  expressed  in  weight  percent. 

The  modulus  enhancement  of  aluminum  by  lithium  additions  is  due  to  both  solid  solution 
effects  as  well  as  to  the  precipitation  of  lithium  bearing  compounds,  and  will  change 
relative  to  both  the  amount  of  lithium  added  and  the  prior  thermal  treatment  (48,49). 
Copper  has  a  slight  beneficial  effect  and  magnesium  a  slightly  negative  effect  on  the 
modulus  of  aluminum  (50,51).  Recent  studies  by  O'Dowd  et  al.  (52)  for  2090-type  alloys 
and  Broussaud  and  Thomas  (53)  for  Al-Li  binary  alloys  have  shown  that  a  maximum  in  modulus 
occurs  just  prior  to  the  peak  strength  condition.  Figure  13.  Using  the  law  of  mixtures 
and  a  modulus  for  aluminum  of  80.7  GPa  O' Dowd  et  al.  calculated  a  modulus  for  6'  of  97  GPa 
and  a  modulus  for  T,  of  approximately  350  GPa.  They  observed  a  sharp  drop  in  modulus  with 
the  precipitation  of  the  icosahedral  Tj  phase.  Their  data  suggested  that  Tj  has  an 
extremely  low  intrinsic  modulus  and  is  very  detrimental  to  the  elastic  properties  of 
Al-Li-Cu  alloys.  Figure  14  shows  a  comparison  of  the  modulus  of  elasticity  of  several 
Al-Li-X  and  baseline  aluminum  alloys  (54). 
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Figure  12.  A  comparison  of  densities  for  several  Al-Li  and  conventional  alloys  (From 
Wakeling,  reference  54). 
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Figure  13.  Young's  modulus  versus  aging  time  at  igo^C  for  an  Al-2.31Li-2.24Cu-0.16Zr 
alloy.  Precipitation  occurs  as  indicated  on  the  figure  (From  O'Dowd  et  al.,  reference  52). 
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Figure  14.  A  comparison  of  Young's  modulus  for  several  Al-Li  and  conventional  alloys  (From 
Wakeling,  reference  54)  . 

Grain  Structure  and  Crystallographic  Texture: 

Starke  and  Lin  (33)  showed  that  grain  structure  and  texture  can  have  a  significant 
effect  on  the  ductility  of  aluminum-lithium  alloys.  They  related  the  poor  ductility  and 
fracture  toughness  of  a  2020  alloy  plate  product  to  a  partially  recrystallized  structure, 
very  large  recrystallized  grains,  and  a  high  volume  fraction  of  large  inclusions.  They  were 
able  to  significantly  improve  the  ductility  of  2020  by  thermomechanical  treatments  that 
produced  either  a  completely  recrystallized  structure  with  small  recrystallized  grains  or 
a  completely  unrecrystallized  structure  with  a  sharp  deformation  texture.  Subsequently, 
Lin  (55)  showed  that  when  PFZ's  are  present  the  grain  aspect  ratio  of  the  recrystallized 
grains  also  has  a  major  effect  on  the  deformation  behavior  and  fracture  mode. 

For  alloys  that  deform  by  planar  slip  and/or  have  soft  PFZ's,  e.g.,  2020,  large 
recrystallized  grains  result  in  long  slip  lengths  which  produce  large  stress  concentrations 
at  grain  boundaries  and  enhance  low-energy  intergranular  fracture.  Deformation  is 
localized  within  the  PFZ  only  when  this  region  is  favorably  oriented  for  slip.  This  is 
always  the  case  for  equiaxed  grains  but  occurs  with  less  frequency  for  elongated  grains 
when  the  stress  axis  is  parallel  to  the  long  grain  dimension.  Grain  boundary 
misorientation,  i.e.,  texture,  also  plays  a  role  in  determining  slip  length  and  type  of 
fracture.  Grain  boundaries  can  be  a  major  barrier  to  slip  if  the  misorientation  is  large, 
which  is  the  usual  case  for  recrystallized  aluminum  alloys.  However,  grain  boundaries  may 
not  inhibit  slip  if  the  misorientation  is  small,  e.g.,  for  unrecrystallized  materials  with 
sharp  deformation  textures  (56)  (this  is  the  situation  for  most  Al-Li  alloy  products) . 
The  deformation  process,  i.e.,  the  operative  slip  system ( s) ,  strongly  depends  on  the 
crystal  orientation.  Shape  accommodation,  due  to  the  constraint  of  material  flow,  varies 
with  the  crystal  orientation  and  the  misorientation  between  adjacent  grains. 

Small  grains  and  large  misorientations  enhance  multiple  slip  due  to  von  Mises 
criterion,  which  may  reduce  stress  concentrations  at  grain  boundaries  and  the  incidence 
of  intergranular  fracture.  However,  when  the  grain  size  is  larger  than  some  critical 
value,  (which  depends  on  the  strength  of  the  boundary,  the  degree  of  slip  planarity,  etc.) 
a  large  misorientation  produces  an  effective  barrier  to  slip,  resulting  in  a  stress 
concentration  which  may  increase  the  incidence  of  intergranular  fracture.  A  sharp 
deformation  texture  enhances  slip  continuity  across  grain  boundaries  and  increases  the 
probability  of  higher  energy  transgranular  fracture.  However,  if  slip  is  coarse-planar 
and  strain  localization  extensive,  the  fracture  toughness  may  be  low  even  though  the 
fracture  mode  is  transgranular  (27) . 

The  desired  grain  structure  may  depend  on  the  stress  condition  (57) .  Plane  stress 
fracture  toughness  is  believed  to  be  controlled  by  the  amount  of  plastic  deformation 
occurring  in  a  large  plastic  zone  and  a  fine  recrystallized  grain  structure  aids  in 
producing  a  maximum  amount  of  plastic  deformation.  On  the  other  hand,  plane  strain 
fracture  toughness  may  be  more  influenced  by  grain  boundary  particles  and  increased 
toughness  may  result  from  a  large  grain  boundary  spacing.  In  Al-Li  alloys  these  effects 
are  particularly  important,  and  it  is  found  that  sheet  material  with  a  recrystallized  fine 
grain  size  often  produces  the  highest  plane  stress  toughness  whereas  unrecrystallized 
coarse  grained  thick  section  material  is  best  for  high  plane  strain  fracture  toughness 
(57)  . 


Texture  may  have  a  significant  effect  on  strength  as  predicted  by  the  Taylor 
relationship:  a  -  Hf,  where  a  is  the  yield  strength,  T'  the  critical  resolved  shear 
strength  on  (111)  planes  and  M  an  orientation  factor  which  averages  the  distribution  of 
grain  orientations.  When  this  distribution  is  isotropic,  M  =  3.  The  textures  produced 
in  aluminum  alloys  depend  on  a  variety  of  parameters  which  include  alloy  content, 
precipitate  structure  and  deformation  mode,  grain  size  and  shape,  starting  texture,  degree 
of  rocrysta 1 1 izat ion ,  directionality  of  deformation,  and  temperature  of  deformation.  The 
crystallographic  texture  usually  cannot  be  simply  described  since  it  may  consist  of  a 
number  of  deformation  and  recrystallization  components. 
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CoimierclaX  alvuninum-lithiun  alloys  normally  have  very  strongly  developed  textures  with 
resultant  anisotropic  properties  (58-67).  Both  Al-Li-Cu-Zr  and  Al-Li-Cu-Mg-Zr  alloys 
exhibit  pronounced  yield  stress  and  ductility  anisotropy  in  sheet,  plate,  and  extruded 
products.  In  sheet  products,  mechanical  properties  vary  with  angle  of  the  stress  axis  to 
the  rolling  direction  (67),  Figure  15.  In  thicker  products,  e.g.,  plate  and  extrusions, 
the  texture  may  vary  throughout  the  thickness  resulting  in  an  additional  ar’sotropy.  Figure 
16  (65).  Some  of  the  through-thickness  texture  variation  is  usually  associated  with  a 
limited  amount  of  recrystallization  that  normally  occurs  near  the  surface.  In  addition 
to  anisotropic  effects  due  to  crystallographic  texture,  variation  in  properties  throughout 
a  product  may  be  due  to  variations  in  volume  fraction  and  distribution  of  the  strengthening 
and  grain  boundary  precipitates  (14) .  Rapid  heat-up  rates  during  solution  heat  treatment, 
e.g.,  associated  with  salt  baths,  may  decrease  the  degree  of  anisotropy,  Figure  15  (67). 
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Figure  15.  The  mechanical  properties  of  Al-Li  alloy  8090  as  a  function  of  solution  heat 
treatment  practice  and  angle  to  the  rolling  direction  (From  Reynolds  et  al. ,  reference  67) . 

The  texture  may  also  influence  delamination  cracks  that  are  often  observed  in  Al-Li 
alloys.  Rolled  plate  and  extrusions  of  2090-  and  8090-type  Al-Li  alloys  may  have  a 
tendency  to  form  delamination  cracks  extending  in  the  processing  direction  during  fracture 
(68-72) .  Some  authors  have  suggested  that  the  delamination  phenomena  increases  the 
conventional  fracture  toughness  due  to  "delamination  toughening"  (72),  i.e.,  the  L-T,  L- 
S  and  T-S  oriented  specimens  show  higher  fracture  toughness  than  S-L  and  S-T  specimens. 
Moreover,  recent  research  indicates  that  the  cryogenic  fracture  toughness  in  the  L-T 
orientation  is  higher  than  at  room  temperature  (68-71)  and  is  accompanied  by  an  increase 
in  the  yield  strength,  UTS,  strain  to  fracture  and  the  strain  hardening  exponent  (68-70). 
Roven  et  al.  (73)  recently  examined  the  influence  of  PFZ's  and  variations  in  the  relative 
misorientations  between  grains  in  the  S-direction  on  the  delamination  behavior  of  an  8090- 
type  alloy  at  cryogenic  and  room  temperature.  Two  conditions  are  investigated,  i.e.,  one 
condition  having  a  wide  PFZ  and  the  other  condition  with  no  PFZ.  The  recently  developed 

(74)  and  modified  EBSP  technique  in  the  SEN  (75)  was  employed  for  micro-texture 
measurements.  This  technique  is  unique  since  it  makes  direct  correlations  between  the 
microstructure  and  the  crystallographic  orientation  possible  on  a  macroscopic  specimen 

(75)  . 

Roven  et  al.  (73)  found  that  the  delamination  behavior  could  be  characterized  by  (i) 
a  "fine  delamination"  whose  spacing  was  independent  of  both  aging  condition  and  test 
temperature,  i.e.,  77K  and  room  temperature,  and  (ii)  a  "coarse  delamination"  whose  spacing 
varied  both  with  aging  condition  and  test  temperature  (RT  and  77  K) .  However,  the  coarse 
spacing  was  roughly  equal  for  the  two  conditions  at  77  K.  The  spacing  of  the  "fine 
delaminations"  correlated  very  closely  to  periodical  events  of  high  to  low  relative 
misorientations  of  grains  in  the  S  direction.  The  fracture  processes  of  the  PFZ-containing 
condition  Included  slip  localization  both  in  slip  bands  and  in  the  PFZs  giving 
intergranular  failure.  In  the  PFZ-free  condition  the  fracture  process  was  dominated  by 
slip  localization  in  slip  bands  giving  slip  band  decohesion.  The  latter  condition  had 
better  cryogenic  properties  than  the  PFZ-containing  microstructure. 

The  sharp  textures  that  occur  in  Al-Li-X-Zr  alloys  are  strongly  associated  with  the 
use  of  zirconium  as  a  grain  refiner  and  recrystallization  inhibitor.  In  addition,  lithium 
probably  has  a  contributory  effect  (76).  Unless  special  procedures  are  applied  no 
significant  amount  of  recrystallization  occurs  in  Al-Li-X-Zr  alloys  during  ingot  breakdown 
or  subsequent  thermomechanical  processing,  including  intermediate  anneals  and  solution  heat 
treatments.  This  results  in  a  very  well  defined  deformation  texture  and  the  consequential 
effects  mentioned  previously.  Cross  rolling  may  spread  the  predominant  poles  and  decrease 
the  degree  of  anisotropy  (13,61).  As  noted  earlier,  recrystallization  textures  normally 
lead  to  more  isotropic  properties  and  a  very  fine  recrystallized  grain  size  offers 
advantages  under  plane  stress  conditions  (assuming  grain  boundary  effects  do  not  dominate)  . 
Sheet  products  of  two  alloys,  2091  and  8090,  are  being  marketed  in  the  recrystallized 
condition  to  optimize  their  plane  stress  fracture  toughness. 

Alloying  additions  and/or  microstructural  features  that  homogenize  deformation 
normally  reduce  the  effect  that  a  sharp  texture  has  on  property  variations.  Although 


Hirsch  et  al.  (63)  have  shown  that  some  control  over  texture  may  be  obtained  by  controlling 
the  initial  tex-^ure,  grain  shape  and  aging,  the  anisotropy  of  properties  associated  with 
the  texture  of  commercial  Al-Li-X  alloys  is  still  a  major  problem  and  production  methods 
need  to  be  developed  to  produce  the  desired  texture  in  all  product  forms. 


Quench  Sensitivity  and  Grain  Boundary  Precipitates: 

The  primary  purpose  of  quenching  age-hardenable  aluminum  alloys  is  to  maintain  a  large 
degree  of  supersaturation  of  solute  atoms  homogeneously  distributed  in  solid  solution. 
This  permits  precipitation  of  an  optimum  concentration  and  distribution  of  hardening 
particles  during  the  aging  treatment.  As  quench  rates  decrease,  more  time  is  allowed  for 
solute  atoms  to  migrate  to  grain  boundaries  or  precipitate  as  matrix  phases.  Grain 
boundaries  act  as  heterogeneous  nucleation  sites  by  reducing  the  free  energy  barrier  to 
nucleation  (77)  .  When  thermodynamic  and  kinetic  demands  are  satisfied,  precipitation  can 
occur  along  the  grain  boundary  and  enhance  intergranular  cracking,  grain  boundary 
decohesion  and  premature  material  failure  (46) . 

Slow  quench  rates  are  unavoidable  in  very  thick  plate  or  heavy  section  forgings  and 
under  such  conditions  precipitation  of  grain  boundary  phases  may  occur.  Lewis  et  al.  (14) 
have  shown  that  when  8090  is  quenched  from  the  solution  treatment  temperature  at  rates 
slower  than  lO°C/sec,  precipitation  of  the  icosahedral  Tj  phase  occurs  at  high  angle  grain 
boundaries.  These  brittle  precipitates  can  lead  to  low  fracture  toughness  by  acting  as 
stress  risers  and  preferential  sites  for  microvoid  nucleation  and  growth  (78). 
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Figure  16.  (a)  Through  thickness  variation  in  longitudinal  yield  stress,  (b)  Through 
thickness  variation  in  intensity  of  texture  components,  (c)  Variation  in  the  calculated 
Taylor  factor  (M)  through  the  thickness  (From  Vasudevan  et  al.,  reference  65). 

Colvin  and  Starke  (79)  have  determined  time-temperature-transformation  diagrams  for 
the  precipitation  of  both  the  Tj  and  S  phases  for  two  compositional  variants  of  8090, 
Figure  17.  A  solute-rich  Al-2.58Li-l.36Cu-0.9Mg-0.13Zr  alloy  exhibited  a  greater 
sensitivity  to  quenching  rates  than  did  a  solute-lean  Al-2.28Li-0.86Cu-0.9Mg-0.l3Zr  alloy. 
Colvin  and  Starke  related  the  precipitation  of  the  Tj  and  S  phases  with  the  fracture 
toughness  of  the  alloy,  Figure  18,  and  concluded  that  Tj  was  the  principal  cause  for  the 
loss  of  mechanical  properties  in  poorly  quenched  8090.  Staley  (80)  has  recently  determined 
TTT  diagrams  and  related  mechanical  properties  for  2090  and  has  found  results  similar  to 
tiiose  obtained  for  8090. 

Strengthening  Precipitates: 

Engineering  properties  Important  in  the  design  of  Al-Li  alloys  for  aerospace 
applications  include  a  proper  balance  between  strength,  ductility,  fracture  toughness, 
fatigue  resistance,  formability,  and  corrosion  resistance.  The  volume  fraction,  size, 
spacing,  and  distribution  of  the  strengthening  precipitates  are  important  microstructural 
features  that  Impact  all  of  these  properties.  Processing  of  the  wrought  product  to 
optimize  the  microstructure  and  properties  begins  with  the  proper  selection  of  the  solution 
heat-treatment  temperature.  This  treatment  should  ensure  that  the  maximum  amount  of  solute 
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has  been  put  In  solid  solution  and  that  the  rate  of  heat-up  and  maximum  temperature  does 
not  result  in  nonequilibrium  eutectic  melting  (81) .  The  solution  heat  treatment  is 
followed  by  a  quench  which  should  be  sufficiently  rapid  to  prevent  deleterious 
precipitation  of  grain  boundary  phases,  as  discussed  previously,  without  causing  quench 
residual  stresses  that  will  produce  warping.  The  warping  issue  is  more  serious  than  with 
normal  aluminum  alloys  due  to  the  relatively  high  solution  treatment  temperatures  and  low 
thermal  conductivity  associated  with  Al-Li  alloys. 

Quenching  is  often  followed  by  some  type  of  cold  work  in  order  to  redistribute  the 
quenched  in  residual  stresses.  However,  for  Al-Li-Cu  and  Al-Li-Cu-Mg  alloys  that  contain 
e,  T,,  and  S'  strengthening  precipitates,  cold  work  prior  to  aging  is  used  in  conjunction 
with  the  aging  temperature  to  control  the  distribution  of  the  precipitates.  Deformation 
prior  to  aging  increases  the  dislocation  density  and  thereby  the  number  of  nucleating  sites 
for  heterogeneous  precipitation.  Since  the  dislocations  would  also  be  in  the  vicinity  of 
the  grain  boundary,  precipitation  of  the  strengthening  precipitates  would  be  encouraged 
in  this  reg'ion,  thus  minimizing  the  probability  of  PFZ  formation.  Dislocations  are  most 
effective  as  nucleation  sites  for  those  precipitates  that  have  large  interfacial  energies 
and/or  strains,  e.g.,  6',  T,  and  S',  but  have  no  significant  effect  on  the  nucleation  of 
S' . 


TIME  ISECONOS)  TIME  (SECONDS) 


Figure  17.  Time-temperature-transformation  curves  showing  volume  percents  of  T,  and  S 
phases,  (a)  Tj  for  Al-2.58Li-l.36Cu-0.9Mg-0.13Zr  (rich)  alloy;  (b)  Tj  for  Al-2.28Li-0.86Cu- 
0.9Mg-0.13Zr  (lean)  alloy;  (c)  S  for  the  rich  alloy  and  (d)  S  for  the  lean  alloy  (From 
Colvin  and  Starke,  reference  79) . 


(a) 


(b) 
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Figure  18.  Iso  mechanical  lines  showing  the  percent  loss  of  Charpy  energy  values  as  a 
function  of  time  at  various  temperatures  (a)  rich  8090  alloy  and  (b)  lean  8090  alloy  (From 
Colvin  and  Starke,  reference  79) . 

Figure  19  shows  the  effects  of  different  amounts  of  deformation  prior  to  aging  on 
the  number  density  of  the  T,  precipitates  formed  during  aging  for  various  times  at  190“c 
(82) .  Since  strength  is  related  to  the  precipitate  structure,  there  is  a  corresponding 
effect  on  strength,  as  shown  in  Figure  19(b).  The  significance  of  this  data  relates  to 
commercial  processing  and  different  product  forms,  since  a  nonuniform  distribution  of 
deformation  prior  to  aging  can  result  to  wide  variances  in  strength  within  a  product.  Some 
product  forms,  such  as  complex  forgings  and  those  formed  by  superplastic  deformation,  are 
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not  easily  conducive  to  cold  deformation  prior  to  aging.  Consequently,  there  is  Interest 
in  examining  heat  treatment  procedures  and/or  alloying  additions  that  may  aid  in  the 
nucleation  of  the  strengthening  precipitates  in  a  way  that  is  similar  to  the  effect  of 
dislocations. 


Figure  19.  Effect  of  stretch  on  the  precipitation  and  strength  of  an  Al-2.4Li-2.4Cu-0.18Zr 
alloy.  (a)  Number  density  of  T,  as  a  function  of  aging  time  at  463K  for  various  degrees 
of  stretch  prior  to  aging  and  (b)  corresponding  yield  strength  vs.  aging  time  (From 
Cassada,  Shiflet  and  Starke,  reference  82). 


Lewis  et  al.  (14)  have  improved  the  fracture  toughness  and  stress  corrosion  resistance 
of  8090  by  aging  at  150®C  instead  of  the  commonly  used  190°C.  Pitcher  (83)  has  recently 
shown  that  a  slow  heat-up  rate  to  the  aging  temperature  can  lead  to  a  better  balance  of 
tensile  strength  and  toughness  in  8091  than  a  rapid  heat-up  rate  when  deformation  prior 
to  aging  is  impossible.  He  relates  the  enhanced  precipitation  of  S'  to  the  release  of 
vacancies,  as  the  4'  precipitates  grow  during  the  slow  heat  up.  These  vacancies  assist  the 
formation  of  homogeneous  S'.  A  slow  heat-up  rate  has  the  same  effect  as  a  duplex  age, 
i.e.,  at  a  low  temperature  followed  by  aging  at  a  high  temperature.  Both  a  slow  heat-up 
rate  to  the  aging  temperature  and  a  low  -»  high  temperature  duplex  age  are  common  practices 
for  7XXX  alloys.  Recent  studies  by  Blackburn  et  al.  (84)  have  demonstrated  that  small 
additions  of  indium  to  2090  can  aid  in  the  nucleation  of  both  T,  and  9'.  This  has  an 
effect  similar  to  a  3  to  4%  stretch,  when  compared  with  an  indium-free  alloy. 

Ashton  et  al.  (47)  have  established  that  a  combination  of  cold  work  (up  to  7%)  prior 
to  aging  and  a  low  aging  temperature  can  significantly  improve  the  strength-toughness 
relationship  in  both  2090  and  8091.  As  mentioned,  deformation  increases  the  number  of 
nucleation  sites  for  9',  T,  and  S',  Lowering  the  aging  temperature  increases  the  degree 
of  supersaturation  and  the  driving  force  for  nucleation  of  the  strengthening  precipitates. 
Consequently,  higher  strengths  than  realized  at  higher  aging  temperatures  may  be  obtained. 
In  addition,  since  diffusion  rates  are  decreased,  the  size  and  volume  fraction  of  the  grain 
boundary  precipitates  are  also  decreased,  which  produces  an  improvement  in  the  fracture 
toughness . 

In  general,  for  alloys  that  contain  a  low  volume  fraction  of  constituent  phases  and 
grain  boundary  precipitates,  the  fracture  toughness  is  controlled  by  the  deformation 
behavior,  being  maximized  when  deformation  is  homogeneous  (36).  Jata  and  Starke  (36) 
showed  that  the  fracture  toughness  variation  with  aging  time  can  be  quantitatively  related 
to  the  changes  in  slip  planarity,  i.e.,  the  fracture  toughness  decreases  as  the  slip  band 
width  decreases  and  the  slip  band  spacing  increases.  They  also  determined  (85)  that  slip 
localization  decreases  with  decreasing  temperature,  thus  explaining  the  major  reason  for 
the  large  improvement  in  fracture  toughness  with  decreasing  temperature.  The  higher 
fracture  toughness  at  cryogenic  temperatures  has  also  been  attributed  to:  (a)  low  melting 
point  grain  boundary  phases  which  solidify  at  low  temperatures  and  remain  liquid  at  room 
temperature  (85,86),  (b)  a  larger  number  of  crack  delaminations  perpendicular  to  the  short 
transverse  direction  or  perpendicular  to  the  fracture  surface  in  an  L-T  oriented  specimen 
(71,87)  and  in  plane  crack  deflections  (71)  and  (c)  higher  strain  hardening  capacity  at 
low  temperatures  (88).  The  Jata  and  Starke  model  is  consistent  with  the  increase  in  strain 
hardening  capacity  at  low  temperatures. 

The  optimum  microstructure  for  fatigue  crack  initiation  resistance  is  consistent  with 
that  required  for  high  fracture  toughness  (89)  .  However,  the  situation  is  somewhat 
different  for  fatigue  crack  growth  resistance  (90) .  Lin  and  Starke  (91)  have  shown  that 
a  tortuous  crack  path  and  crack  branching,  both  of  which  are  enhanced  by  coarse  planar 
slip,  are  desirable  for  a  high  fatigue  crack  growth  resistance  in  aluminum  alloys.  The 
torturous  crack  path  reduces  the  "crack  driving  force"  due  to  extrinsic  effects  which 
include  roughness-induced  crack  closure  (92-94),  Figure  20.  The  propensity  of  Al-Li 


2-15 


alloys  to  deform  by  coarse  planar  slip  results  In  a  significant  improvement  in  fatigue 
crack  growth  resistance  under  both  constant  amplitude  (57,94-96)  and  variable  amplitude 
loading  (97)  when  compared  with  conventional  high  strength  aluminum  alloys.  Figure  21, 
taken  from  the  work  of  Ritchie  and  co-workers  (98),  compares  the  crack  growth  behavior  of 
2090-T8E41  (T-L  orientation)  with  that  for  two  different  tempers  of  2124  and  7150. 


Figure  20.  Scanning  electron  micrograph  showing  the  fatigue  crack  profile  and  the  presence 
of  "roughness  induced  closure"  in  an  Al-Li-Mg  alloy. 
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Figure  21.  Crack  propagation  behavior  of  long  fatigue  cracks  in  2090-T8E41  (T-L 
orientation) ,  as  a  function  of  the  nominal  stress  intensity  range,  compared  to 
corresponding  results  in  2124  and  7150  alloys.  Data  for  tests  in  moist  air  at  R  =  0.1 
(From  Ritchie  and  coworkers,  reference  98). 


Aluminum-lithium  alloys  have  not  demonstrated  the  same  significant  advantages  over 
baseline  alloys  for  short  crack  growth  resistance  (99).  This  is  partially  the  result  of 
reduced  crack  tip  shielding  effects  (94,100).  However,  even  in  this  regime  Al-Li  should 
show  some  improvement  considering  that  they  normally  have  a  modulus  of  between  10  to  15 
percent  larger  than  conventional  aluminum  alloys.  Although  the  fatigue  crack  initiation 
resistance  of  Al-Li  alloys  may  be  somewhat  poorer  than  that  of  conventional  alloys 
(101,102)  (most  likely  due  to  the  extensive  strain  localization  and  sharp  texture  normally 
present)  their  overall  fatigue  performance  under  S-N  type  test  conditions  is  generally 
equivalent  to,  or  better  than,  that  of  standard  aluminum  alloys. 

The  precipitate  structure  also  has  a  significant  effect  on  the  stress  corrosion 
cracking  behavior  of  Al-Li  alloys  (103).  While  Al-Li,  Al-Li-Zr,  and  Al-Mg-Li-Zr  alloy 
systems  exhibit  a  high  resistance  to  stress  corrosion  crack  initiation  (104,105)  the 
Al-Li-Cu-Zr  and  Al-Li-Cu-Mg-Zr  systems  do  not  (104,106-110).  This  suggests  that  the 
presence  of  one  of  the  copper  containing  precipitate  phases,  e.g.,  T,,  S',  Tj  or  Al.Cu(MgLi)j 
may  be  responsible  for  promoting  crack  initiation  rather  than  AlLi  or  AljMgLi  (103). 
Underaged  tempers  have  been  shown  to  be  less  susceptible  than  peak  or  overaged  tempers  to 
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see  initiation  for  Al-eu-Li-Zr  alloys  (103)  but  overaging  has  been  shown  to  decrease  the 
susceptibility  of  Al-Li-eu-Mg-Zr  alloys.  Figure  22.  Although  underaged  tempers  appear  to 
offer  the  highest  resistance  to  sec  propagation  for  both  alloy  systems,  Figure  23,  the 
propagation  behavior  is  relatively  insensitive  to  temper  as  well  as  being  insensitive  to 
alloy  chemistry  and  test  environment  (103). 


Figure  22.  The  influence  of  temper  on  the  stress-life  curve  of  8090  plate  (ST 
orientation).  (From  Gray  et  al.,  reference  103). 

Aluminum-lithium  alloys,  particularly  2090,  have  surprisingly  different  forming 
characteristics  than  the  industry  standard  aircraft  aluminum  alloys  such  as  2024  and  7075 
(111)  .  These  differences  in  formability  reflect  the  unique  deformation  behavior  and  grain 
structure  exhibited  by  Al-Li  alloys,  in  particular,  their  propensity  for  localized  planar 
slip.  The  formability  of  Al-Li  alloys  has  also  been  shown  to  be  more  sensitive  to  grain 
direction  and  prior  cold  work  than  the  standard  aircraft  aluminum  alloys.  Maximum 
formability  has  been  observed  when  Al-Li  alloys  are  in  the  "as-quenched"  condition  and 
the  bend  axis  is  parallel  to  the  long  grain  direction  (111) .  It  was  previously  shown  that 
cold  work  prior  to  aging  is  necessary  to  develop  the  optimum  strength-fracture  toughness 
in  Al-Li-Cu-X  alloys.  However,  this  step  often  reduces  formability,  forcing  a  compromise 
between  the  most  desirable  part  shape  and  the  resulting  properties.  This  has  necessitated 
the  development  of  procedures  which  utilize  the  cold  work  imparted  during  forming  to  bring 
the  final  product  to  the  required  strength  level. 


Figure  23.  Crack  growth  velocity  versus  stress  intensity  curves  for  under-  and  peak-aged 
8090  in  artificial  sea  water  and  peak-aged  8090  in  a  95  percent  relative  humidity 
atmosphere  at  40°C  (From  Gray  et  al . ,  reference  103). 


OTHER  ENGINEERING  PROPERTIES 


In  addition  to  those  properties  discussed  above,  there  are  certain  other  engineering 
properties  of  Al-Li  alloys  that  are  attractive  in  comparison  to  conventional  baseline 
aluminum  alloys.  ,  For  example,  most  Al-Li  alloys  are  amenable  to  superplastic  forming 
(112,113),  display  moderate  to  good  weldability  (114,115),  can  be  chemically  milled, 
bonded,  anodized,  alclad,  and  painted.  On  the  debit  side,  as  noted  previously,  Al-Li 
alloys  often  display  considerable  anisotropy  in  strength  and  ductility.  They  are  somewhat 
more  susceptible  to  surface  oxidation  at  moderate  temperatures,  and  are  prone  to  warping 
during  quenching  (mostly  attributable  to  the  relatively  high  quenching  temperature) . 
Diffusion  of  lithium  can  occur  out  to  the  surface  during  high  temperature  heat  treatments 
which  may  lead  to  a  lithium-depleted  layer,  and  for  sheet  products  a  reduction  in  strength 
(116) .  In  addition,  all  Al-Li-X  alloys  suffer  from  low  ductility  and  fracture  toughness 
in  the  short  transverse  direction.  These  problems  are  due  to  a  combination  of  grain 
structure  and  segregation  effects  and  should  be  minimized  by  improved  processing.  Most 
problems  associated  with  Al-Li-X  alloys  appear  to  be  solvable  by  the  development  of 
intelligent  processing  methods  and  the  advantages  in  density  and  modulus  that  they  offer 
over  conventional  aluminum  alloys  have  already  led  to  their  usage  in  a  number  of  aerospace 
systems . 
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LES  COMPOSITES  A  MATRICE  METALUQUE  A  FIBRES  LONGUES 


par 

J.F.  STOHR 

ONERA,  Direction  des  Matiriaux 
B.P.  72,  F-92322  Chdtillon  Cedex,  France 


Le  renforcement  des  matrices  m^talliques  par  des  fibres  longues  de  c6ramique  comme  Taluinine,  le  carbone,  le 
carbure  de  silicium,  conduit  k  des  caractdristiques  spdcifiques  en  rigiditd  et  resistance  tr^s  eievdes,  tant  k  temperature 
ambiante  qu’4  haute  temperature.  Les  progrfes  erwegistres  dans  le  developpement  de  nouvelles  fibres  plus  performantes  a 
redonne  un  nouveau  souffle  aux  etudes  sur  les  composites  4  matrice  metallique.  Apres  un  rappel  des  lois  eiementaires  de 
la  mecanique  lineaire  des  composites  unidirectionnels  et  la  mise  en  evidence  du  r61e  fondamental  joue  par  I’interface  fibre- 
matrice  dans  la  microm6canique  et  le  comportement  de  ces  materiaux,  I’article  traite  de  la  mise  en  oeuvre  et  des 
caracteristiques  des  composites  4  matrice  metallique.  On  montre  ainsi  que  les  nouvelles  generations  de  composites  doivent 
beaucoup  non  seulement  au  traitement  de  surface  des  fibres,  mats  dgalement  aux  technologies  derivees  de  la  fonderie  pour 
reiaboration  par  voie  liquide,  et  aux  techniques  de  dep6t  par  voie  physique  ou  issues  de  la  solidification  rapide  depuis  I’etat 
liquide  pour  i’eiaboration  par  densification  en  phase  soiide. 

Des  caracteristiques  concernant  les  composites  4  matrice  d’alliages  legers,  de  composes  intermetalliques  et  de  supe- 
ralliages  sont  present6es.  Enfin,  les  probiemes  specifiques  de  tenue  au  cyclage  thermique  et  de  corrosion  sont  abordes  pour 
quelques  composites. 


Abstract 

The  reinforcement  of  metal  matrices  by  long  ceramic  fibres  such  as  alumina,  carbon,  silicium  carbide,  leads  to  very 
high  specific  characteristics  such  as  stiffness  and  strength  at  both  room  and  high  temperature.  Progress  achieved  in  the 
development  of  new  fibres  more  performing  has  revived  the  interest  for  metal  matrix  composites  development.  After  having 
briefly  reviewed  the  basic  laws  of  um'directional  composites  linear  mechanics  and  shed  some  light  on  the  major  role  played 
by  fibre-matrbc  interface  in  the  micromechanics  and  behaviour  of  these  materials,  the  article  deals  with  their  processing 
techniques  and  characteristics. 

The  improvement  of  the  mechanical  characteristics  of  the  new  generation  of  composites  arises  not  only  from  the  fibre 
surface  treatment  leading  to  a  control  of  fibre  matrix  bond  strength,  but  also  to  the  processing  techniques  derived  either  from 
casting  or  rapid  solidification  rate  techniques. 

Mechanical  characteristics  of  the  most  relevant  MMC  are  presented  for  both  metallic  and  intermetallic  matrices. 
Attention  is  drawn  to  particular  behaviours  such  as  thermal  expansion,  thermal  cycling  and  corrosion  resistance. 


Les  composites  4  matrice  metallique  renforc6e  par  des  fibres  longues  presentent,  comme  les  composites  4  matrice 
organique,  des  caracteristiques  specifiques  eievees  (fig.  1)  (1)  et  une  faible  masse  volumique,  caracteristique  essentielle 
aujourd’hui  dans  I’industrie  aeronautique  et  spatiale  oCi  la  reduction  de  la  masse  des  structures  est  primordiale.  Par  rapport 
aux  matrices  organiques,  et  en  depit  des  gains  en  temperature  obtenus  avec  les  matrices  polyimides,  les  matrices  metalliques 
presentent  les  avantages  : 

-  d’une  tenue  en  temperature  superieure, 

-  d’un  allongement  4  rupture  plus  eieve  que  celui  des  fibres  et  d’une  tenacite  eievee, 

-  d’une  bonne  stabilite  4  I’environnement,  rayonnement  et  humidite, 

-  d’une  bonne  conductibilite  thermique  et  eiectrique. 

Le  developpement  de  ces  materiaux  avail  jusqu’alors  ete  frcine  4  la  fois  par  des  probiemes  de  mise  en  oeuvre  et  par 
la  faiblesse  de  certaines  proprietes  intrinseques,  comme  la  tenue  au  cyclage  thermique  et  la  stabilite  thermique. 

Aujourd’hui,  le  besoin  en  nouveaux  materiaux  associe  aux  projets  spatiaux  -  satellites  et  lanceurs  -  ou  aeronautiques 

-  nouvelles  cellules  -  a  relance  I’interet  pour  ces  composites,  interit  qui  etait  tombe  aprSs  les  travaux  importants  des 
annees  70. 

Le  developpement,  d’une  part  de  nouvelles  fibres,  carbure  de  silicium  en  meche,  carbone  4  allongement  accru  et  4 
fort  module,  monofilament  de  carbure  de  silicium  ou  de  diborure  de  titane.  d’autre  part  de  nouveaux  traitemems  de  surface 
permettant  d’assurer  une  double  compatibility  chimique  et  mycanique  avec  la  matrice,  a  donny  un  nouvel  essor  aux  dtudes 
conduites  sur  ces  matyriaux.  Ainsi,  4  c6ty  des  composites  4  matrice  d’alliage  lyger  aluminium  ou  et  magnysium,  trouvc-t- 
on  des  composites  4  matrice  de  titane  dont  certaines  nuances  pourraient  travailler  4  950°C  et.  bien  sQr,  4  matrice  superalliage 
pour  les  tempyratures  atteignant  U00°C. 
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Parall61ement  ^  ces  travaux  sur  les  composants,  les  retomWes  des  rdsultats  acquis  dans  la  comprehension  du 
comportement  mecanique  des  composites  k  matrice  organique  $e  sont  traduites  par  un  choix  plus  judicieux  des  syst^mes 
fibres/revetement/matrice.  Cest  ^  partir  de  cette  reflexion  que  nombre  de  travaux  ont  pu  deboucher  aujourd’hui  sur  des 
composites  performants  et  realisables  industriellement. 


1  -  MECANIQUE  ELEMENTAIRE  DES  COMPOSITES  UNIDIRECTIONNELS 

Le  souhait  de  tout  concepteur  de  composites  serait  d’en  prevoir  les  caracteristiques  mecaniques  (rigidite,  resistance 
k  la  rupture)  k  partir  de  celles  des  deux  constituants,  sans  avoir  ^  faire  intervenir  les  notions  de  regularite  d’alignement  ou 
d’heterogeneite  de  distribution  des  fibres.  Ce  chapitre  traitera  principalement  de  la  resistance  k  la  rupture  d’un  composite 
unidirectionnel  sollicite  paralieiement  k  la  direction  des  fibres. 


1.1  -  Rigidite 


Dans  le  cas  le  plus  general  d’un  composite  orthotrope  qui  comprend  trois  plans  de  symetrie  orthogonaux  entre  eux, 
le  tenseur  d’eiasticite  est  defini  par  neuf  constantes  independantes ;  si,  de  plus,  le  materiau  est  isotrope  dans  le  plan  normal 
aux  fibres,  le  nombre  de  constantes  se  reduit  k  cinq.  Le  calcul  rigoureux  de  ces  constantes  conduit  aux  expressions  suivantes 
[2]: 


E  -  E,V,  + 


'V  V  1 
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V,V„(GrG.)V[GA{Gf(l+V,)+W] 


G«>  Gf 


+  -  V,V„(G,-G„)V{G,V 

G« 


.Gf  G,,  \ 


(1.1) 

(1.2) 

(1.3) 

(1.4) 

(1.5) 


Ob  les  lettres  E,  G,  V  K,  et  v  designent  respectivement  le  module  d’Young,  le  module  de  cisaillement,  la  fraction  volumique 
de  chaque  constituant,  le  module  de  compressibility  en  dyformation  plane  et  le  coefficient  de  Poisson,  les  indices  f  et  m 
ddsignant  chacun  des  deux  constituants,  les  fibres  et  la  matrice. 

Pour  la  majority  des  composites,  du  fait  que  I’ycart  k  la  loi  des  myianges  est  proportionnel  k  (Vi-v.)',  quantity  dont 
la  valeur  est  trbs  faible,  I’yquation  (1.1)  conduit  k  la  forme  usuelle  du  module  d’Young  donnye  par  la  loi  des  myianges : 

E  -  E,V,  +  E„V„  (1.6) 

Dans  la  plupart  des  cas,  I’ycart  entre  la  valeur  exacte  du  module  donnye  par  (1.1)  et  celle  rysultant  de  I’application  de  la 
loi  des  myianges  reste  infyrieur  4  2%. 

Pour  le  coefficient  de  Poisson,  du  fait  que  v,  est  plus  petit  que  v.  et  que  est  plus  grand  que  K,,,  la  valeur  de  p 
est  infyrieure  4  celle  prydite  par  la  loi  des  myianges. 

1.2  -  Rysistance  4  rupture  du  composite 

1.2.1  -  Courbe  de  traction  du  composite  unidirectionnel 

Dans  le  cas  gynyral,  ob  4  la  fois  fibres  et  matrice  ont  un  comportement  plastique,  la  courbe  contrainte-dyformation 
du  composite  prysente  quatre  stades  ; 

1  -  Fibres  et  matrice  se  dyforment  yiastiquement 

2  -  La  matrice  se  dyforme  plastiquement  et  les  fibres  yiastiquement' 

3  -  Les  deux  constituants  sont  plastiques 

4  -  La  rupture  de  I’un  des  constituants  se  produit 

Dans  le  stade  1,  le  module  d’Young  du  composite  est  donny  par  la  loi  des  myianges,  tandis  que  dans  le  stade  2  il 
prend  la  forme  : 


Ec  -  E,  V,  f  V. 


dr. 


(c 


(1.7) 


le  terme  (d(r./dr,){<  reprysentant  la  consolidation  de  la  matrice  dans  le  composite. 

Si  la  dyformation  4  rupture  des  fibres  reste  supyrieure  4  la  dyformation  de  la  matrice  pour  sa  limite  d'yiasticity. 
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Pour  des  m^taux  purs,  et  si  la  distance  entre  fibres  reste  sufiisamment  grande  10  Am),  la  contribution  de  la 
consolidation  de  la  matrice  au  module  tangent,  tr^s  faible  (de  I’ordre  de  E,yi00),  peut  6tre  n6glig£e.  Le  module  du 
composite  dans  le  stade  2  est  alors  £gal  it  la  contribution  pond^rie  des  fibres  E,Vp 

1.2.2  -  Contrainte  k  rupture  en  m^canique  lin^aire  (cas  d^terministel  [3] 

Lorsque  fibres  et  matrice  se  d^forment  plastiquement,  la  rupture  du  composite  est  r^gie,  comme  dans  le  cas  des 
mat^riaux  monolithiques  m6talliqucs,  par  I’apparition  de  la  striction.  Pour  un  composite  unidirectionnel  soumis  4  une  charge 
F,,  =  (X,A,  +  oh  A,  et  A„  dfoignent  les  fractions  surfaciques  de  fibres  et  de  matrice  dans  une  section  droite,  la  condition 
de  stability  du  mat^riau  avant  la  striction  specific  que  pour  tout  inadment  de  ddformation  de ,  I’incrdment  de  charge  reste 
positif : 


dF^  -  Of  dAf  +  Af  dOf  +  (X„  dA„  +  A„  do„  ^  0  (1.8) 

I’incr^ment  d’allongement  6tant  le  m8me  pour  les  deux  constituants  : 
d£  -  -  dAf/Af  -  -  dV\ 

II  vient  : 

da.  da 

V,  (—  -  a,)  +  V„  (—  -  cj  i  0  (1.9) 

de  de 

En  admettant  que  les  relations  contrainte-d^formation  des  fibres  et  de  la  matrice  suivent  une  loi  puissance,  Mileiko 
[4]  a  d6montr6  que  la  contrainte  A  rupture  du  composite  prend  la  forme  : 

-  V  Of  Vf  +  \,  cr„  V„  (1.10) 

oh  A,  et  A„  sont  des  expressions  complexes  qui  ne  dependent  que  des  paramhtres  des  lois  puissances  reliant  contrainte  et 
d6formation  des  deux  constituants.  Si,  de  plus,  les  Elongations  h  rupture  des  fibres  et  de  la  matrice  sont  les  mEmes  (modEle 
dEterministe  admettant  I’unicitE  de  ces  valeurs),  alors  les  facteurs  \  et  A.  sont  tous  deux  Egaux  k  I’unitE  et  Ton  retrouve  la 
loi  des  mElanges  ; 


"cu  =  ®fu  Vf  +  V„  (1.11) 

a„,  Oft  et  dEsignant  les  contraintes  h  rupture  du  composite,  des  fibres  et  de  la  matrice  respectivement.  La  relation  (1.11) 
constitue  une  iimite  supErieure  de  la  contrainte  i  rupture  du  composite. 

Si  maintenant  I’allongement  h  rupture  des  fibres  est  trEs  infErieur  k  celui  de  la  matrice,  et  que  paralJElement  la 
contrainte  h  rupture  des  fibres  est  trEs  supErieure  4  celle  de  la  matrice  -  ce  qui  est  gEnEralement  le  cas  dans  les  CMM  -, 
a^  V,  est  beaucoup  plus  grand  que  V.,  et  I’application  de  la  loi  des  mElanges  k  I’allongement  4  rupture  des  fibres  conduit 
alors  4  une  Iimite  infErieure  de  la  contrainte  4  rupture  du  composite  : 

V,  (1.12) 

oh  a„’  dEsigne  la  contrainte  dans  la  matrice  pour  la  dEformation  4  rupture  des  fibres.  II  s’ensuit  que  la  contrainte  4  rupture 
du  composite  va  se  trouver  4  I’intErieur  du  triangle  ABC  (fig.  2). 


II  importe  de  mentionner  ici  que  pour  un  composite  renforcE  par  des  fibres  4  haute  rEsistance,  la  dEformation  4 
rupture  du  composite,  gEnEralement  Egale  4  celle  des  fibres  pour  des  fractions  volumiques  du  renfort  pas  trop  faibles,  reste 
trEs  petite,  de  sorte  que  a„’  sera  trEs  petit  devant  a^,.  Pour  ces  composites  4  fibres  fragiles,  la  rupture  d’une  fibre  entrainera 
celle  des  autres  dans  la  mEme  section  droite  et,  partant,  celle  du  composite,  sauf  si  la  fraction  volumique  de  fibres  reste 
suffisamment  faible  pour  que  la  matrice,  du  fait  de  sa  consolidation,  puisse  soutenir  la  charge  une  fois  les  fibres  rompues. 
La  contrainte  4  rupture  du  composite  ne  sera  alors  donnEe  par  (1.12)  que  si : 

<^cu  ^  (1  -  V,)  (1.13) 

de  sorte  que  la  relation  (1.12)  ne  s’appliquera  que  pour  les  fractions  volumiques  supErieures  4  V„„  tel  que  : 


(1.14) 


Pour  les  faibles  fractions  volumiques  de  fibres,  infErieures  4  : 


(1  -  V,)  (1.15) 

De  plus,  dans  cette  rEgion  de  faible  fraction  volumique  de  fibres,  le  renforcement  de  la  matrice  par  les  fibres  ne  se 
fera  sentir  que  pour  les  fractions  volumiques  de  fibres  supErieures  4  V„,  tel  que  : 

Vf  +  C  (1  -  V,)  »  (1-16) 


(1.17) 
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Pour  des  fractions  volumiques  de  fibres  infdrieures  4  V.^  le  composite  peut  fitre  ddfonn6  sans  rupture  4  des 
allongements  bien  plus  dlevds  que  Tallongement  k  rupture  des  fibres  :  c’est  le  domaine  de  la  rupture  multiple  des  fibres,  oil 
les  fibres  rompent  en  segments  dont  la  longueur  tend  vers  une  limite  avec  la  ddformation  du  composite.  Cette  limite  de  la 
longueur  des  segments  de  fibres  rdsulte  de  la  ddformation  plastique  de  la  matrice,  qui  induit  une  contrainte  de  cisaillement 
T  it  I’interface  fibre-matrice,  prds  d’une  extrdmitd  de  fibre ;  c’est  cette  contrainte  de  cisaillement  qui  conduit  au  rechargement 
lindaire  de  la  fibre  ^  partir  de  son  extrdmitd  (fig.  3).  La  limite  supdrieure  de  t  est  la  contrainte  de  rupture  en  cisaillement 
de  I’interface  ou  de  la  matrice.  Pour  une  fibre  de  rayon  r,  la  longueur  des  segments  sera  comprise  entre  1,  et  2L  avec  1^  = 
r/r. 


L’approche  prdcddente,  due  essentiellement  it  Kelly  [5],  ne  s’applique  que  dans  certaines  limites  pour  les  fractions 
volumiques  de  fibres  supdrieures  4  ;  en  effet  dans  la  mesure  oii  le  matdriau  prdsente  un  comportement  fragile,  toute 

rupture  de  fibre  entrainant  celle  du  composite,  deux  correctifs  sont  4  apporter  : 


1  -  Les  fibres  ne  possddent  pas  une  contrainte  de  rupture  unique,  mais  une  distribution  de  contrainte  4  rupture 

bien  ddcrite  par  la  loi  de  Weibull ; 

2  -  La  rupture  du  matdriau  interviendra  done  lorsqu’un  ddfaut  de  taille  critique,  au  sens  de  la  mdcanique  de  la 

rupture,  se  sera  ddveloppd  dans  une  section  du  composite.  L’approche  de  la  rupture  du  composite,  soit  par  une 
analyse  statistique,  soit  en  mdcanique  de  la  rupture  4  partir  de  la  notion  de  ddfaut  critique,  repose  sur  la 
micromdeanique  4 1’dchelle  de  la  fibre,  indispensable  pour  dvaluer  I’dtat  des  contraintes  dans  les  fibres  rompues 
et  leur  redistribution. 

1.3  -  Le  transfert  de  charge  entre  fibres  et  matrice 

La  description  et  la  comprdhension  du  mdcanisme  de  renforcement  par  des  fibres  discontinues,  de  mdme  que  celle 
des  phdnomdnes  qui  interviennent  lots  de  la  rupture  de  fibres  dans  un  composite  4  fibres  continues,  requidrent  que  soit 
connue  la  manidre  dont  la  contrainte  est  transfdrde  de  la  matrice  aux  fibres.  Lorsqu’un  composite  contenant  des  fibres 
aligndes  uniaxialement  est  sounds  4  une  contrainte  paralldle  4  la  direction  des  fibres,  les  ddplacements  de  points  courants 
situds  en  vis-4-vis,  mais  4  une  certaine  distance  I’un  de  I’autre,  dans  les  fibres  et  la  matrice  ne  seront  pas  identiques,  en  raison 
de  la  diffdrence  des  modules  d’dlasticitd  des  deux  phases.  II  en  rdsultera  des  ddformations  en  cisaillement  sur  les  plans 
paralldles  aux  fibres.  Les  champs  de  ddformation  en  cisaillemen;  et  les  contraintes  affdrentes  sont  les  processus  par  lesquels 
les  charges  supportdes  par  les  fibres  et  la  matrice  se  distribuent  entre  les  deux  constituants. 

1.3.1  -  Rechargement  dlastique 

^  manidre  dont  une  fibre  se  recharge  4  partir  d’une  extrdmitd  peut  dtre  calculde  simplement,  dans  le  cas  d’un 
composite  monofilamentaire  (fig.  4).  Suivant  Cox  [6j,  la  variation  de  la  ch  .^e  P  4  une  distance  x  de  son  extrdmitd  peut 
s’ exprimer  de  deux  manidres,  d’une  part  en  function  de  la  diffdrence  des  ddplacements  u  de  la  fibre  et  v  de  la  matrice  : 

dP 

—  -  H  (u  -  v)  (1.18) 

dx 


oh  H  est  une  constante, 

d’autre  part  en  function  des  constantes  diastiques  E,  de  la  fibre  et  de  sa  ddformation  du/dx  ; 

du 

P  -  Ef  A,  — 
dx 

oh  A,  est  la  fraction  volumique  de  fibres. 


(1.19) 


De  plus,  pour  ce  matdriau  moddle  4  faible  fraction  volumique  de  fibres,  la  ddformation  globale  e  loin  de  la  fibre  est 
homogdne  et  dgale  4  dv/dx.  En  regroupant  (1.18)  et  (1.19),  il  vient  : 


d^'P 


H  [- 


EfAf 


e] 


Cette  dquation  diffdrentielle  conduit  4  une  contrainte  dans  la  fibre  en  forme  de  sinus  hyperbolique  : 
cosh  e  (1/2  -  x) 

0  -  E,  e  [1 - - - - J 


cosh  B  1/2 


(1.20) 


(1.21) 


H 

avec  6  -  ( - )' 


Aucunc  charge  n'dtant  transmise  4  la  fibre  par  sa  section  4  .ses  extrdmitds,  la  contrainte  dans  la  fibre  croit  4  partir 
de  ses  extrdmitds,  ce  qui  implique  que  seules  les  fibres  de  longueur  infinie  peuvent  atteindre  la  ddformation  du  composite. 

Une  valeur  approchde  de  H  peut  dtre  obtenue  daas  le  cas  des  composites  ou  les  fibres  sont  rdgulidrement  disposdes, 
en  remarquant  qu’au  voisinage  des  fibres,  et  en  admettant  que  la  fibre  ne  glisse  pas  par  rapport  4  la  matrice,  le  ddplacement 


_ J 
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dans  la  differentiel  fibre-matrice  W  est  egal  a  celui  de  la  fibre  u;  en  revanche,  a  mi-distance  R  entre  deux  fibres,  ce  deplacement 
sera  celui  de  la  matrice  v.  L’equilibre  en  cisaillement  de  la  matrice  impose  alors : 

2ir  r  T  =  2*  (r  +  dr)(T  +  dr)  (1.22) 

soft  T(r)  -  T, — 
r 

oil  r,  est  le  rayon  de  la  fibre  et  tj  la  contrainte  de  cisaillement  a  I’interface  fibre-matrice,  parallelement  a  I'axe  des  x. 


En  remarquant  que  la  contrainte  de  cisaillement  dans  la  matrice  T(r)  s'exprime  en  fonction  du  deplacement  radial 


suivant : 


il  s’ensuit ; 


^(r)  -  Gm- 


oh  G„  est  le  module  de  cisaillement  de  la  matrice,  il  vient : 


u(rf)  -  u(R)  + 


alors  H 


2  «  G. 

Ln  R/Cf 


La  distribution  des  contraintes  en  extrdmitd  de  fibre  prend  alors  la  forme  suivante  ; 


Ef  e  [  1  - 


cosh  8(1/2  -  x) 


ch  8  1/2 


2  Ef  Log  R/ff 


h  sh  8(1/2  -  X) 
cosh  8  1/2 


oil  a  est  la  contrainte  longitudinale  dans  la  fibre,  et  t  la  contrainte  de  cisaillement  ^  I’interface  fibre-matrice  (fig.  5). 

L’dvolution  des  contraintes  de  cisaillement  d  I’interface  fibre-matrice  peut  conduire  soit  d  une  deformation  plastique 
de  la  matrice,  soit  4  une  decohesion  fibre-matrice,  la  continuite  du  deplacement  eiastique  n’etant  alors  plus  assuree.  Une 
fois  la  decohesion  fibre-matrice  intervenue,  la  contrainte  de  cisaillement  it  I’interface  fibre-matrice  en  extremite  de  fibre 
restera  limitee.  Suivant  Ochiai  [7]  et  Jacques  [8],  le  profil  des  contraintes  prend  alors  la  forme  illustree  sur  la  figure  6.  La 
fibre  est  decoliee  de  sa  gaine  de  matrice  sur  une  longueur  l„  sur  laquelle  la  contrainte  de  cisaillement  &  I’interface  fibre- 
matrice  est  purement  frictionnelle  et  supposde  constante  et  ^gale  4  r,.  La  contrainte  de  cisaillement  remonte  alors  jusqu’4 
la  contrainte  ultime  de  cohesion  fibre-matrice  t„,  puis  d^croit  suivant  le  profil  61astique  du  module  de  Cox.  Ce  schema 
n’est  bien  dvidemment  valable  que  si  la  contrainte  ultime  de  ddcohdsion  fibre-matrice  reste  infdrieure  d  la  contrainte 
d’dcoulement  plastique  de  la  matrice  Dans  le  cas  contraire,  le  transfert  de  charge  de  la  matrice  ^  la  fibre  sera  rdgi  par 
la  contrainte  d’dcouleraent  de  la  matrice  r,. 

Sur  le  plan  experimental,  dans  les  composites  k  matrice  mdtallique,  on  peut  avoir  accds  k  la  valeur  de  la  contrainte 
moyenne  maximale  de  transfert  de  charge  il  I’interface  fibre-matrice  t„  en  effectuant  un  essai  de  traction  sur  composite 
monofiiamentaire. 


Dans  I’essai  de  fragmentation  sur  dprouvette  monofiiamentaire  (fig.  7),  la  traction  est  poursuivie  jusqu’^  saturation, 
c’est^-dire  jusqu’^  ce  que  les  segments  de  fibres  ne  puissent  plus  rompre',  la  contrainte  maximum  atteinte  dans  chaque 
segment  restant  infdrieure  k  sa  contrainte  il  rupture. 

La  contrainte  de  cisaillement  maximale  moyenne  il  I’interface  fibre-matrice  est  alors  donnde  par  : 


A  titre  d’illustration,  le  cas  des  composites  k  matrice  TA6V  (Ti-6-4)  ou  d’aluminium  (A9,  5083)  renforcds  par  des 
fibres  de  carbure  de  silicium  de  fort  diamdtre  est  bridvement  ddcrit  ci-dessous. 


Pour  les  composites  4  matrice  d’aluminium  renforcds  par  des  fibres  de  carbure  de  silicium  AVCO  [9],  et  quel  que 
soit  I’alliage  d’aluminium  utilisd  comme  matrice,  la  contrainte  maximale  moyenne  de  transfert  de  charge  est  toujours  dgale 


Dans  les  composites  k  matrice  mdtallique,  la  detection  des  ruptures  de  fibres  se  fait  par  Emission  acoustique,  la  saturation 
est  alors  atteinte  lorsque  les  signaux  d’dmission  acoustique  provenant  de  la  rupture  de  la  fibre  cessem. 
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4  la  contrainte  d’6coulement  plastique  de  la  matrice  en  cisaillement  [9],  Pour  ces  mat^riaux,  c’est  toujours  la  matrice  qui 
sera  limitante  sauf  si,  dans  le  composite  4  forte  fraction  volumique  de  fibres,  la  consolidation  de  la  matrice  devenait 
importante  du  fait  de  la  limitation  du  libre  parcours  moyen  des  dislocations  resultant  de  la  faible  distance  interfibre. 

Pour  les  composites  4  matrice  d’alliage  de  titane  TA6V  (Ti-6-4)  renforc6s  par  des  fibres  SCS6  d’AVCO,  en  revanche, 
la  contrainte  maximale  moyerme  de  cisaillement  cl  I’interface  fibre-matrice  reste,  pour  toute  temperature  comprise  entre  20 
et  900°C,  inferieure  4  la  contrainte  limite  d’dcoulement  en  cisaillement  de  la  matrice  [10].  Cette  resistance  moderee  de 
I’interface  fibre-matrice  est  corroboree  par  les  d6chaussements  de  fibres  observes  4  la  surface  de  rupture  du  composite  ;  la 
decohesion  fibre-matrice  se  produit  Ji  I’interface  fibre  SiC-revetement,  ce  dernier  jouant  le  rdle  de  fusible  mecanique'.  De 
ce  fait,  dans  ce  composite,  la  contrainte  de  cisaillement  4  I’inierface  fibre-matrice  aura  une  forte  composante  de  friction  ; 
en  consequence,  la  contrainte  de  cisaillement  i  I’interface  fibre-matrice  evoluera  de  maniere  importante  avec  la  temperature, 
du  fait  de  la  diminution  des  contraintes  de  frettage  de  la  fibre  par  la  matrice  lorsque  la  temperature  augmente.  Le  transfert 
de  charge  de  la  matrice  Jl  la  fibre  perdra  done  de  son  efficacit6  lorsque  la  temperature  d’essai  s’eieve.  Cette  perte  d’efficacite 
du  transfert  de  charge  lorsque  la  temperature  croit  est  sans  aucun  doute  un  des  parametres  qui  permet  d’expliquer  la  baisse 
des  caracteristiques  des  composites  SiC(AVCO)-TA6V  avec  la  temperature. 

Pour  bien  comprendre  le  rdle  des  divers  paramdtres,  il  est  indispensable  d’avoir  une  approche  de  la  rupture  des 
composites  qui  depasse  la  modeiisation  deterministe  d’Aveston,  Coojter  et  Kelly,  et  prenne  en  compte  le  caractere  aieatoire 
de  la  rupture  des  fibres  lie  4  la  presence  de  defauts  distribues  au  hasard  dans  leur  volume. 

1.4  -  Resistance  4  la  rupture  dans  le  sens  long 

1.4.1  -  Distribution  statistique  des  contraintes  4  rupture  dans  les  fibres  et  modfeles  statistiques 

Toutes  les  fibres  utilisees  pour  la  realisation  des  composites  k  matrice  metallique  ont  une  contrainte  de  rupture  qui 
peut  etre  decrite  par  une  statistique  de  Weibull,  dans  laquelle  la  probabilit6  pour  une  fibre  de  rompre  entre  les  contraintes 
a  et  a + da  est  donnee  par  la  fonction  densite  de  probabilite  f(o)  ; 

f(a)  -Lam  it"''  exp  (-L  a  o")  (1.27) 

oil  L  est  la  longueur  de  la  fibre,  a  et  m  deux  parametres.  Avec  cette  formulation,  Coleman  [11]  a  montrd  que  la  valeur 

moyenne  de  la  contrainte  k  rupture  et  I’ecart  type  sont  reli6s  aux  paramfetres  a  et  ra  par  les  relations  : 

0  -  (o  L)'‘^'"  r  (1  +  1/m)  (1.28) 

s  -  (o  {  r  (1  +  2/m)  -  rMl  +  1/m)  (1.29) 

Le  coefficient  de  variation  cv,  quotient  de  I’ecart  type  par  la  valeur  moyenne  de  la  contrainte  4  rupture,  ne  depend 
que  de  m  : 


s  {  r  (1  +  2/m)  -  rMi  +  1/m)  ) 

cv  -  —  -  (1.30 

a  r  (1  +  I/m) 

Rosen  [12,13]  a  alors  montr6  que  pour  les  valeurs  du  cv  faibles,  comprises  entre  0,05  et  0,5,  le  module  de  Weibull 
m  restait  proche  de  I’unite  (m  =  0,92),  de  sorte  que  I’inverse  de  m  est  une  mesure  du  coefficient  de  variation  et  que,  poc 
les  fibres  usuelles,  m  sera  largement  supdrieur  k  rmiiti.  Ainsi,  pour  un  module  de  Weibull  de  10,  un  changement  de  la 
longueur  de  fibre  d’un  facteur  10  n'entrainera  qu’une  diminution  de  25  %  de  sa  contrainte  4  rupture.  Pour  les  fibres  de  verre, 
le  module  de  Weibull  est  de  1 1  environ  alors  qu’il  se  situe  entre  3  et  6  pour  les  fibres  de  bore.  La  contrainte  de  rupture  la 
plus  probable  des  fibres  de  longueur  L,  obtenue  en  6crivant  que  la  d6riv6e  de  (1.27)  est  nulle,  s’^crit : 

0*  -  [  (m  -  1)  /  m  I*'”  (a  L)'*'”  (1.31) 

ce  qui,  dans  le  cas  des  modules  de  Weibull  €lev6s,  conduit  k  : 

<r*  -  (L  a)'*'"  (1.32) 

la  quantity  (L  a)  ‘'"  pouvant  8tre  consid^r^e  comme  une  r6f6rence  pour  le  niveau  de  la  contrainte  k  rupture  des  fibres. 

Lc  cas  des  torons  de  fibres  a  6t6  traits  par  Daniels  [14],  qui  a  montr6  que  pour  des  nombres  de  fibres  N  61ev6s  dans 
les  torons,  la  distribution  de  la  contrainte  moyenne  de  rupture  des  fibres  approche  une  loi  normale  i  la  contrainte  de  rupture 
du  toron,  qui  s’6crit : 


[  1  -  F(‘'f«x)  1 


oil  F(o)  est  la  loi  cumul6e  de  distribution  des  contraintes  4  rupture  donn6e  par  : 


F(a) 


f(u)  du 

Jo 


(1.33) 


Les  revttements  effectuts  sur  les  fibres  jouent  plusieurs  rftles  dans  les  CMM,  k  savoir  :  barriire  de  diffusion,  mais 
4galement  contrble  de  I’adhision  fibre-matrice,  voire  diminution  du  nombre  de  d6fauts  de  surface. 
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Daniels  a  ainsi  montr6  que  pour  des  fibres  dont  la  contrainte  de  rupture  ob6it  une  statistique  de  Weibull,  la  valeur 
maximale  et  la  valeur  moyenne  de  la  contrainte  rupture  d’un  toron  s’6crivent  respectivement ; 


=  (L  a  m)' 
ay  =  (Lame) 


-1/m 


(1.34) 


1.4.2  -  Approche  d’un  crit^re  de  rupture 

Ce  sont  Rosen  [12,13]  et  Zweben  [15]  qui  les  premiers  ont  propose  des  modules  qui  permettent  de  pr6voir  la 
contrainte  it  rupture  de  composites  it  fibres  fragiles  dont  la  matrice  pr6sente  une  rigidity  bien  plus  faible  que  celle  du  renfort. 
Dans  son  module,  Rosen  [12]  suppose  que  la  rupture  du  composite  r6sulte  du  cumul  de  ruptures  616mentaires  de  fibres, 
s6par6es  par  des  barridres  k  la  propagation  des  fissures  qui  ne  sont  rien  d’autre  que  la  matrice,  suppos6e  tenace,  c’est-4- 
dire  ne  permettant  pas  4  une  fissure  lenticulaire  de  se  ddvelopper.  Pour  ce  faire,  le  composite  unidirectionnel  (pH 
616mentaire)  est  suppos6  constitud  de  N  fibres  de  longueur  I  juxtapos6es  parallfelement  les  unes  aux  autres  (fig.  8).  Pour  une 
contrainte  appliqu^e  a,  certaines  des  fibres  rompent  tandis  que  les  autres  demeurent  intactes.  La  rupture  d’une  fibre 
individuelle  ne  la  rend  pas  incapable  de  supporter  la  charge  sur  toute  sa  longueur,  mais  seulement  au  voisinage  de  la  rupture 
sur  une  longueur  1^  appelde  distance  d’inefficacitd,  sur  laquelle  la  charge  support6e  par  la  fibre  est  alors  nulle.  Rosen  passe 
alors  de  ce  module  dit  "parall^le"  un  module  dit  "s6rie",  dans  lequel  le  composite  est  constitu6  d’un  empilement  de  P 
couches  d’6paisseur  1„  chaque  couche  6tant  constitute  d’un  toron  contenant  N  fibres.  En  consequence,  si  une  fibre  rompt 
dans  une  couche,  la  totalitt  de  la  longueur  de  fibre  sera  inefficace,  et  la  charge  supportte  avant  rupture  par  cette  fibre  sera 
redistribute  aprts  rupture  sur  toutes  les  autres  fibres  du  toron,  ce  qui  exclut  la  notion  de  concentration  locale  de  contraintes. 
La  contrainte  de  rupture  est  atteinte  lorsqu’un  titment  de  hauteur  tgale  i  1,  se  trouve  dans  I’incapacitt  de  supporter  une 
augmentation  de  contrainte  du  fait  du  cumul  de  rupture  de  fibres  individuelles.  Ce  modtle  dtpend  bien  tvidemment 
fortement  de  la  distance  d’inefficacitt  1„  que  Rosen  avait  considtrt  etre  tgale  k  la  distance  sur  laquelle  la  contrainte  dans 
la  fibre  retrouvait,  par  rechargement  tiastique,  90  %  de  sa  valeur  avant  rupture'. 

La  contrainte  4  rupture  du  composite  est  alors  donnte  par  la  contrainte  k  rupture  du  toron,  pondtrte  par  la  fraction 
volumique  de  fibres,  soit : 

=  V,  ay  =  Vy  (1^  a  m  e)'’''"'  (1.35) 


Dans  son  modtle  strie,  Rosen  ne  prenait  pas  en  compte  les  effets  de  report  local  de  la  charge  sur  les  plus  proches 
voisines,  lors  de  la  rupture  d’une  fibre.  Zweben  [15]  les  a  effectivement  pris  en  considtration  dans  le  sien,  en  admettant  que 
le  composite  ttait  constitut  de  N  x  P  tltments.  Ainsi,  lors  de  la  rupture  d’un  titment,  la  charge  qu’il  supportait  avant  rupture 
est  reportte  sur  les  tltments  proches  voisins  par  le  biais  d’un  facteur  multiplicatif  K.  Toutefois,  ce  mode  optratoire  conduit 
4  des  durtes  de  catcul  prohibitives,  de  sorte  que  I’on  prtftre  gtntralement  considtrer  seulement  le  cas  du  modtle  strie  en 
ne  prenant  en  compte  qu’une  tranche  d’tpaisseur  1,  dont  I’tpaisseur  peut  tvoluer  avec  le  chargement  [10]. 


Les  amtliorations  4  ce  modtle  de  cumul  de  dommages  propostes  depuis  par  divers  auteurs  ont  essentiellement  portt 
sur  les  points  suivants  : 

-  le  cas  de  composites  hybrides,  en  considtrant  la  rupture  soit  de  deux  fibres  contigues,  soit  de  deux  fibres  stpartes  par  une 
fibre  intacte  [16]  ; 

-  la  prise  en  compte  des  effets  dynamiques  qui  accompagnent  la  rupture  d’une  fibre  [17]  ; 

-  enfin,  I’inttgration  aux  modties  de  Zweben  et  Rosen  d’interfaces  plus  rtalistes,  prenant  en  compte  une  dtcohtsion  fibre- 
matrice  [18]. 

Ntanmoins,  I’inttgration  dans  ces  modties  de  mesures  exptrimentales  de  la  cohtsion  fibre-matrice,  ou  encore  de  la 
contrainte  moyenne  de  cisaillement  4  I’interface  fibre-matrice,  n’a  pas  encore  ttt  rtaliste  ;  e’est  I’objet  de  ce  qui  suit. 

1.4.3  -  Modtiisation  de  la  rupture  de  composites  unidirectionnels  ;  influence  de  la  contrainte  de  transfer!  de 
charge  4  I’interface  fibre-matrice  [8] 

Les  compo.sites  unidirectionnels  4  matrice  d’aluminium  (6061)  ou  de  titane  (Ti-6-4)  renforcte  par  des  fibres  de 
carbure  de  silicium  de  fort  diamttre  sont  de  bons  candidats  pour  I’tvaluation  de  modties  de  rupture.  En  effet,  il  est  possible 
de  mesurer  dans  ces  deux  systtmes  la  contrainte  moyenne  maximum  de  transfer!  de  charge  4  I’interface  fibre-matrice  par 
un  essai  de  fragmentation  sur  composite  monofilamentaire  d’une  part,  et  d'en  dtduire  la  contrainte  de  transfer!  de  charge 
4  I’interface  dans  les  unidirectionnels,  du  fait  de  leur  fraction  volumique  de  fibres  relativement  faible,  .30  4  45  %,  d’autre 
part. 


La  simulation  de  la  rupture  s’effectue  en  utilisant  un  modtle  de  type  'trie.  Dans  ce  modtle,  on  considtre  une  tranche 
de  composite  d’tpaissur  L  4  laquelle  va  ttre  appliqut  le  chargement  ;  la  contrainte  dans  chaque  fibre  supposte  identique 
est  obtenue  par  la  loi  des  mtlanges.  Chaque  fibre  se  voit  attribuer  une  contrainte  4  rupture  ddterminte  4  I’aide  de  la 
statistique  de  Weibull.  La  rupture  de  la  premitre  fibre  intervienf  lorsque  la  contrainte  qu'elle  supporte  a,  est  suptrieure  4 
sa  contrainte  de  rupture  a,„  ;  la  charge  supportte  par  cette  fibre,  avant  rupture,  est  reportte  aprts  rupture  sur  les  plus 


l>e  fait  de  considtrer  des  fibres  de  longueur  1,  dans  I’tquation  (2.36)  conduira  4  un  accroissement  de  la  contrainte  4  rupture 
par  rapport  4  celle  que  Ton  obtiendrait  4  partir  de  la  contrainte  4  rupture  de  torons  de  longueur  !>>!,.  Cet  effet  avait 
tit  prtvu  par  Rosen. 
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proches  voisines  (six  dans  le  cas  d’un  airangement  hexagonal).  Ce  report  de  charge  s’effectue,  comme  dans  le  module  de 
Rosen,  par  une  longueur  dite  d’inefficacit6  L,,  calcuI6e  k  i’aide  de  la  contrainte  de  transfert  de  charge  mesurde  par  la 
relation  : 


Lors  de  la  poursuite  du  chargement  de  la  tranche  de  compKJsite,  le  nombre  de  zones  endommagdes  4  fibres  rompues 
croit  jusqu’il  ce  que  I’augmentation  du  nombre  de  ruptures  de  fibres  devienne  catastrophique,  pour  une  valeur  de  la 
contrainte  appliqu6e  dgale  4  la  contrainte  k  rupture  du  composite.  Les  r^sultats  d’une  simulation  effectufie  sur  un  composite 
representatif  renfermant  400  fibres  (20  x  20)'  a  permis  de  d6gager  les  conclusions  suivantes  : 

-  une  augmentaton  du  module  de  Weibull  des  fibres  se  traduit  par  une  forte  augmentation  de  la  contrainte  4  rupture  du 
composite  (fig.  9a).  En  effet,  pour  une  meme  contrainte  moyenne  4  rupture  des  fibres,  de  4000  MPa  pour  une  longueur 
de  jauge  de  5  mm,  le  fait  de  passer  d’un  module  de  Weibull  de  4  4  un  module  de  Weibull  de  24  conduit  4  une 
augmentation  de  la  contrainte  4  rupture  de  plus  de  55  %.  En  revanche,  un  faible  module  de  Weibull  permet  une 
accumulation  plus  grande  de  I’endommagement  avant  rupture  du  composite  (fig.  9a,b,c)  ; 

-  I’effet  du  transfert  de  charge  matrice  ->  fibre  est  d’autant  plus  sensible  que  le  module  de  Weibull  des  fibres  est  faible 
(fig.  10).  Cette  influence  s’estompe  pour  les  modules  de  Weibull  61evds  (m  >  20)  ; 

-  la  localisation  de  la  surcontrainte  locale  lors  de  la  rupture  d’une  fibre  sur  une  faible  longueur  (longueur  d’inefficacit6  L, 
petite)  est  favorable  ; 

-  la  concentration  de  contrainte  locale  resultant  d’une  rupture  de  fibre  est  d’autant  moins  nocive  que  le  nombre  de  fibres 
affectdes  par  le  report  est  important  ; 

-  enfin,  en  ce  qui  concerne  les  dimensions  de  la  fibre,  un  petit  diam4tre  de  fibre  est  favorable,  d’autant  qu'il  minimise  les 
effets  dynamiques  de  transfert  d’^nergie  qui  accompagnent  toute  rupture  de  fibre. 

En  ce  qui  concerne  la  comparaison  simulation-experience,  les  rdsultats  obtenus  sur  les  composites  4  matrice 
d’aluminium  (SCS2)  et  de  titane  (SCS6  ;  Ti-6-4)  ont  permis  de  d^gager  les  points  suivants  : 

-  le  facteur  limitant  le  transfert  de  charge  de  la  matrice  4  la  fibre  est  la  contrainte  d’^coulement  plastique  de  la  matrice  pour 
les  composites  base  aluminium,  et  la  ddcoh6sion  fibre-revStement  pour  les  composites  4  matrice  titane  (cf  §  1.3)  ; 

-  pour  les  composites  4  matrice  d’aluminium,  dans  lesquels  la  seule  diminution  des  caract6ristiques  m^caniques  de  la  matrice 
avec  la  temperature  ne  permettait  pas  de  rendre  compte  de  la  baisse  de  resistance  observee  avec  la  temperature  par  le 
biais  de  la  loi  des  melanges,  la  forte  chute  de  la  capacite  de  la  matrice  4  transferer  la  charge  lorsque  la  temperature 
augmente  permet  de  rendre  compte  de  la  diminution  de  resistance  du  composite  SCS2-6061  4  partir  de  350°C  (fig.  11a)  ; 

-  pour  les  composites  4  matrice  de  titane,  dans  lesquels  une  decohesion  fibre-revetement  se  produit,  la  contrainte  de 
transfert  de  charge  par  cisaillement  4  I’interface  fibre-matrice  comprend  une  forte  composanfe  de  friction  provenant  de 
la  zone  decoliee  de  la  fibre.  Cette  composante  de  friction  est  proportionnelle  4  la  contrainte  de  frettage  de  la  fibre  par 
la  matrice,  qui  decroit  fortement  avec  la  temperature.  La  simulation  effectuee  en  tenant  compte  de  ce  paramStre  conduit 
4  une  reproduction  correcte  de  la  courbe  experimentale  (fig.  1  lb). 

En  conclusion,  les  modeies  de  prevision  de  la  rupture  des  composites  unidirectionnels  qui  se  fondent  sur  le  caractfere 
aieatoire  de  la  rupture  des  fibres  commencent  4  conduire  4  des  resultats  encourageants.  Toutefois,  une  connaissance  correcte 
des  mecanismes  de  transfert  de  charge  4  I’interface  fibre-matrice  semblable  4  celle  acquise  pour  les  composites  4  matrice 
organique  [8]  est  indispensable. 

1.5  -  Resistance  en  traction  dans  le  sens  travers 

II  e.st  g^neralenient  bien  admis  que  la  contrainte  4  rupture  dans  le  sens  travers  des  composites  4  matrice  metallique 
depend  essentiellement  de  la  resistance  de  I’interface  fibre-matrice,  mais  egalement  de  la  fraction  volumique  de  fibres.  La 
resistance  dans  le  sens  travers  des  CMM  est  tres  faible  par  rapport  4  celle  dans  le  sens  long  (fig.  12).  Pour  les  composites 
fibres  de  bore/matrice  alliage  d’aluminium  6061,  une  etude  assez  complete  effectuee  par  Prewo  &  Kreider  [19]  montre  I’in- 
fluence  de  I’etat  de  la  matrice  brute  de  fabrication  (F)  ou  traitee  thermiquement  au  pic  de  revenu  (T6)  sur  la  contrainte 
4  rupture  dans  le  sens  travers.  Ainsi  le  composite  4  I’etat  T6  presente-t-il  une  contrainte  de  rupture  de  140  MPa  et  un 
allongement  4  rupture  faible  (=  8.  lO"*),  tandis  qu’4  fetat  brut  de  fabrication  la  contrainte  4  rupture  est  plus  faible  (90  MPa) 
et  I’allongement  plus  6lev6,  indiquant  I’existence  d’une  liaison  fibre-matrice  plus  faible  4  I’dtat  F  qu’4  I'^tat  T6. 

Pour  les  composites  carbone-aluminium,  Islam  &  Wallace  [20]  montrent,  dans  leur  revue  effectude  sur  les  composites 
de  premidre  gdndraiion,  que  la  resistance  en  traction  dans  le  sens  travers  reste  trds  faible,  comprise  entre  10  et  50  MPa,  alors 
que  les  caraetdristiques  dans  le  .sens  long  ddpassent  1 100  MPa.  Pour  la  grande  majoritd  des  composites  4  matrice  mdtallique 
il  en  est  de  mdme,  avec  des  contraintes  4  rupture  dans  le  sens  travers  trds  infdrieures  4  la  limite  de  rupture  de  la  matrice 
seule,  ce  qui  montre  la  forte  contribution  de  la  ddcobd.sion  fibre-matrice.  Ce  rOle  dominant  de  la  liaison  fibre-matrice  est 
confirmd  par  la  ddcroi.ssance  de  la  contrainte  4  rupture  observde  lorsque  la  fraction  volumique  de  fibres  augmente  [19]. 

Lit  encore,  un  contrcMe  des  caraetdristiques  de  I’interface  fibre-matrice  apparait  indispensable. 


Une  augmentation  de  la  laille  du  composite  (nombre  de  fibres  trds  dlevd)  ne  modifie  pas  les  conclusions,  mais  entraine 
des  temps  de  calcul  prohibiiifs. 


L’application  stricte  de  la  m6canique  lindaire  de  la  rupture,  d^velopp^e  pour  des  matSriaux  homogdnes  et  isotropes, 
aux  composites  i  matrice  m€tallique  n’a  bien  ividemment  pas  permis  d’obtenir  des  caract6ristiques  -  facteur  d’intensitd  des 
contraintes  K  ou  taux  d’£nergie  Iib6r6e  en  fond  de  fissure  G  -  intrinsdques  pour  un  matdriau  donn6.  Dans  un  mat6riau 
composite,  il  faut  prendre  en  compte  les  effets  locaux,  arrachement  des  fibres  de  la  matrice  et  plasticity  de  la  matrice  induite 
4  fond  de  fissure  par  I’effort  de  fermeture  des  fibres  non  rompues,  qui  agissent  alors  comme  des  raidisseurs.  Pour  un 
composite  4  fibres  continues,  I’^nergie  libyr^e  i  fond  de  fissure  pent  alors  s’6crire  comme  la  somme  de  trois  termes  [21]  ; 

G.c  -  G,  +  +  Wp  (1.37) 


oil 


G,  est  rynergie  libyr6e  ^  fond  de  fissure  par  un  mat6riau  biphasy  dans  lequel  les  deux  phases  sont  supposyes  se 
dyformer  identiquement ; 

W„  est  le  travail  nycessaire  pour  extraire  les  fibres  de  leur  gaine  de  matrice  sur  la  longueur  dycohyrye  ; 

Wp  est  le  travail  de  dyformation  plastique  de  la  matrice  rysultant  du  pontage  des  ISvres  de  la  fissure  par  les  fibres. 


Cette  formulation  se  coraprend  sur  la  base  du  cumul  d’une  approche  macroscopique  de  la  tynacity,  reprysentye  par 
le  premier  terme,  et  d’une  approche  locale  [21],  dycrite  par  les  deux  autres  ;  I’ynergie  de  fracture  macroscopique  G^i  peut 
ytre  estimye  il  I’aide  de  la  mycanique  linyaire  de  la  rupture,  dans  le  cas  d’une  isodyformation  des  deux  phases  [22],  en 
considyrant  un  matyriau  homogyne  yquivalent  (fig.  13).  Le  terme  s’ycrit  alors  : 
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ou  a  est  la  longueur  de  fissure,  u/  et  u,'  les  contrainte  et  dyplacement  dans  le  matyriau  homogyne  yquivalent  paraliyiement 
4  la  direction  des  efforts  ; 


G.h  “  [V„(E,G,yEJ^  +  (E,G„/E,)']^ 


(1.39) 


ou  Gii  est  le  taux  d’ynergie  restimye  en  fond  de  fissure  dans  un  solide  infini  de  la  phase  i  (i  =  m,0  dyfini  par  une  yquation 
identique  4  (1 J8).  Dans  le  cas  oil  v.  =  t/„  =  (1.39)  se  simplifie  et  I’on  a  alors  : 

Gim  •  a  /  Ec  (l-<0) 

La  contribution  de  I’extraction  des  fibres  au  taux  de  restitution  d’ynergie  4  fond  de  fissure  a  yty  caJcuiye  dans  le  cas 
de  composites  4  fibres  longues  possydant  des  points  faibles  par  Cooper  [23],  et  celle  rysultant  de  la  dyformation  plastique 
de  la  matrice  par  Pigott  [24]  ou  Ishikawa  &  Taya  [22]  4  I’aide  de  la  mythode  de  I’ouverture  critique  (COD). 


L’ynergie  totale  de  rupture  d’un  composite  unidirectionnel  peut  Stre  reprysentye  par  I’aire  sous-tendue  par  la 
courbe  force-dyplacement.  L’ynergie  de  rupture  par  unity  de  surface  est  alors  le  quotient  du  travail  de  rupture  W,  par  le 
double  de  I’aire  du  ligament.  Cette  quantity  a  yty  estimye  par  Taya  &  al  [25  4  27]  en  intygrant  I’yquation  (1.37)  entre  les 
dimensions  initiale  a„  et  finale  a„  conduisant  4  la  rupture  du  composite,  d’une  fissure  lenticulaire  pryexistante.  Les  valeurs 
de  rynergie  de  rupture  obtenues  par  cette  mythode  recoupent  les  valeurs  expyrimentales  mesuryes  dans  les  composites 
C/6061  et  B/Al  1100. 


2  -  LES  CONSTITUANTS  ELEMENTAIRES  :  FIBRES  ET  MATRICES 
2.1  -  Les  fibres  utilisables  pour  les  composites  4  matrice  mytalliquc 

Les  caractyristiques  essentielles  recherchyes  pour  les  composites  4  matrice  mytallique  ytant  la  rysistance  et  la  rigidity 
spydfiques,  les  fibres  candidates  au  renforcement  des  CMM  devront  possyder  4  la  fois  des  propriytys  mycaniques  yievyes 
et  une  faible  density.  De  plus,  elles  devront  Stre  le  plus  inerte  chimiquement  vis-4-vis  de  la  matrice,  afin  de  conserver  leurs 
caractyristiques  tant  pendant  la  phase  d’yiaboration  du  matyriau  que  pendant  celle  de  son  utilisation,  dans  le  cas  des 
composites  destinys  4  travailler  4  haute  tempyrature.  A  cdty  des  fibres  longues  utilisyes  dans  les  composites  yiaborys  par 
synthyse,  il  faut  mentionner  les  trichites  de  carbure  de  mil&ux  de  transition,  qui  constitue  le  renfort  des  composites  de 
solidification  obtenus  par  ryaction  eutectique,  dont  le  domaine  d’utilisation  est  celui  des  hautes  tempyratures.  Les  fibres  de 
renfort  peuvent  ainsi  ytre  classyes  en  deux  groupes  suivant  le  domaine  de  tempyrature  d’utilisation  des  composites. 

2.1.1  -  Composite  dont  la  tempyrature  d’utilisation  ne  dypasse  pas  400°C 

Une  grande  variyty  de  fibres  peuvent  ytre  utilisyes  pour  ces  matyriaux,  que  Ton  peut  ramener  4  quatre  composys 
principaux  ;  le  bore,  le  carbone,  le  carbure  de  silicium  et  les  alumino-silicates  (tableau  1). 

Les  fibres  de  bore  ou  de  carbure  de  silicium  de  fort  diamytre  (1(X)  4  140  fim)  sont  toutes  deux  obtenues  par  dyp6t 
chimique  en  phase  vapeur  sur  un  filament  prychauffy  de  tungstyne  pour  le  bore,  de  tungstyne  ou  de  carbone  pour  le  carbure 
de  silicium.  Malgry  leurs  caractyristiques  spycifiques  trys  yievyes,  ces  fibres  demeurent  peu  utilisyes  en  raison  de  leur  coOt 
yievy  et  de  leur  manque  de  souplesse,  ce  qui  rend  leur  mise  en  oeuvre  difficile  (ces  fibres  n"  sont  par  exemple  pas  tissables). 


Les  fibres  de  carbure  de  silicium  obtenues  sous  forme  de  torons  de  filaments  de  faible  diamytre,  par  pyrolyse  d’un 
prycurseur  organomytallique,  contiennent  gynyralement  des  impuretys  en  teneur  trys  yievye  -  oxygyne  pour  les  fibres 
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d’origine  japonaise  Nicalon  ou  Tyranno,  azote  pour  les  fibres  fran^ises  de  Rhdne-Poulenc.  Cette  teneur  6lev6e  en  oxygdne 
est  une  des  raisons  de  la  thermostabilite  limit^e  k  tr6s  haute  temperature  (=  1200°C)  pour  les  fibres  japonaises,  avec  un 
avantage  pour  la  fibre  Tyramio  ;  quant  aux  fibres  Rh6ne-Poulenc,  leur  thermostabilite  a  ete  largement  accrue  par  rapport 
4  la  fibre  Nicalon.  Les  caracteristiques  mecaniques  de  ces  fibres  sont  done  plus  limitees  que  celles  des  fibres  obtenues  par 
depot  chimique  en  phase  vapeur  (tableau  1)  ;  en  revanche,  elles  possedent  une  grande  souplesse  et  une  excellente  inertie 
chimique  vis-4-vis  des  matrices  aluminium  ou  magnesium,  sauf  lorsqu’elles  contiennent  de  la  silice  (surtout  en  surface)  qui 
reagit  violemment  avec  le  magnesium  liquide. 

Les  fibres  d’alumino-silicates  (xAljOj,  (l-x)SiOj)  sont  produites  soit  sous  forme  de  torons  de  filaments  continus  de 
10  4  20  am  de  diametre,  soit  sous  forme  de  fibrilles  discontinues  de  1  4  7  am  de  diametre  (tableau  1).  La  forte  reactivite 
des  fibres  contenant  de  la  silice  avec  le  magnesium  4  I’etat  liquide  conduit  4  leur  degradation  ;  en  revanche,  la  relative 
inertie  de  ces  fibres  vis-4-vis  de  raluminium  liquide  se  traduit  par  une  adhesion  fibre-matrice  faible,  qu’il  est  possible 
d’augmenter  par  I’emploi  d’alliages  aluminium-lithium. 

Les  fibres  de  carbone  sont  de  divers  types  selon  le  precurseur  utilise  et  les  caracteristiques  mecaniques  recherchees 
(tableau  1).  II  existe  essentiellement  deux  tj^es  de  precurseurs  utilises  nour  la  fabrication  des  fibres  de  carbone  :  le 
polyacrilonitrile  (PAN)  et  le  brai. 

Les  fibres  issues  du  precurseur  PAN  peuvent  etre  classees  en  deux  grandes  families  selon  la  temperature  de  pyrolyse  : 

-  une  pyrolyse  4  basse  temperature  de  I’ordre  de  1500°C  conduit  aux  fibres  4  haute  resistance,  superieure  4  3500  MPa  ;  les 
fabricants  de  fibres  ont  fait  evoluer  les  caracteristiques  des  fibres  en  affinant  le  precurseur  et  en  augmentant  le  taux 
d’etirage  des  fibres  PAN,  ce  qui  s’est  traduit  par  une  augmentation  de  I’allongement  4  rupture,  voisin  de  1  %  pour  les 
fibres  dites  de  premiere  generation,  caracterisees  par  la  fibre  T300  de  Toray,  4  pres  de  2  %  pour  les  demieres  fibres 
apparues  sur  le  marche,  caracterisees  par  la  fibre  T800H  ; 

-  une  pyrolyse  effectuee  4  tres  haute  temperature  conduit  aux  fibres  4  haute  module  en  raison  d’un  taux  de  graphitisation 
eieve,  caracterisees  par  la  fibre  GY70  de  Celion. 

Les  fibres  issues  de  precurseur  brai  sont  toutes  des  fibres  4  haut  module,  dont  I’allongement  4  rupture  a  suivi  une 
evolution  paralieie  tout  en  restant  4  des  niveaux  nettement  plus  modestes  que  celle  des  fibres  4  haute  resistance  ;  les 
derm'dres-nees  possedent  des  modules  tres  eieves  (840  MPa)  proches  du  module  theorique  du  graphite. 

L’ensemble  des  fibres  de  carbone  ou  de  carbure  de  silicium  utilisables  dans  I’industrie  aerospatiale  sont  regroupes 
sur  la  figure  14  dans  un  diagramme  module-resistance  4  rupture  qui  pernet  de  separer  le  domaine  des  materiaux  pour 
structures  spatiales,  essentiellement  dimensionnes  en  module,  de  celui  des  materiaux  pour  structure  aeroautique,  oCi  la 
resistance  reste  un  critere  de  dimensionnement  important. 

Le  cout  de  ces  diverses  fibres  depend  4  la  fois  de  leur  nature  et  du  volume  produit  annuellement  (fig.  15)  [28].  Les 
fibres  monofilamentaires  obtenues  par  depdt  chimique  en  phase  vapeur  restent  trSs  onereuses  (plus  de  1500  $/kg),  suivies 
de  pres  par  les  fibres  de  carbure  de  silicium  eiaborees  par  pyrolyse  d’un  precurseur  organometallique  (700  $/kg  pour  les 
fibres  Nicalon) ;  4  foppose  les  fibres  d’alumino-silicates  sont  produites  4  des  coiits  tres  faibles,  de  2  4  40  $/kg.  pour  les  fibres 
de  carbone,  les  coiits  varient  largement,  de  50  4  100  $/kg  pour  les  fibres  haute  resistance  courantes,  4  pres  de  4000  $/kg 
pour  les  fibres  haut  module  experimentales. 


2.1.2  -  Composites  pour  application  4  haute  temperature  ( >  400°C1 

La  nature  des  fibres  pour  des  composites  utilisables  4  haute  temperature  est  beaucoup  plus  restreinte,  dans  la  mesure 
ou  les  fibres  doivent  4  la  fois  : 

-  conserver  leurs  caracteristiques  en  temperature  ; 

-  etre  inertes  vis-4-vis  de  la  matrice,  tant  dans  la  phase  d’eiaboration  que  dans  celle  de  I’utilisation. 

De  ce  fait,  la  nature  des  fibres  retenues  pour  un  composite  est  fortenient  liee  4  celle  de  la  matrice,  constituee  essentiellement 
4  I’heure  actuelle  d’alliage  de  titane  ou  de  superalliage. 

Pour  les  alliages  de  titane,  les  fibres  utilisables  sont  n6cessairement  des  monofilaments  de  fort  diametre,  en  raison 
de  la  tr4s  forte  r6activit6  du  titane  avec  le  bore  ou  le  carbure  de  silicium  (cf.  §  3.1.2).  Pour  ces  materiaux,  le  d6veloppement 
de  fibres  de  diborure  de  titane  est  engage  aux  Etats-Unis,  compte  tenu  de  la  bonne  stability  de  ce  compost. 

Les  fibres  utilisables  avec  des  matrices  superalliages  sont  soit  des  monofilaments  de  tungstSne,  soit  des  trichites  de 
carbure  de  m6taux  de  transition  obtenus  directement  par  croissance  dans  les  composites  de  solidification  (tableau  2). 


2.2  -  Les  matrices  utilisables  pour  les  CMM 

Dans  les  materiaux  composites  de  fa^on  g^n^rale  -  et  les  CMM  n’6chappent  pas  4  la  r4gle  -,  les  rbles  essentiels  de 
la  matrice  sont,  d’une  part  d’assurer  la  cohesion  entre  les  fibres  et  d’assurer  le  transfert  de  charge,  d’autre  part  d’^viter  les 
agressions  de  I’environnement.  Diverses  matrices  m^talliques  peuvent  6tre  employees  en  fonction  de  la  temperature  de 
fonctionnement  des  composites  ;  on  trouvera  ainsi  par  temperature  d'utilisation  croissante  les  alliages  legers  d’aluminium 
ou  de  ma^esium  (utili.sables  jusqu’4  400°C  au  plus),  puis  les  alliages  de  titane  (jusqu’4  550  ou  650°C),  les  composes 
intermetalUques  de  titane  (dont  certains  peuvent  atteindre  95(PC),  les  superalliages  de  nickel  (pour  des  temperatures  de 
1 100°C),  et  enfin,  mais  il  s’agit  14  de  prospective,  les  alliages  de  niobium  (utilisables  jusqu’4  1300°C). 


Pour  ce  qui  est  des  aUiages  d’aJuminium,  nombre  de  matrices  ont  utilis6es  pour  la  realisation  de  composites  d 
matrice  m6tallique.  On  trouve  ainsi  : 

-  les  matrices  d’aluminium  pur  de  la  sdrie  1100  ; 

-  les  alliages  aluminium-magnesium  de  la  serie  5000,  qui  ont  ete  tres  largement  employes  pour  les  composites  de  la  premiere 
generation  eiabores  dans  les  annees  70  ;  il  s’agit  essentiellement  des  nuances  5056,  5154,  Al-5Mg,  Al-lOMg.  Toutefois,  il 
faut  remarquer  que  tous  les  alliages  aluminium-magnesium  sont  des  alliages  de  corroyage  dans  lesquels  le  contrdle  de  la 
microstructure  et,  partant,  les  proprietes  mecaniques,  resultent  de  traitements  thermomecaniques  mettant  en  jeu  des  taux 
de  deformation  eieves  qu'il  est  bien  evidemment  impossible  de  realiser  dans  des  composites  ^  fibres  longues  ; 

-  les  alliages  aluminiuln-silicium  de  la  serie  6000,  soit  faiblement  allies  comme  le  6061,  soit  trfes  riches  en  silicium  comme 
les  alliages  de  fonderie  Al-13Si ; 

-  les  alliages  aluminium-cuivre  de  la  serie  2000,  comme  I’alliage  2024. 

Il  convient  de  remarquer  que  les  alliages  aluminium-zinc  tres  haute  resistance  de  la  serie  7000,  comme  le  7075,  ont 
ete  tres  peu  utilises  comme  matrice  de  composites  it  fibres  longues. 

Pour  les  matrices  base  magnesium,  les  alliages  les  plus  employes  sont  : 

-  d’une  part  le  magnesium  pur, 

-  d’autre  part  les  alliages  magnesium-aluminium,  tels  les  alliages  AZ61  et  AZ91. 

2.2.2  -  Les  matrices  movenne  temperature  de  titane  ou  de  composes  de  titane 

La  forte  reactivite  des  matrices  i  base  de  titane  imposant  une  mise  en  oeuvre  it  I’etat  solide,  les  alliages  les  plus 
utilises  sont  ceux  que  Ton  peut  trouver  sous  forme  de  feuiilards  de  faible  epaisseur,  de  I’ordre  de  100  am,  qui  de  plus 
possedent  un  domaine  contrainte-temperafure  dans  lequel  ils  sont  superplastiques. 

Pour  les  alliages  de  titane,  le  plus  utilise  est  le  TA6V  (Ti-6-4),  alliage  a-6  laminable  qui  presente  un  domaine  de 
superplasticite  au-deli  de  900°C.  On  trouve  6galement  des  composites  realises  avec  i’alliage  15-3-3-3  (15-3)  de  TIMET, 
alliage  fl  metastable,  facilement  laminable  et  disponible  sous  forme  de  feuiilards  de  faible  epaisseur. 

Pour  les  composes  intermetalliques  de  titane,  les  seuls  composes  envisages  k  ce  jour  sont  les  composes  base  TijAl, 
soit  I’alliage  de  base  Ti-14Al-25Nb'  [29],  soit  encore  le  compose  super-ttjTi-14Al-20Nb-3V-2Mo’  [30],  tous  deux  developpes 
aux  Etats-Unis  par  TIMET,  et  que  Ton  peut  obtertir  sous  forme  de  feuiilards  de  faible  epaisseur  [31].  Ces  materiaux, 
utilisables  jusqu’4  une  temperature  maximale  de  650°C,  font  I’objet  d’une  evaluation  comme  matrice  de  materiaux  composites 
[32]. 


Les  aluminiures  de  titane  derives  du  compose  TiAl,  dont  la  tenue  k  I’oxydation  est  superieure,  devraient,  eux,  fetre 
utilisables  S  des  temperatures  voisines  de  950°C  ;  toutefois,  actuellement  les  nuances  d’alliages  ne  sont  pas  encore 
compietement  figees.  De  ce  fait,  la  realisation  de  composites  avec  ces  matrices  en  est  encore  au  stade  des  etudes. 

2.2.3  -  Les  matrices  superalliages  pour  emploi  iusqu’jt  1200°C 

Les  superalliages  de  nickel  sont  actuellement  utilises  sous  forme  d’aubes  monocristallines  jusqu’a  des  temperatures 
de  I’ordre  de  1050°C  [33].  Il  faut  cependant  noter  que  les  autres  categories  de  superalliages  ont  des  temperatures  d’emploi 
limitees  k  980°C. 

Deux  types  de  composites  4  matrice  superalliage  sont  susceptibles  d’etre  utilises  : 

-  les  composites  de  synthese,  renforces  par  des  fibres  longues  de  tungstene  ; 

-  les  composites  de  solidification,  renforces  par  des  trichites  de  carbure. 

Dans  le  premier  cas,  de  nombreuses  matrices  sont  utilisables,  les  seules  limitations  etant  liees  d’une  part  au  precede 
de  fabrication  -  les  materiaux  devant  Stre  disponibles  soit  sous  forme  de  feuiilards,  soil  sous  forme  de  poudres  prealliees  - 
,  d’autre  part  aux  reaction  fibre-matrice.  Ain.si,  pour  ces  compo,sites  de  synthese,  nombre  de  matrices  en  superalliage 
(Hastelloy  X,  713C,  ...)  [34],  en  alliage  k  forte  resistance  k  I’oxydation  (FeCrAlY)  ou  en  compose  intermetallique  (derive 
des  systemes  NiAl,  FeAl,  Fe,AI)  sont  des  candidates  serieuses. 

Dans  le  .second  ca.s,  la  composition  des  matrices  est  limitee  par  les  diagrammes  d’equilibre  des  phases,  tant  lors  de 
la  .solidification  dirigee  que  lors  de  I’utilisation,  du  fait  des  reactions  en  pha.se  solide. 


2.2.4  -  Les  matrices  pour  tr^s  haute  temperature 

Au-del<i  de  1200°C,  les  seules  matrices  utilisables  actuellement  sont  des  alliages  base  niobium  durcies  seulement  en 
solution  solide.  comme  les  alliages  Nb-l%Zr  utilisables  d  condition  d’etre  proteges  contre  I’oxydation  au-deli  de  1300°C. 


'  Pourcent.'igcs  ponderaux 


Dans  les  composites  ^  matrice  mdtallique,  la  compatibility  entre  fibre  et  matrice  te  pose  4  deux  niveaux,  chimique 
et  mycanique. 

2.3.1  -  Compatibility  chimique 

La  compatibility  chimique  est  4  considyrer  lorsque  des  ryactions  peuvent  se  produire  entre  les  fibres  et  la  matrice, 
4  J’interface,  tant  lors  de  la  mise  en  oeuvre  du  matyriau  que  lors  de  son  utilisation  4  haute  temperature.  Les  probiymes  qui 
se  posent  et  les  remydes  qui  peuvent  etre  apportys  sont  spycifiques  4  chaque  couple  fibre-matrice. 

Dans  les  composites  4  matrice  d’aluminium,  les  fibres  dont  la  compatibility  avec  la  matrice  myrite  une  ,;nention 
particuliyre  sont  les  fibres  de  carbone  et  cedes  de  carbure  de  silicium  ou  de  bore  : 

-  les  fibres  de  carbone  ryagissent  avec  raluininium  pour  former  du  carbure  d’aluminium  ALQ,  qui  croit  4  I’interface  fibre- 
matrice  sous  forme  de  particules  anguleuses  [35].  La  prysence  de  cette  phase  4  I’interface  induit  au  niveau  du  composite 
plusieurs  effets  dyiytyres  [36]  : 

une  baisse  de  rysistance  de  la  rysistance  intrinsyque  des  fibres  ; 

une  augmentation  du  nombre  des  sites  d’amor^age  de  fissures  en  raison  de  leur  forme  et  de  leur  durety  ; 
une  dytyrioration  des  caractyristiques  de  corrosion,  dyj4  trys  mydiocres  dans  les  composites  C-Al. 

De  ce  fait,  les  composites  C-Al  requiyrent  pour  leur  mise  en  oeuvre  que  la  protection  des  fibres  de  carbone  soil  assurye 
4  I’aide  d’un  revetement  ;  celui-ci  devra  en  outre  assurer  le  mouillage  des  fibres  par  I’aluminium  liquide,  les  fibres  de 
carbone  n  etant  pas  naturellement  mouillees  par  I’aluminium  liquide. 

-  le  carbure  de  silicium  ryagit  avec  I’aluminium,  pour  les  tempyratures  supyrieures  4  557°C  [37],  cuivant  la  ryaction  : 

4A1  (liq)  +  3SiC  —  >  A1,C,  +  Si  (sol-sol) 

Pour  les  tempyratures  infydeures,  le  carbure  de  silicium  et  I’aluminium  sont  en  yquilibre.  A  haute  tempyrature,  la  reaction 
entre  I’aluminium  liquide  et  le  carbure  de  silicium  s’arrete  lorsque  la  teneur  en  silicium  dans  I’aluminium  correspond  4 
ryquilibre  entre  le  mytal  liquide  et  la  phase  SiC  (figure  16). 

En  ce  qui  concerne  le  mouillage  du  carbure  de  silicium  par  I’aluminium,  il  est  possible  d’affirmer  aujourd’hui  que  celui- 
ci  ne  rysulte  pas  de  la  formation  du  carbure  d’aluminium  ;  le  mouillag  est  obtenu  naturellement  pour  des  duryes  de 
contact  de  I'ordre  de  60  minutes  [38].  De  ce  point  de  vue,  le  carbure  de  silicium  apparait  ytre  un  materiau  de  protection 
des  fibres  de  carbone  bien  adapty. 

-  pour  les  composites  4  matrice  d’alliage  de  titane,  les  fortes  ryactions  observyes  tant  avec  les  fibres  de  bore  [39]  qu’avec 
celles  de  carbure  de  silicium  n’ont  pas  permis  d’utiliser  ces  fibres  sans  protection  de  surface.  En  effet,  I’imi'ortance  des 
zones  de  diffusion  4 1’interface  fibre-matrice  (plusieurs  micromytres  de  largeur)  et  la  prysence  dans  ces  zones  de  coinposys 
intermytalliques  fragiles  (TiBj,  TijSij...)  conduisaient  4  des  matyriaux  trys  mydiocres  sur  le  plan  mycanique  [40]. 

2.3.2  -  Compa*'biliiy  therniioiie 

La  compatibility  thermique,  et  par  consyquent  mycanique,  se  pose  en  raison  de  l.a  grande  diffyrence  des  valeurs  des 
coefficients  de  dilatation  thermique  entre  les  fibres  cyramiques  et  la  matrice  mytallique,  qui  pent  atteindre  24,7.10'’'/°C  dans 
les  composites  carbone-aluminium.  Cette  forte  diffyrence  des  valeurs  des  coefficients  de  dilatation  enfe  fibres  et  matrice 
va  se  traduire  par  I’existence  dans  les  CM M  de  contraintes  internes  yievyes,  qui  peuvent  induire  une  plastification  ginyrali-sye 
de  la  matrice. 

Pour  rypondre  aux  probiymes  liys  4  la  compatibility  fibre-matrice,  il  est  nycessaire  de  pouvoir  'ontroler  les 
caractyristiques  de  I’interface  fibre-matrice,  par  le  biais  de  revetements  de  surface  des  fibres  notamnient. 


3  -  L’INTERFACE  FIBRE-MATRICE  :  TRAITEMENTS  DR  SURFACE  ET  REVETEMENTS  PROTECTEIJRS 

Comme  dans  tout  composite,  les  caractyristiques  de  I’interface  fibre-matrice  joue^t  un  role  fondamental  dans 
ryiaboration,  les  caractyristiques  mycaniques  et  la  stability  thermique  des  CMM. 

Pour  ce  qui  est  de  ryiaboration,  les  propriytys  recherchyes  sont  4  la  fois  une  bonne  mouillability  de  la  fibre  pai  le 
mytal  liquide  dans  le  cas  d’une  mise  en  oeuvre  par  des  procydys  dyrivys  de  la  fonderie,  et  une  inertie  chimique  relative  de 
la  fibre  vis-4-vis  du  mytal  liquide  afin  d'yviter  sa  dygradation  et  la  formation  de  phases  indysirables  4  I'intcrface. 

Pour  ce  qui  est  des  caractyristiques  mycaniques.  le  but  vi.sy  est  le  controle  de  I'adhysion  fibre-matrice  par  le  biais 
des  ryactions  4  I’intcrface  lors  de  I’elaboration. 

Enfin,  pour  la  stability  thermique,  I'objccui  est  la  limitation  des  ryactions  fibre-matrice  en  phase  solide. 

L’objcctif  4  atteindre  est  done  double  :  il  faut  mettre  en  place  une  barriyre  de  diffusion  qui  presente  toiitcfois  unc 
ryactivity  non  totalement  nolle  avec  la  matrice,  afin  de  permetire  un  rcglage  dc  I'adhysion  fibre-matrice. 

I^s  moyens  d’action  du  concepteur  procydent  d’une  part  du  controle  des  conditions  d'yiaboration.  traiiy  dans  le 
chapitre  suivant,  d’autre  part  du  traitement  de  surface  des  fibres. 
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Les  traitements  de  surface  different  selon  le  proc^d6  de  mise  en  oeuvre  et  les  objectifs  recherchds.  Deux  exemples 
concemant  les  fibres  de  carbone  et  de  carbure  de  silicium  de  fort  diam&tre  seront  traitds  plus  en  detail  ;  les  autres 
traitements  de  surface,  en  cours  de  ddveloppement,  seront  seulement  mentionnds. 

3.1.  -  Le  traitement  des  fibres  de  carbone  dans  les  composites  C-Al 

De  tout  temps,  les  fibres  de  carbone  utilisdes  pour  le  renfort  des  composites  i  matrice  d’aluminium  et,  dans  une 
moindre  mesure,  de  ceux  4  matrice  de  magnesium,  ont  n£cessit6  un  revfitement  de  surface  la  fois  pour  les  rendre 
mouillables  par  I’aluminium  liquide  et  pour  6viter  leur  attaque  et  la  formation  de  carbure  d’alumim'um  aXC,- 


3.1.1  -  Traitement  d’impr^gnation  des  torons  par  voie  liquide 

Pour  les  composites  de  premiere  gdn6ration,  dlabor6s  au  d^but  des  anndes  1970, 1’essentiel  des  traitements  dtaient 
destines  4  amfiliorer  la  mouillabilitd  des  fibres  ;  leur  int^rSt,  surtout  historique  jusqu'4  un  pass6  recent,  renait  en  raison  de 
la  meilleure  homog6n6it6  de  la  distribution  des  fibres  au  sein  du  composite  que  I’on  obtient  lorsqu’elles  sont  mouilldes  par 
I’aluminium  liquide. 

II  est  ainsi  utile  de  mentionner  ; 

-  l’impr6gnation  aux  m6taux  alcalins  (sodium,  potassium)  [41],  effectufie  sur  les  torons,  traitement  dans  lequel  le  mouillage 
r^sulterait  de  ^intercalation  d’atomes  alcalins  dans  les  plans  graphitiques  du  carbone.  Dans  ce  proc6d6,  ondreux  mais 
conduisant  des  caractdristiques  mdcaniques  proches  de  la  limite  donnde  par  la  loi  des  mdlanges,  la  protection  des  fibres 
contre  I’attaque  de  I’aluminium  liquide  est  assurde  par  un  film  d'alliage  Sn-2%Mg,  probablement  par  la  formation  d’un 
composd  intermdtallique  Mg,Sn  ; 

-  I’imprdgnation  par  des  solutions  colloidales  d’argent,  qui  permet,  gr^ce  ^  I’enrobage  de  chaque  filament  par  un  ddpdt  fin 
et  homogdne,  un  excellent  mouillage  des  mdches  [42]  ; 

-  le  depot  dlectrolytique  de  cuivre  ou  de  nickel  conduit  dgalement  k  un  bon  mouillage  ;  toutefois,  la  ndcessitd  de  revetir  de 
manidre  homogdne  chaque  fibre  conduit  dans  le  composite  4  des  alliages  chargds  en  cuivre  ou  en  nickel,  ce  qui  nuit  k  la 
fois  aux  caractdristiques  de  la  matrice  et  d  sa  densitd. 

Ndanmoins,  tous  ces  ddpots  mdtalliques  ne  permettent  pas  d’assurer  lors  de  I’imprdgnation  des  mdches  par  le  mdtal 
liquide  une  bonne  protection  des  fibres  de  carbone  contre  I’attaque  par  I’aluminium  liquide  ;  c’est  Tune  des  raisons  qui  leur 
fait  prdfdrer  les  revdtements  cdramiques,  utilisds  k  la  fois  comme  barridre  de  diffusion,  done  justifiables  de  mises  en  oeuvre 
en  phase  solide  comme  en  phase  liquide,  et  pour  assurer  le  mouillage  des  fibres  par  I’aluminium  liquide. 


3.1.2  -  Ddpots  de  cdramiques 

Divers  revdtements  de  cdramiques  ont  dtd  utilisds,  tant  pour  protdger  les  fibres  elles-mdmes  que  pour  assurer  leur 
mouillabilitd,  bien  que  les  cdramiques  soient  gdndralement  mal  mouilldes  par  I’aluminium  [43].  Les  cdramiques  les  plus 
utilisdes  sont  soit  des  carbures  de  titane  ou  de  silicium,  soit  des  composds  de  bore  et  de  titane  Ti,B^  soit  encore  de  la  silice 
SiOj.  Tous  ces  revdtements  sont  rdalisds  par  Dep6t  Chimique  en  Phase  Vapeur  (DCPV)  [43  4  45],  proeddd  dans  lequel  on 
ddcompose  par  voie  thermique  (figure  17)  un  composd  contenant  les  dldments  chimiques  du  composd  que  Ton  souhaite 
ddposer.  II  est  dgalement  possible  de  n’apporter  que  I’un  des  deux  constituants  du  composd,  I’autre  dtant  alors  foumi  par 
le  substrat  lui-meme  ;  dans  ce  dernier  cas,  on  parle  de  ddpdt  chimique  en  phase  vapeur  rdactif. 

Le  non-mouillage  des  cdramiques  par  I’aluminium  liquide  au  voisinage  de  son  point  de  fusion  est  vraisemblablement 
lid  4  la  prdsence  d’une  fine  pellicule  d’alumine  4  la  surface  du  mdtal  liquide  [46]. 

Dans  le  cas  de  ddpdts  effectuds  de  manidre  non  rdactive,  il  est  en  gdndral  ndeessaire  d’opdrer  sous  pression  rdduite, 
infdrieure  4  la  pression  atmosphdrique,  et  avec  des  ddbits  d’espdees  rdactives  faibles  afin  d’obtenir  un  revdtement  homogdne 
des  fibres  au  sein  du  toron.  En  effet,  la  cindtique  de  ddpdt  comporte  deux  rdgimes  en  fonction  de  la  tempdrature  (figure  18)  : 

-  un  rdgime  dit  de  surface,  observd  4  basse  tempdrature,  dans  lequel  ce  sont  les  phdnomdnes  de  surface  (adsorption  puis 
rdaction  dans  la  phase  adsorbde)  qui  contrdlent  la  vitesse  de  ddpdt,  toujours  lente  ; 

-  un  rdgime  dit  diffusionnel,  observd  4  plus  haute  tempdrature,  dans  lequel  la  vitesse  de  ddpdt  est  rdgie  par  I’accds  des 
espdees  rdactives  4  la  surface  du  substrat.  Ce  rdgime  est  bien  dvidemment  4  proscrire,  car  il  ne  conduit  pas  4  une 
concentration  en  espdees  rdactives  identique  4  coeur  et  en  surface  du  toron  ;  le  ddpdt  est  alors  limitd  aux  fibres  externes. 

I.a  faible  vitesse  de  ddpdt  en  rdgime  de  surface  observde  sous  pression  atmosphdrique  peut  dtre  amdiiorde  en 
diminuant  la  pression  de  travail  ;  la  transition  rdgime  de  surface/rdgime  diffusionnel  se  trouve  en  effet  repou.ssde  vers  les 
hautes  tempdraturcs  lorsqiie  la  pression  dans  le  reacteur  est  abai.ssde  (figure  18).  Dans  ces  conditions,  les  ddpdts  obtenus 
par  germination  et  croissance  prdsentent  gdndralement  une  structure  dquiaxe,  ou  4  grains  colonnaires  pour  les  ddpdts  plus 
dpais.  Ixs  vitesses  de  ddpdt,  de  quelques  micromdtres  4  I'heure,  restent  acceptables  dans  le  cadre  d’un  traitement  indu.striel, 
dans  la  mesure  ou  les  dpaisseurs  des  revdtements  ndeessaires  4  la  protection  des  fibres  de  carbone  demeurent  faibles, 
gdndralement  de  I'ordre  de  quelques  di/.aines  4  quelques  centaines  de  nanomdtres.  Un  grand  nombre  de  composds  peuvent 
ainsi  dtre  obtenus  sous  forme  de  revdtement  protecteur  dcs  fibres,  dc  carbone  notamment  (tableau  3). 

Actuellement,  sur  le  plan  industriel  et  en  ce  qui  concerne  les  fibres  de  carbone,  seui  le  co-ddpdt  de  titane  et  de  bore 
(Ti,H)  a  fait  I’objel  d'une  industrialisation  aux  rt,i(s-l  Inis  par  la  srKidtd  Materials  Concept  Inc.  les  ddp6ts  rdalisds.  trds  fins 
(20  nm),  sont  utilisds  pour  I’oblenlion  de  prdimprdgnds  filamcniaire.s. 
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Pour  ce  qui  est  des  ddpdts  chimiques  en  phase  vapeur  r^actifs,  la  vari^t6  des  espSces  qu’ii  est  possible  de  d6poser 
est  bien  6videcnraent  plus  r^duite  et  serait,  dans  le  cas  des  fibres  de  carbone,  limitde  aux  carbures.  Ce  proc6d6  pr6sente 
toutefois  I’avantage  thdorique  de  donner  sur  des  torons  des  revetements  d’6paisseur  trfis  homogSne  du  fait  de  son 
autord^lation.  En  effet,  le  revetement  s’effectuant  en  empruntant  I’un  des  616ments,  id  le  carbone,  4  la  fibre,  la  dn6tique 
de  croissance  du  revltement  sera  notablement  plus  faibie  pour  les  fibres  d6j4  revetues  (en  raison  de  la  n6cessit6  pour 
r^ldment  m^tallique  de  diffuser  4  travers  le  d6p6t  pour  r6agir  ensuite  avec  la  fibre)  que  pour  les  fibres  nues.  Cette  technique 
a  6t6  appliqu£e  avec  succ4s  au  revStement  de  fibres  de  carbone,  essentiellement  haute  resistance,  par  I’equipe  du  Professeur 
Bouix  [47].  Les  revStementes  obtenus  sont  minces  (quelques  dizaines  4  quelques  centaines  de  nanometres),  continus  et 
protegent  efficacement  les  fibres  de  carbone  contre  I’oxydation  [48],  Son  efficacite  en  tant  que  barriere  de  diffusion  pour 
reiaboration  de  composites  carbone-aluminium  est  en  cours  d’evaluation. 

3.2  -  La  protection  de  surface  des  fibres  de  bore  et  de  carhure  de  silicinm 

Les  fibres  de  bore  ou  de  carbure  de  silidum  utilis^es  pour  le  renforcement  des  composites  4  matrice  titane 
demandent  la  mise  en  place  d’une  barrifere  de  diffusion. 

Pour  les  fibres  de  bore,  la  meilleure  barrifere  de  diffusion  est  le  carbure  de  bore  B.C,  et  des  fibres  B/B,C  ont  6t€ 
produites  industriellement  par  la  socidt6  AVCO  (filiale  de  TEXTRON)  sous  licence  SNPE  dans  les  ann6es  70. 

En  ce  qui  concerne  les  fibres  de  carbure  de  silicium,  le  seul  producteur  industriel  actuel  est  la  sodete  AVCO,  qui 
a  ddveloppd  deux  types  de  finition  de  surface  des  fibres  selon  la  nature  de  la  matrice,  aluminium  ou  titane.  Ces  revetements, 
g6n6ralement  complexes,  jouent  plusieurs  roles,  barri4re  de  diffusion  et  adaptateur  m^canique,  qui  seront  d6taill6s  dans  le 
cas  de  la  fibre  d6nomm6e  SCS6,  destinde  aux  composites  4  matrice  titane.  La  fibre  SCS6  est  obtenue  par  ddpot  chimique 
en  phase  vapeur  sur  un  filament  chaud  de  carbone,  ce  qui  autorise  de  tr4s  fortes  vitesses  de  croissance,  et  le  traitement  de 
surface  est  r6alis6  en  ligne  dans  le  rdacteur  qui  sert  4  ^laborer  la  fibre.  Une  fibre  SCS6  (figure  19)  est  done  constitute  [40]  ; 

-  d’un  coeur  de  carbone  de  33  nm  de  diamttre  ; 

-  d’une  couronne  de  carbure  de  silicium  (6)  de  100  nm  d’tpaisseur  environ  ; 

-  d’un  revttement  protecteur  constitut  de  plusieurs  couches,  riche  en  carbure  de  silicium  vers  I’inttrieur  et  en  carbone  vers 
I’exttrieur. 

La  complexity  du  revetement,  qui  comprend  six  4  sept  couches,  ainsi  que  la  finesse  des  microstructures  4  I’inttrieur 
de  chaque  couche,  n’ont  pu  etre  tlucidtes  qu’en  faisant  appel  aux  techniques  de  microscopie  tlectronique  4  haute  rtsolution 
[49].  La  couche  interne  est  constitute  de  microcristallites  de  SiC  noyts  dans  une  gangue  de  carbone  turbostratique  (figure 
20a),  tandis  que  la  couche  externe  est  presque  uniquement  constitute  de  carbone  turbostratique  (figure  20b). 

Le  fonctionnement  de  ce  revttement  peut  se  comprendre  comme  suit :  lors  de  la  mise  en  oeuvre  du  composite,  le 
carbone  prtsent  4  la  surface  de  la  fibre  rtagit  avec  le  titane  de  la  matrice  pour  former  une  couche  plus  ou  moins  continue 
de  carbure  de  titane  Ti,C|.,  qui  va  jouer  le  rOle  de  barritre  de  diffusion  [50].  Toutefois,  il  n'est  pas  possible  d’obtenir  ce 
rtsultat  en  effectuant  un  simple  dtpot  de  carbone  sur  la  fibre  de  carbure  de  silicium  obtenue  par  DCVT  ;  en  effet,  la  forte 
difftrence  des  coefficients  de  dilatation  du  carbone  et  du  carbure  de  silicium  couduit,  pour  des  dtpots  de  carbone  de  3  4 
4  (im  d’tpaisseur,  4  un  dtcollement  du  dtpot  de  carbone  de  la  fibre.  Afin  d’obtenir  un  dtpot  adhtrent,  il  est  done  ntcessaire 
de  passer  graduellement  des  caraettristiques  du  carbure  de  silicium  4  celles  du  carbone  turbostratique  de  surface,  ce  que 
rtalise  le  revetement  de  la  fibre  SCS6. 

La  fibre  SCS6  reprtsente  done  un  excellent  exemple  de  la  rtalisation  d'un  revetement  tvolutif,  capable  d’assurer 
I'adaptation  mtcanique  de  la  barritre  de  diffusion  4  la  fibre. 

3.3  -  Les  autres  revetements  protecteurs  de  fibres 

Des  revttements  protecteurs  peuvent  etre  ntcessaires  pour  assurer  la  compatibility  de  fibres  avec  des  matrices 
difftrentes  de  celles  dtj4  mentionntes,  aluminium,  magntsium  ou  titane.  Parmi  les  matrices  utilisables  4  haute  temptrature, 
les  superalliages  et  les  composts  intermttalliques,  essentiellement  de  titane  [51],  ont  dtj4  ttt  citts.  Pour  ces  derniers,  un 
double  effet  peut  etre  avanct,  d’une  part  une  tltvation  des  temptratures  de  mise  en  oeuvre  et  de  fonctionnement,  qui  peut 
ntcessiter  de  nouveaux  revttements,  d’autre  part  (et  cela  vaut  essentiellement  pour  les  aluminiures  de  titane)  une  .stability 
accrue  du  carbure  de  silicium  dans  certains  composts  du  titane,  comme  le  Ti,Al  [52].  Si  une  nouvelle  protection  des  fibres 
de  carbure  de  silicium  s’avtre  ntcessaire,  il  sera  possible  de  faire  appel  4  des  composts  trts  stables  vis-4-vis  du  titane, 
comme  les  oxydes  de  terres  rares. 

Pour  effectuer  le  revttement  des  fibres,  diverses  techniques  peuvent  ttre  utilistes  [45] :  il  s’agit  essentiellement  des 
techniques  de  dtp6t  physique  en  phase  vapeur  (figure  21),  de  dtpot  chimique  en  phase  vapeur  assistt  par  plasma  (figure 
22)  ou  par  laser,  ce  qui  permet  d’abai.sser  les  temptratures  de  dtp6t,  et  enfin  des  techniques  sol-gel. 

3.3.1  -  Dtp6t  physique  en  phase  vapeur  (DPPVl 

Dans  le  cas  des  ctramique.s,  les  vitesses  de  dtp6t  obtenues  en  puivtrisation  cathodique  restaient  trop  faibles  pour 
esptrer  effectuer  des  revttements  en  des  temps  compatibles  avec  un  proetdt  industriel.  Toutefois.  I’adjonction  d’un  champ 
magnttique  a  permis  d’augmenter  la  density  du  pla.sma  au  voisinage  de  la  cible  et,  partant.  la  vitesse  de  puivtrisation.  Ixs 
ceramiques  sont  gtntralement  produites  en  utilisant  des  atmosphtres  rtactives  d'oxygtne  pour  les  oxydes,  d' azote  pour  les 
nitrures  et  de  mtihane  pour  les  carbures.  l.cs  vitc.s.ses  de  dtpot  peuvent  etre  tlevtes,  de  I'ordre  de  <;iielques  /tm/min  [52], 
Toutefois,  les  techniques  de  DPPV  re.,!  "'"  t:'"  liircctivco  ci  deiiiandent  que  les  torons  soient  tialts  afin  d’tvitcr  les  effets 
d’ombrage,  particulitrement  marquts. 


L’utilisation  d’un  plasma,  d6velopp6  jusqu’ici  essentiellement  pour  les  depots  dans  I’industrie  de  la  niicro61ectronique, 
permet  un  abaissement  substantiel  des  temperatures  de  reaction.  De  nombreux  composes ;  carbures,  nitrures,  borures,  ont 
ainsi  et6  deposes  [43,45],  L’utilisation  de  cette  technique  pour  le  revetement  des  fibres  presente  tous  les  avantages  du  DPPV, 
sans  I’inconvenient  d’une  forte  directivite.  La  realisation  de  revetements  d’oxydes  par  decomposition  de  chlorures  en  presence 
de  methane  rend  ainsi  possible  le  revetement  de  fibres  en  dessous  de  1000°C.  Cet  abaissement  de  la  temperature  de  depdt 
presente  egalement  I’avantage  de  conduire  4  une  taille  de  grain  plus  petite  dans  le  revetement. 

3.3.3  -  Revetement  par  voie  sol-pel 

L’utilisation  de  techniques  sol-gel  pour  I’eiaboration  de  films  minces  de  ceramiques  fait  aujourd’hui  I’objet  d’etudes 
de  developpement  [53  a  58].  Les  gels,  composes  g6n6ralement  amorphes,  pr^sentent  I’avantage  de  pouvoir  ^tre  synthetis^s 
4  temperature  ambiante  soit  4  partir  de  suspensions  colloidales  d’oxydes  ou  d’hydroxydes  metalliques,  soit  ^  partir  de 
polymferes  inorganiques,  comme  les  alkoxydes  M(OR).  qui  peuvent  Stre  obtenus  avec  une  grande  purete.  II  est  ainsi  possible 
d’obtenir  des  gels  d’une  grande  varietd  d’oxydes  metalliques  (SiOj,  TiOj,  ZrOj...). 

Les  gels  ont  re?u  un  grand  nombre  d’applications  dans  la  realisation  de  films  minces  [53] ;  cette  technique  serait  bien 
adaptee  i  la  protection  des  fibres,  dans  la  mesure  ou  elle  n’exige  pas  I’emploi  de  temperatures  eievees. 

4  -  LES  PROCF.DES  D’ELABORATIQN  DES  COMPOSITES  A  MATRICE  METALLlOUE 

Les  precedes  d’eiaboration  des  composites  4  matrice  metallique  peuvent  etre  classes  en  deux  grandes  families  selcn 
que  I’on  opere  en  phase  solide  ou  en  phase  liquide  [59].  La  mise  en  oeuvre  en  phase  solide  implique  generalement,  et  e’est 
toujours  le  cas  pour  les  matrices  k  bas  point  de  fusion,  d’avoir  recours  k  des  preimpregnes,  materiaux  intermediaires 
unidirectionnels  dans  lesquels  les  fibres  sont  reconvenes  d’une  fine  couche  de  meti.  Par  ailleurs,  et  cela  vaut  pour  les  deux 
types  de  mise  en  oeuvre,  il  est  dgalement  possible  d’op6rer  it  partir  d’empilements  de  couches  de  fibres  et  de  feuillards 
m^talliques  minces  que  les  proc^d^s  conventionnels  de  la  m^tallurgie  -  coulee  +  transformation  thermomdeanique  -  ne 
permettent  d’obtenir  que  pour  les  nuances  d’alli'ige  corroyables.  De  ce  point  de  vue,  les  techniques  du  refroidissement 
rapide  depuis  I’dtat  liquide  s’avdrent  prometteuses  [60]. 

4.1  -  Les  proeddds  par  voie  liquide 

Les  proeddds  par  voie  liquide  sont  utilisds  dans  le  cas  des  alliages  d’aluminium  et  de  magndsium,  soit  pour  rdaliser 
directement  des  pidees  de  forme  simple,  plaques,  tubes,  raidisseurs,  soit  -  et  cela  a  constitud  les  premidres  dlbaborations  de 
CMM  -  la  fabrication  de  prdimprdgnds  filamentaires. 

4.1.1  -  Prdimprdgnds  filamentaires 

Ce  type  de  demi-produit  prdsente  un  intdrdt  limitd  dans  la  mesure  oh  il  se  prdsente  sous  forme  d’une  baguette  rigide 
qui  n’aacepte  pas  de  faible  rayon  de  courbure,  du  fait  de  sa  raideur.  Le  proeddd,  gdndralement  adaptd  pour  la  rdalisation 
de  fils,  consiste  d  faire  passer  une  mdche  de  fibres  de  carbone  dans  un  bain  d’aluminium  liquide.  Le  mouillage  des  fibres 
doit  dtre  quasi  instantand,  ce  qui  implique  un  traitement  addquat  prdalable  du  toron.  De  bons  rdsultats  ont  dtd  obtenus  pour 
les  fibres  de  carbone  avec  un  revdtement  de  titane  et  de  bore  [61]. 

4.1.2  -  Proeddds  ddrivds  des  techniques  de  fonderie 

Ces  proeddds  apparaissent  aujourd’hui  comme  les  plus  intdressants  du  fait  de  leur  capacitd  it  permettre  la  fabrication 
de  pidees  finies  it  des  prix  de  revient  acceptables.  Pour  ces  techniques,  de  nombreux  probldmes  ont  dO  dtre  rdsolus  ;  ils 
concement  : 


-  les  prdformes  fibreuses, 

-  les  outillages  et  conditions  d’dlaboration. 

L’intdrdt  essentiel  des  prdformes  fibreuses  rdside  dans  la  diversitd  des  architectures  rdalisables,  adaptde  it  chaque 
pidee  ;  les  fibres  qu’il  est  possible  d’employer  doivent  dtre  de  ce  fait  tissables,  ce  qui  exclut  les  monofilaments  de  fort 
diaradtre  en  bore  ou  en  carbure  de  silicium,  trop  rigides,  et  les  fibres  d’alumine  FP,  trop  fragiles. 

Les  technologies  de  raise  en  oeuvre  doivent  k  la  fois  assurer  une  bonne  infiltration  de  la  prdforme  fibreuse  et 
permettre  un  contrdle  prdcis  des  durdes  de  cycles,  qui  sont  ddterminantes  tant  sur  le  plan  de  la  productivitd  que  sur  celui 
de  la  qualitd  du  composite  obtenu.  Des  dtudes  rdeentes  [62,63]  montrent  qu’d  une  vitesse  d’infiltration  donnde,  I’anisotropie 
de  I’architecture  fibreuse  joue  peu  mais,  en  revanche,  que  sa  tempdrature  et  celle  du  mdtal  liquide  ont  un  rdle  prdponddrant 
(fig.  25).  Sur  le  plan  de  la  santd  du  matdriau,  les  deux  paramdtres  microstructuraux  qu’il  importe  de  contrdler  sont  d’une 
part  I’intdgritd  des  fibres  et  leur  liaison  avec  la  matrice,  d’autre  part  leur  sdparation,  qui  toutes  trois  conditionnent  pour  une 
grande  part  les  caraetdristiques  mdcaniques  du  composite  [64]. 

Les  proeddds  issus  de  la  fonderie  et  ayant  ddj^  donnd  lieu  it  des  fabrications  industrielles  de  petites  prd-sdries  de 
faisabilitd  et  de  ddmonstration,  tant  aux  Etats-Unis  qu’au  Japon  ou  en  Europe,  vont  de  la  coulde  par  gravitd  k  la  coulde  sous 
forte  pression.  Parmi  ces  proeddds,  il  convient  de  mentionner  : 

-  le  proeddd  de  coulde  sous  pression  moddrde  ddveloppd  par  la  socidtd  Craycir  [65],  ddnommd  "Liquid  pressure  forming", 
qui  permet  la  rdalisation  de  pidees  de  forme  ; 

-  le  proeddd  de  forgeage  liquide,  ou  coulde  sous  haute  pression,  qui  met  en  jeu  des  pressions  plus  dievdes,  de  I’ordre  de  1000 
bar. 
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Dans  le  pii><.-.HIe  l.PF  (fig.  24),  I’eiaboration  se  fait  en  quatre  6tapes  succcssives  : 

-  introduction  de  la  pr^forme  et  fermeture  du  moule, 

-  mise  sous  vide  du  moule, 

-  coul6e  du  m^tal  liquide  dans  le  moule  par  mise  sous  pression  du  bain, 

-  solidification  du  composite  et  Ejection. 

Les  principaux  avantages  du  proc6d6,  selon  Craycir,  r^sultent  d  une  part  de  la  mise  sous  vide  du  moule,  qui  6vite  toute 
presence  de  porosit6,  d’autre  part  du  pr616vement  de  m^tal  liquide  au  coeur  du  bain,  ce  qui  6vite  toute  pollution  par  le  film 
d’oxyde  superficiel. 

Dans  le  proc6dd  de  forgeage  liquide,  les  tr6s  fortes  pressions  utilis^es  (=  1000  bar)  permettent  4  la  fois  de  s’affranchir 
des  difficultds  d’impc^gnation  li6es  ^  la  mouillabilit^  mediocre  des  fibres  de  carbone  ou  de  carbure  de  silicium  par 
raluminium  (ou  le  magnesium)  liquide,  et  de  rfeduire  la  porosit6  finale  du  composite.  L’inconv6nient  principal  provient  de 
la  deterioration  possible  du  renfort  lors  de  I’application  de  la  pression,  surtout  pour  les  preformes  tres  rigides. 

4.2  -  Les  procedes  par  voie  solide 

La  mise  en  oeuvre  des  composites  4  matrice  metallique  s’effectue  : 

-  soit  directement  k  partir  d’empilements  alternes  de  couches  d’architecture  fibreuse  et  de  feuillards  ou  de  feuilles 
metalliques  ; 

-  soit  4  partir  de  preimpregnes, 

4.2.1  -  Les  techniques  de  realisation  des  preimpregnes  drapables 

L’utilisation  de  preimpregnes  en  forme  de  nappes  precede  d’une  part  de  I’idee  generale  de  transposer  aux  CMM  les 
techniques  de  mise  en  oeuvre  des  composites  ii  matrice  organique,  et  ceci  vaut  pour  les  matrices  aluminium  et  magnesium, 
d’autre  part  de  disposer  de  produits  intermediaires  manipulables. 

4.2.1. 1  -  l^s  preimpregnes  e  matrice  aluminium  ou  magnesium 

Deux  precedes  peuvent  etre  utilises  pour  realiser  des  preimpregnes  en  nappes  carbone-aluminium  ou  carbone- 
magnesium',  I’evaporation  thermique  ou  la  pulverisation  cathodique.  Une  caracteristique  commune  ^  ces  deux  techniques 
est  leur  forte  directivite,  qui  impose  une  mise  i  plat  des  torons  de  fibres  de  maniere  ^  les  disposer  paralieiement  dans  un 
mSme  plan,  afin  d’eviter  les  effets  d’ombrage  d’une  fibre  sur  I’autre. 

L’evaporation  thermique  presente  I’avantage  de  vitesses  de  dep6t  plus  eievees ;  en  revanche,  elle  ne  permet  ni 
le  depdt  d’alliages  -  sauf  si  les  tensions  de  vapeur  des  metaux  k  deposer  ne  sont  pas  trop  diiterentes  -  ni  le  revetement 
simultane  des  deux  faces  de  la  nappe.  Des  nappes  sont  realisees  sur  un  plan  semi-industriel  [66]. 

La  pulverisation  cathodioue  permet  le  depdt  d'alliage  et  le  traitement  des  nappes  de  fibres  en  une  seule  operation, 
et  une  excellente  adhesion  fibre-matrice  ;  e’est  pourquoi,  en  depit  de  vitesses  de  dep6t  plus  lentes  qu’avec  I’evaporation,  cette 
dernidre  technique  est  actuellement  preferee. 

4  2.1.2  -  Les  preimpregnes  k  matrice  de  titane  ou  de  composes  de  titane 

A  I’heure  actuelle,  les  composites  ayant  une  matrice  k  base  de  titane  sont  exclusivement  renforces  par  des  fibres  de 
carbure  de  silicium.  Les  feuillards  de  composites  oomprennent  une  couche  unidirectionnelle  de  fibres  noyees  dans  une 
matrice  d’alliage  ;  ces  composites  monocouches  ont  une  6paisseur  6gale  au  diamStre  des  fibres,  140  ;im  m  sont  r6alis6s  en 
faisant  appel  aux  propri6t6s  de  superplasticitd  de  la  matrice. 

La  realisation  d’un  feuillard  de  composite  monocouche  comprend  les  etapes  suivantes  (fig.  25)  : 

1) Realisation  d’une  nappe  unidirectionnelle  de  fibres  rendues  solidaires  par  un  liant  fugace.  Cette  nappe  est  generalement 
obtenue  par  bobinage  sur  un  cylindre  suivi  d’impregnation  par  le  liant  fugace  ;  I’obtention  de  la  nappe  plane  risulte  du 
decoupage  des  fibres  le  long  d’une  gen6ratrice  du  cylindre 

2) Empilement  de  la  nappe  de  fibres  entre  deux  feuillards  de  75  um  d’6paisseur 

3) Pressage  sous  vide  it  925°C  de  I’emsemble  pr6c6dent,  en  utilisant  des  feuillards  de  molybddne  rev6tus  de  ddmoulant 

Une  alternative  4  cette  m6thode  est  d’effectuer  directement  le  d6p6t  de  m6tal  liquide  sur  le  mandrin  tournant,  aprds 
disposition  des  fibres  parall6lement  k  la  g6ndratrice  du  cylindre'.  Dans  le  cas  des  alliagcs  de  titane.  ceci  impose  de  travailler 
sous  pression  r6duite  de  gaz  neutre  afin  d’6viter  toute  pollution  de  I’alliage  de  titane  par  les  interstitiels  azote  et  oxyg^ne. 

4.2.2  -  Proc6d6s  d’6laboration  de  feuillards  metalliques  d6riv6s  des  technologies  de  la  solidification  rapide 

Les  technologies  de  la  solidification  rapide  permettent  d’obtenir  sous  forme  de  produits  minces  -  nibans,  feuillard' 
ou  divis6s  -  poudres,  fibrilles  -  des  alliages  que  leur  composition  rend  intransformables  par  les  m6thodcs  usuelles  de  la 


(>)mpte  tenu  des  applications  vis6es,  a6ronauiiques  et  spatiales.  cc  sont  les  renforts  dc  carbonc  qui  sont  les  plus 
inldrcssants. 

’  Cette  technique  a  dtd  employee  avec  succds  par  la  socidtd  AVCO  pour  la  rdalisation  de  composites  SiC-AI. 
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m^tallurgie.  Ces  nuances  d’alliages  prdsentent  un  grand  int6r6t  en  tant  que  matrices  de  composites,  en  raison  de  leurs 
caract£ristiques  -  tenue  k  I’oxydation  par  exemple  -  et  de  la  finesse  de  leur  microstructure,  qui  facilite  la  mise  en  oeuvre  i 
r^tat  solide. 

Parmi  les  techniques  d’dlaboration  des  alliages  par  solidification  rapide,  les  plus  pertinentes  pour  les  CMM  sont  [60]  : 

-  les  proc6d6s  d6riv6s  de  la  trempe  sur  rouleau,  comme  la  coul6e  pelliculaire"  qui  permet  d’obtenir  en  grande  largeur  et 
faible  6paisseur  -  quelques  centaines  de  micrometres  -  des  feuillards  d’alliages  difficilement  laminables  comme  ceux  de 
magnesium,  ou  non  transformables  comme  les  MCrAlY,  ou  M  d^signe  I’un  des  elements  Fe,  Co  ou  Ni  ; 

-  les  methodes  de  pulverisation,  qui  conduisent  4  des  poudres  fines,  de  70  e  150  iim  en  moyenne  pour  les  alliages  de  titane, 
e  quelques  dizaines  de  micrometres  pour  les  alliages  legers.  L’obtention  de  films  metalliques  de  faible  epaisseur  facilement 
manipulables  ^  partir  de  ces  poudres  fait  appel,  comme  pour  les  nappes  unidirectionnelles  de  fibres,  e  un  liant  organique 
fugace  ;  les  produits  correspondants  sont  dlnommes  chiffons  metalliques'". 


4.3  -  Fabrication  de  composites 

Diverses  variantes  de  mise  en  oeuvre  peuvent  etre  utilisdes  pour  la  realisation  des  composites  ;  elles  reinvent 
neanmoins  toutes  du  pressage  k  chaud,  technique  dans  laquelle  des  empilements  de  preimpregnes  ou  de  couches  alternees 
de  fibres  et  de  feuillards  de  matrice  sont  comprimes  entre  deux  plateaux  ou  dans  un  moule  porte  en  temperature.  La 
densification  du  materiau  s’effectue  grace  aux  mecanismes  de  diffusion  A  I’etat  solide  et  d’ecoulement  plastique  de  la  matrice, 
preponderant  dans  le  cas  de  certaines  matrices  titane  en  raison  de  leur  comportement  superplastique.  Par  cette  methode, 
les  composites  peuvent  etre  directement  mis  en  forme  en  utilisant  des  procedes  derives  de  ceux  utilises  pour  les  composites 
k  matrice  organique. 

Un  autre  procede  de  densification,  direct,  est  I’utilisation  de  la  projection  de  metal  fondu  ^  I’aide  d’un  chalumeau 
plasma  [21].  Par  cette  technique,  on  peut  facilement  realiser  des  corps  creux  resistant  k  la  pression. 

5  -  APPLICATIONS  ET  POTENTIEl.  DF.S  COMPOSITRS  A  MATRICE  METALLIOUR  A  FIBRES  LONGURS 

Les  composites  matrice  metallique  4  fibres  longues  se  caracterisent  k  la  fois  par  des  caracteristiques  mecaniques 
et  un  prix  de  revient  eieves,  associes  pour  la  majorite  d’entre  eux  4  une  densite  faible. 

De  ce  fait,  ils  sont  essentiellement  destines  k  des  pieces  de  structure  aeronautiques,  spatiales,  ou  encore  de  systemes 
de  propulsion  pour  lesquels  des  valeurs  eievees  des  caracteristiques  specifiques  sont  requises  (fig.  26)  [67].  A  cote  de  ces 
applications  structurales,  les  caracteristiques  de  conductibilite  thermique  et  de  stabilite  dimensionnelle  les  rendent  attrayants 
pour  I’industrie  eiectronique. 

Les  composites  4  matrice  metallique  k  fibres  longues  peuvent  etre  classes  en  deux  groupes  relativement  distincts,  les 
composites  pour  basse  temperature  -  utilisables  jusqu’4  400‘’C  -,  dont  la  matrice  est  un  alliage  d’aluminium  ou  de  magnesium 
(tableau  4a),  et  les  composites  moyenne  et  haute  temperature  -  utilisables  jusqu’4  11(X)°C  -  i  matrice  superalliage 
(tableau  4b). 


5.1  -  Composites  basse  temperature 

5.1.1  -  Composites  pour  applications  structurales 

Les  caracteristiques  en  traction  de  quelques  composites  unidirectionnels  sont  rassembiees  dans  le  tableau  5.  S’il  est 
possible  d’atteindre  des  caracteristiques  trds  eievees  dans  le  sens  longitudinal  pour  les  composites  4  renfort  carbone,  les 
caracteristiques  travers  restent  extrSmement  faibles,  surtout  pour  des  fractions  volumiques  de  fibres  aussi  eievees  que  70  %, 
qui  ne  permettent  pas  d’assurer  la  sante  metallurgique  du  materiau.  De  ce  point  de  vue,  des  resultats  recents  obtenus  en 
France  sur  des  composites  matrice  d’aluminium-10  %  de  silicium  renforcee  par  des  fibres  Nicalon,  ou  de  magnesium 
renforcee  par  des  fibres  de  carbone  M40,  eiabores  en  phase  liquide,  ont  montr6  que  : 

-  les  composites  unidirectionnels  Al-lOSi  renforces  par  45  %  de  fibres  presentaient  une  contrainte  4  rupture  de  450  MPa, 
de  20  k  350°C  [68]  ; 

-  les  composites  unidirectionnels  AZ61  renforces  par  40  %  environ  de  fibres  presentaient  4  20°C  une  contrainte  4  rupture 
de  I’ordre  de  1000  MPa  [69]. 

Le  niveau  et  la  reproductibilite  des  caracteristiques  sont  obtenus  par  une  mattrise  des  conditions  d’eiaboration  par 
infiltration,  qui  permet  de  contrdler  le  temps  de  contact  entre  la  fibre  et  le  metal  liquide,  parametre  dont  I’importance  est 
unanimement  reconnue  aujourd’hui  [68  4  70]  pour  tous  les  CMM.  Un  autre  interSt  des  CMM  4  matrice  d’alliage  leger  est 
un  maintien  des  caracteristiques  4  des  niveaux  de  temperature  oO  la  matrice  ne  presente  plus  aucune  caracteristique  (fig.  27). 
Ainsi  un  composite  unidirectionnel  (SiC/6061)  conserve-t-il  ses  caracteristiques  dans  le  sens  long  jusqu'4  plus  de  200°C, 
tandis  qu’un  quasi-isotrope  0/90/90/0  conserve  les  siennes  ju$qu'4  400°C. 


Les  vocables  anglais  pour  ce  procede,  plus  connus.  .sont  "melt  drag"  ou  "melt  overflow", 
la  denomination  anglo-saxonne  est  "powder  cloth". 
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Une  autre  caracteristique  importante  pour  ces  mat^riaux  est  leur  coefficient  de  dilatation  et,  partant,  leur  stability 
dimensionnelle.  En  appliquant  la  loi  des  melanges,  le  coefficient  de  dilatation  thermique  s’ecrit  : 

“fVfEf  + 

a,  =  -  (5.1) 

EfV,  + 

Pour  que  a,  soit  le  plus  faible  possible,  il  est  n^cessaire  que  le  dfinominateur  soit  le  plus  61ev6  possible,  et  done  de 
r^aliser  les  composites  avec  des  fibres  4  haut  module.  La  figure  28  donne  les  variations  des  coefficients  de  dilatation  avec 
la  temperature  pour  quelques  composites  4  matrice  metallique  compares  avec  le  composite  organique  C-GY70/matrice 
epoxyde.  C’est  le  composite  C-PlOO/Mg  qui  prdsente  le  coefficient  de  dilatation  le  plus  faible  dans  la  plage  0-70"C,  avec  une 
valeur  de  moins  de  10'“C.  C’est  la  raison  qui  rend  ce  materiau  attrayant  pour  la  realisation  de  structures  spatiales,  du  fait 
de  son  excellente  stabilite  dimensionnelle. 

La  stabilite  dimensionnelle  se  caracterise  par  le  coefficient  kT/(», ,  quotient  de  la  conductibilite  thermique  dans  le  sens 
travers  par  le  coefficient  de  dilatation  dans  le  sens  long  ;  elle  represente  la  capacite  d’un  materiau  i  rester  indeformable 
en  presence  d’une  irradiation  thermique  asymetrique,  comme  I’eclairement  par  le  soleil  d’une  tour  d’antenne  de  satellite  ; 
plus  ce  coefficient  est  eieve,  meilleure  est  la  stabilite  dimensionnelle.  Le  composite  C-PlOO/Mg  est  de  de  point  tres  superieur 
4  tous  les  autres  composites  (fig.  29). 

5.1.2  -  Composites  pour  I’industrie  eiectronique 

Les  materiaux  support  de  circuit  doivent  posseder  it  la  fois  une  bonne  conductibilite  thermique,  un  faible  coefficient 
de  dilatation  thermique  et,  pour  les  applications  embarquees,  une  faible  densite. 

Les  composites  aluminium-fibres  de  carbone  haut  module  realises  en  utilisant  un  empilement  quasi-isotrope 
repondent  au  cahier  des  charges,  avec  une  conductibilite  proche  de  celle  de  I’aluminium  et  un  coefficient  de  dilatation 
thermique  proche  de  celui  de  I’alumine  [72].  Ces  produits  proposes  par  la  societe  DWA  sont  en  concurrence  avec  les 
composites  STALAB  de  Pechiney  k  matrice  d’aluminium  renforcee  par  des  fibres  SiC  Nicalon  [73].  Les  caracteristiques  de 
ces  deux  composites  sont  comparees  dans  un  diagramme  conductibilite  thermique-coefficient  de  dilatation  thermique  (fig. 
30)  avec  d’autres  materiaux  utilisables  pour  cette  application. 

5.2  - 1  es  composites  a  movenne  et  haute  temperature 

Deux  types  de  composites  appartiennent  k  cette  classe  de  materiaux  :  ceux  4  ma'  ice  titane,  et  ceux  k  matrice 
superalliage. 

5.2.1  -  Les  composites  k  matrice  titane 

Actuellement,  seuls  les  composites  k  matrice  d’alliage  de  titane  Ti-6-4  (TA6V)  ou  Ti-15-3  ont  fait  I’objet  de  travaux 
pousses  jusqu’4  une  pre-serie  industrielle.  Les  caracteristiques  du  composite  SiC-SCS6/TA6V  sont  tres  eievees  (tableau  5). 
Malheureusement,  la  temperature  d’emploi  de  ce  materiau  restera  limitee  par  la  tenue  k  I’oxydation  de  la  matrice  4  500, 
voire  550°C. 

Les  composites  k  matrice  TijAl  pourront  atteindre  des  temperatures  de  650°C,  et  ceux  e  base  de  TiAl  950°C.  Les 
donnees  concernant  ces  materiaux  k  matrice  intermetallique  restent  trSs  limitees,  mais  leurs  caracteristiques  de  traction  se 
situent  vers  1500  MPa  ^i  temperature  ambiante,  et  decroissent  lentement  jusqu’4  650°C  (fig.  31)  [74],  Pour  ces  composites, 
la  forte  zone  de  reaction  fibre-matrice  peut  expliquer  I’ecart  4  la  loi  des  melanges,  notamment  4  haute  temperature.  De  plus, 
leurs  caracteristiques  en  sens  travers  restent  trds  faibles. 

5.2.2  -  Les  composites  4  matrice  superalliage 

Les  composites  4  matrice  superalliage  4  base  de  nickel  doivent  permettre,  gr4ce  au  renforcement  fibreux,  d’augmenter 
la  temperature  de  fonctionnement  du  metal  des  aubes  de  turbine,  lls  peuvent  Stre  renforc6s  soit  par  des  fibres  de  tungstene, 
s’il  s’agit  de  composites  de  synthese  eiabores  par  pressage  en  phase  solide  4  chaud  [75],  soit  par  des  trichites  de  carbure  de 
metaux  de  transition,  niobium  et  tantale  essentiellement,  qui  sont  obtenus  comme  les  superalliages  4  grains  colonnaires  par 
solidification  dirigee  [76].  La  caracteristique  dimensionnante  des  aubes  de  turbine  etant  la  tenue  en  fluage,  les  temperatures 
potentielles  d’emploi  pour  une  duree  de  vie  en  fluage  de  1000  heures  sous  une  contrainte  de  150  MPa  de  divers  alliages  sont 
comparees  (fig.  32)  avec  I’un  des  composites  de  solidification  les  plus  performants. 

Toutefois,  les  composites  de  synthese,  comme  les  composites  de  solidification,  souffriront  d’un  handicap  de  coflt  par 
rapport  aux  alliages  monocristallins,  lie  4  la  misc  en  oeuvre  pour  les  composites  de  synthese,  4  la  faiblesse  de  la  vitesse  de 
.solidification  (2  cm/h  au  lieu  de  30  4  40  cm  pour  les  aubes  monocristallines)  pour  les  composites  de  solidification. 

Les  composites  de  synthese,  qui  peuvent  etre  associes  4  de  nombreuses  matrices,  pourront  toutefois  presenter  un 
avantage  pour  la  propulsion  4 1’hydrogene,  dans  la  mesure  ou  ils  pourront  renforcer  des  matrices  insensibles  4  la  fragilisation 
par  I’hydrogene  et  donner  naissance  4  des  materiaux  sans  concurrence. 

En  fait.  Levin  [71]  a  montre  que  le  coefficient  de  dilatation  dans  le  sens  long  d’un  composite  unidirectionnel  a  etait 
encadre  par  deux  valeurs  a””  ct  a""'  telles  que  : 

a”'"  -  Ea/E  <  a  <  Ka/K  <  a"’”'  (5.2) 

ou  Ea  et  E  sont  donnees  dans  (5.1),  Ka  et  K  etant  des  expressions  similaires  avec  le  module  de  compressibilite,  rclie  4 
E  par  K  =  E/3(l-2v)  oil  v  designe  le  coefficient  de  Poisson. 
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S.3  -  Quelques  probl^mes  sp^cifiques  des  CMM 

Deux  caract6ristiques  mdcaniques  sont  4  consid6rer  avec  une  attention  particulifere  dans  les  CMM,  la  tenue  en  cyclage 
thermique  et  la  tenue  en  fatigue. 

5.3.1  -  Tenue  en  cvclage  thermique 

Le  cyclage  thermique  est  pour  les  CMM  la  sollicitation  thermique  la  plus  s6v6re.  L’endommagement  du  composite 
en  cyclage  thermique  r6sulte  de  la  forte  difference  des  coefficients  de  dilatation  des  deux  constituants,  qui  peut  atteindre 
24,7.10'‘/°C  dans  le  cas  du  composite  fibres  de  carbone  haut  module-matrice  d’aluminiurn.  Pour  une  amplitude  de  variation 
en  temperature  de  200°C,  la  deformation  d’origine  thermique  dans  la  matrice  sera  de  5.10^  c’est-4-dire  bien  superieure  4 
la  deformation  ^  la  limite  eiastique  de  la  matrice. 

La  plasticite  induite  dans  la  matrice  conduira  4  un  endommagement  de  meme  nature  que  celui  observe  en  fatigue 
oligocyclique.  Dans  les  composites  4  fibres  longues  de  toute  nature  [77],  I’endommagement  est  souvent  localise  4  I’interface 
fibre-matrice,  ou  il  se  manifeste  sous  forme  de  decohesion  resultant  de  la  coalescence  dc  pores  ou  de  la  propagation  de 
fissures.  Cet  endommagement  est  decelable  par  les  variations  dimensionnelles  auxquelles  il  conduit,  aussi  bien  en  sens  long 
qu’en  sens  travers.  L’endommagement  en  cyclage  thermique  conduit  4  une  baisse  des  caract^ristiques  m^caniques  ;  ainsi, 
dans  le  composite  B-Al  (6061),  un  cyclage  thermique  avec  une  amplitude  de  320°C  ne  conduit  4  aucune  baisse  de 
caract6ristiques  en  2000  cycles,  tandis  qu’une  amplitude  de  420°C  conduit  4  une  baisse  de  40  %  de  la  contrainte  4  rupture 
[78]. 


C’est  14  Tun  des  principaux  handicaps  des  CMM  pour  des  applications  iniposant  de  fortes  variations  thermiques.  Sur 
le  plan  de  la  stability  dimensionnelle,  un  moyen  de  pallier  les  variations  dimensionnelles  du  mat6riau  est  de  jouer  sur  les 
sequences  d’empilement  des  plis  [79]. 


Enfin,  un  important  travail  de  base  reste  4  faire  pour  comprendre  et  mod^liser  I’endommagement,  notamment  dans 
les  composites  4  forte  fraction  volumique  de  fibres,  dans  lesquels  le  comportement  de  la  matrice  dans  le  composite  difffere 
certainement  notablement  de  celui  de  la  matrice  prise  isoldment  [80]. 

5.3.1  -  Comportement  en  fatigue 

La  tenue  en  fatigue  des  composites,  et  surtout  des  unidirectionnels,  est  bien  plus  61ev6e  que  celle  de  la  matrice  seule. 
Toutefois,  les  composites  s’endommagent  en  fatigue  par  fissuration  de  la  matrice  et  d6coh6sion  fibre-matrice  [77].  Dans  les 
composites  B-Al,  cet  endommagement  conduit  4  une  forte  reduction  du  module  du  composite,  comme  I’ont  montr6  Dvorak 
et  Johnson  [81]  dans  le  cas  d’un  composite  4  empilement  sym6trique  [0j,(±45)j,90„0„(±45)„90],  ou  un  essai  effectu6  avec 
une  contrainte  maximum  de  350  MPa  conduit  4  une  baisse  du  module  de  40  %  apr4s  2,5. 10^  cycles,  et  de  pr4s  de  50  %  apr4s 
10“  cycles.  Cette  forte  influence  de  la  contrainte  maximale  sur  la  limite  d’endurance  a  donn6  lieu  au  d6veloppement  d’un 
module  simple  par  Gouda  et  ses  collaborateurs  [82].  Dans  leur  module,  ils  sdparent  les  deux  types  de  d6fauts,  la  propagation 
de  fissure  conduisant  4  une  courbe  d’endurance  en  forme  de  sigmoide,  semblable  4  celle  resultant  de  la  propagation  des 
fissures  dans  une  matrice  monolithique.  En  revanche,  et  dans  le  cas  de  fibres  parfaites  ne  pr6sentant  pas  de  maillons  faibles, 
la  d6coh6sion  fibre-matrice  conduit  4  une  courbe  d’endurance  plate,  la  limite  d’endurance  6tant  alors  6gale  4  la  contrainte 
4  rupture  en  traction  monotone.  Les  fibres  n’6tant  pas  parfaites,  la  courbe  r6elle  se  situe  g6n6ralement  entre  les  deux  formes 
ci-dessus  (fig.  33).  Ces  formes  de  courbes  ont  6t6  observies  dans  le  cas  de  composites  Al,Oj  FP/AZ41  [83],  une  liaison  fibre- 
matrice  forte  conduisant  4  une  forme  sigmoidale  de  la  courbe  d’endurance  et  une  liaison  fibre-matrice  faible  4  une  courbe 
contrainte-nombre  de  cycles  4  rupture  trds  plate. 

Au-del4  de  ces  6tudes  macroscopiques,  des  travaux  visant  4  comprendre  la  phase  d’amor^age  et  portant  sur  le 
m6canisme  du  transfert  de  charge  fibre-matrice  [84]  et  sur  le  comportement  plastique  de  la  matrice  dans  le  composite  sont 
indispensables  au  d6veloppement  de  ces  mat6riaux. 

5.4  -  Tenue  4  la  corrosio.i  des  composites  4  matrice  d’alliaee  16ger  [85] 

L’essentiel  des  travaux  publics  concernent  les  composites  4  matrice  d'aluminium  [86,87].  probablement  en  raison  du 
d6veloppement  plus  recent  de  ces  mat6riaux  et  de  leur  domaine  d’application  potentiel  spatial.  Toutefois,  pour  les  composites 
4  matrice  de  magnesium,  la  corrosion  peut  se  produire  lors  des  periodes  de  stockage  au  sol. 

La  corrosion  des  composites  4  matrice  m6tallique  peut  avoir  plusieurs  origines  [87]  : 

-  la  corrosion  galvanique  entre  fibre  et  matrice  ; 

-  la  corrosion  galvanique  entre  des  phases  interm6talliques  et  la  matrice  ; 

-  I’attaque  pr6f6rentieile  sur  le  carbone  ayant  diffus6  des  fibres  vers  la  matrice  ; 

-  I’accroissement  du  nombre  de  sites  anodiques  du  fait  de  la  presence  des  interfaces. 

5.4.1  -  Les  composites  4  matrice  d’aluminium 

Dans  le  cas  des  composites  bore-aluminium,  PohIman  [87]  a  montr6  que  la  corrosion  galvanique 
du  couple  bore-aluminium,  mais  du  couple  aluminium-borure  d’aluminium  form6  lors  de  I’^laboration  par 
du  matdriau  ou  de  traitements  thermiques. 

Dans  des  composites  4  matrice  d’aluminium  commerciaux,  ou  I’alliage  Al-Si-Mg  357.  renforc6s 
d’alumine  SAFFIL  ou  des  fibres  Nicalon.  Otani  et  al.  [88]  conclucnt  que  la  corrosion  n’est  pas  directement  Ii6e  au  renfort 
mais  aux  modifications  microstructurales  dc  la  matrice  Ii6cs  au  proced6  d’61aboration  du  composite  par  collide.  Par  excmple, 
la  presence  de  seconde  pha.se  comme  ALFe,  dont  le  poicniiel  de  corrosion  est  plus  dlcvd  que  celui  de  I'aluminium.  risque 
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d’avoir  un  effet  de  pile.  II  faut  alors  modifier  la  composition  de  I’alliage  en  am61iorant  sa  puret6  et/ou,  lorsque  cela  est 
possible,  homog6n6iser  le  matdriau  par  un  traitement  thermique.  Cette  influence  des  phases  intermitalliques  a  iii  confirmde 
par  McIntyre  et  al.  [89]  dans  des  composites  SiC/2124. 

Pour  les  composites  carbone-aluminium,  le  mdcanisme  avanc6  pour  leur  corrosion  en  brouillard  salin  comprend  les 
6tapes  suivantes  [90]  : 

-  penetration  de  I’agent  corrodant  dans  le  materiau  par  piquration,  au  droit  d’un  defaut,  par  capillarite  le  long  des  fibres  ; 

-  corrosion  galvanique  de  raluminium  ^  I’interface  C/Al,  regie  par  reduction  de  I’oxygene  sur  les  fibres  de  carbone  ; 

-  degradation  mecamque  par  un  effet  de  coin  des  produits  de  reaction  formes  au  cours  de  la  deuxieme  etape. 

La  reduction  de  I’oxygene  4  la  surface  des  fibres  de  carbone  a  ete  particulierement  etudiee  par  Jagannathan  [91], 
qui  a  montre  que  la  cinetique  de  cette  reaction  est  plus  rapide  sur  les  fibres  de  bas  module. 

II  est  important  de  mentionner  que  si  un  revetement  de  silice  ou  la  presence  de  couches  enrichies  en  silicium 
diminuent  la  cinetique  de  reduction  de  I’oxygene  ^  la  surface  des  fibres  et,  partant,  la  corrosion  galvanique  [90],  la  presence 
de  cuivre  ou  de  nickel  a  un  effet  oppose. 

Enfin,  il  convient  de  mentionner  le  role  nefaste  que  peut  jouer  la  presence  dans  le  composite  de  traces  de  produits 
issus  du  traitement  de  mouillage  des  fibres.  Hihara  et  al  ont  ainsi  mis  en  evidence  dans  un  composite  PlOO/6061  une 
corrosion  acceieree  dans  les  regions  du  composite  qui  contenaient  du  chlore  ;  ce  dernier  provenait  du  revetement  4  base 
de  Ti-B  realise  en  atmosphere  gazeuse  de  TiCl„  BCl,  et  Zn. 

5.4.2  -  Composites  carbone-magnesium 

Quelques  observations  ont  et6  rapportees  par  Hall  [90]  sur  un  composite  T300/Mg-1%A]  eiabore  par  coulee  sous 
pression  par  Honda  au  Japon,  Ji  I’etat  brut  de  fabrication  et  apres  un  maintien  de  72  h  4  500°C  destine  &  favoriser  la 
formation  du  carbure  ALC,  k  I’interface  fibre-matrice.  L’exposition  e  I’air  ambiant  conduit  k  I’hydrolyse  des  carbures,  avec 
formation  d’acetyiene,  et  4  une  corrosion  galvanique  entre  fibre  et  matrice  avec  une  vitesse  de  penetration  voisine  de  100 
(im/an.  Suivant  Hall,  les  carbures  n’affectent  pas  de  faQon  significative  le  comportement  en  corrosion  des  composites  C- 
Mg. 


En  conclusion  sur  la  corrosion  des  composites  k  matrice  d’alliage  leger,  il  faut  surtoui  retenir  : 

-  I’importance  possible  de  I’effet  de  pile  entre  les  phases  intermetalliques  et  la  matrice  environnante  ; 

-  I’effet  benefique  sur  la  corrosion  galvanique  du  couple  C/Al  de  revfetements  contenant  du  silicium. 

CONCLUSION 

^s  composites  k  matrice  m^tallique  renforc6e  par  des  fibres  longues  poss^dent  aujourd’hui  un  ensemble  de 
caract^ristiques  qui  doit  leur  permettre  k  terme  de  r^pondre  aux  besoins  des  industries  a^rospatiales.  Quelques  problSmes 
sont  encore  non  rdsolus  et  des  iravaux  compliment aires  restent  4  accomplir  avant  que  leur  introduction  au  niveau  des 
structures  froides  ou  chaudes  ne  devierme  une  rialiti. 

1.  En  ce  qui  conceme  I’ilaboration  des  composites,  les  avancies  concernent  : 

-  les  traitements  de  surface  des  fibres  rialisis  essentiellement  par  dip6t  chimique  en  phase  vapeur,  maitrisis  et  contrblis 
pour  les  fibres  de  gros  diamitre  et  en  cours  d’ivaluation  pour  les  fibres  de  carbone  ; 

-  I’ilaboration  des  composites  4  matrice  d’alliage  liger  aluminium  ou  magnisium,  pour  lesquels  la  m4itrise  du  procidi 
permet  d’obtenir  des  produits  sains  k  petite  ichelle  en  milieu  industriel.  Si  les  matiriaux  apparaissent  en  catalogue,  pour 
i’industrie  ilectronique  notamment,  les  prix  de  revient  restent  ilevis,  faute  d’un  volume  de  production  suffisant  ; 


-  I’ilaboration  en  phase  solide,  qui  restera  vraisemblableracnt  encore  longtemps  la  seule  mithode  pour  les  composites  ^ 
matrice  d’alliage  ou  de  composi  intermitallique  de  titane,  devrait  binificier  des  acquis  des  technologies  du  refroidissement 
rapide,  grSce  k  la  mitallurgie  des  poudres  et  aux  techniques  de  projection. 

2.  Les  caractiristiques  micaniques  des  composites  k  matrice  d’aluminium  ou  de  magnesium  approchent  maintenant  celles 
correspondant  k  I’application  de  la  loi  des  melanges  grSce  k  un  strict  contrdle  des  reactions  interfaciales,  et  done  de 
I’adh^sion  fibre-matrice. 

Des  travaux  sont  encore  n£cessaires  afin  de  r^pondre  aux  questions  suivantes  ; 

-  la  liaison  fibre-matrice  doit-elle  4tre  forte  ou  faible  ;  comment  I’ajuster  au  bon  niveau  dans  chaque  systime  ; 

-  I’endommagement  en  cyclage  thermique  inherent  k  certains  mat6riaux  les  condamne-t-il  J  une  plage  r^duite  d’utilisation 
en  temperature  ?  Convient-il  de  divelopper  des  fibres  stables  thermodynamiquement  et  mecaniquement  ; 

3.  la  modeiisation  du  comportement  des  CMM  doit  Stre  developpee,  afin  d’affiner  les  modules  de  prevision  de  la  rupture  ; 

-  modeiisation  realiste  du  transfert  de  charge  ct  prevision  des  contraintes  k  rupture  : 

-  comportement  plastique  de  la  matrice  dans  le  composite,  en  second  lieu  I’etablissement  de  lois  de  comportement 
permettant  un  dimensionnement  des  pieces. 
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La  r6ponse  aux  questions  qui  se  posent  encore,  la  poursuite  de  I’^tude  du  comportement  m6canique  et  le  dfiveloppement 
de  I’industrialisation  des  composites  permettant  d’abaisser  leur  coQt  de  mani^re  ^  en  augmenter  la  diffusion  font 
qu’aujourd’hui  encore  le  succfes  de  ces  matdriaux  appartient  toujours  un  peu  au  futur. 
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Tableau  1 


Fibres  utilisables  pour  les  composites  4  matrice  m6tallique 
pour  emploi  temperature  basse  ou  moyenne 


Fibre 

Fabricant 

Diametre 

(/im) 

Masse 

volumique 

(MgV) 

■Bal 

Resis¬ 

tance 

(MPa) 

Allon- 

gement 

(%) 

B  (C) 

AVCO 

100 

2.2 

365 

3  280 

B/B,C 

(W) 

AVCO/SNPE 

140 

2,5 

405 

4  075 

- 

SiC  (C) 
(SCS6) 

AVCO 

140 

3,05 

420 

4  000 

0,8 

SiC 

Nicalon 

10-15 

2,6 

220 

2  700 

1,5 

SiC 

Tyranno 

10-13 

2.4 

220 

>  2  500 

- 

SiC 

Rhone  P. 

Al^Oj 

Safftl  RF 

ICl 

3,3 

300 

2  000 

0,67 

AljOj  FP 

du  Pont 

20 

3,9 

380 

>  1  400 

0,36 

1 

T300 

To  ray 

7 

1,75 

230 

3  500 

1,5 

T800 

Toray 

5.5 

1,80 

5  590 

1,9 

GY70 

Cel  ion 

8.4 

1  860 

0,36 

P55 

UC 

10 

2,25 

■■ 

2  070 

0,42 

PlOO 

UC 

10 

2,25 

f 

2  240 

0,5 

1-25 


Fibre 

Fabricant 

Diamfttre 

{/im) 

Masse 

volumique 

(MgV) 

Module 

(GPa) 

Resis¬ 

tance 

(MPa) 

Allon- 

gement 

(%) 

SiC 

AVCO 

140 

- 

- 

- 

- 

W 

- 

25-150 

19,3 

mi 

=  1 

Trichites 

(TaC) 

- 

0,5-1 

40 

500 

25  000 

- 

B4C  (W) 

- 

- 

2,36 

483 

2  280 

- 

TiB^  (W) 

- 

- 

4,48 

510 

100 

- 

Tableau  2  -  Fibres  utili- 
sables  pour  les  composites 
4  matrice  metallique  pour 
emploi  4  haute  tempe¬ 
rature. 


Tableau  3  -  Rev6tements 
obtenus  par  d^pdt  chimique 
en  phase  vapeur. 


Compose 

dftpose 

Prftcurseur 

Temperature 

CO 

Processus  rftactionnel 

1400 

Reduction  par 

TiC 

SiCl4,CH^ 

1000 

SiOj 

SiCl4,C02 

800 

B4C 

BCl3,CH^ 

1300 

Si 

SiHjClj 

1050-1150 

C 

CH4 

>  1000 

Pyrolyse 

TiB 

TiCl4,BCl3 

>  800 

Reduction  par  ou  Zn 

SiC* 

SICI4 

»  1100 

Reduction  par 

•  D6p6t  chimique  en  phase  vapeur  rdactif 


Fibre 

Matrice 

Precede  de 
fabrication 

Domaine 

d'application 

B  revfttu  SiC 

A1 

Metal lurgie 
des  poudres 

Aftrospatial 

C  revStu 
(Ti,B),  SiC 

A1 

Type  fonderie 

Aeronaut ique 

C 

Mg 

et  ses  a1 11  ages 

Type  fonderie 

Spatial 

C 

Mg 

et  ses  alii  ages 

Consol idation 
par  pressage  en 
phase  solide 
ft  chaud 

Spatial 

SiC  toron 

A1 

et  ses  alliages 

Type  fonderie 

Aeronautique 
Electron ique 

SiC  monofilament 

A1 

et  ses  alliages 

Projection  plasma 
•f  consolidation 
en  phase  solide 
ft  chaud 

Aeronautique 
Corps  pressurises 

SiC  monofilament 

Alliages  de  Ti 

Consol idation 
ft  chaud 

en  phase  solide 

Applications 

multiples 

AI^Oj 

Al-Li 

Type  fonderie 

Aeronautique 

Propulsion 

Tableau  4a  -  Composites  ft 
matrice  d'alliage  Iftger. 


Tableau  5 


Caract6ristiques  de  traction  4  temperature  ambiante 
de  quelques  composites  unidirectionnels 


CMM 

Densite 

(g/cm^) 

Fraction 
vo1 .  de 
fibres  (%) 

Contrainte 
k  rupture 
(MPa) 

Module 

eiastique 

(GPa) 

Allongement 
k  rupture 
(%) 

1  a)  Sens  long  | 

B/A1 

2,5 

48 

1220 

247 

0,5 

C/Al 

2,1 

70 

1250 

250 

0,5 

C/Mg 

1,7 

70 

1350 

150 

0,9 

FP/Al 

3,2 

50 

570 

200 

- 

FP/Hg 

2,8 

50 

520 

200 

0,3 

B/Ti 

3,5 

50 

962 

210 

- 

SiC/Ti 

4,05 

35 

1470 

240 

- 

1  b)  Sens  travers  | 

B/Al 

2,5 

48 

150 

- 

- 

FP/Al 

3,2 

50 

140 

150 

- 

FP/Mg 

2,8 

50 

70 

100 

0,24 

B/Ti 

3,5 

50 

408 

195 

- 

Tableau  4b 

Composites  pour  application  haute  temperature 


Fibre 

Matrice 

Precede  de 
fabrication 

Domaine 

d'application 

SiC 

Intermetallique 

"TijAl" 

Type 

metallurgie 
des  poudres 

Propulsion 
Structures 
aeronautiques 
chaudes  (650’C) 

SiC 

Intermetallique 

"TiAl" 

N 

"  (950*C) 

TiBj 

Intermetallique 
de  titane 

n 

-  (?) 

W 

Superalliage 

m 

Propulsion 

W 

Intermetallique 
base  Fe,  Ni 

n 

"  (llOO’C) 

Trichites  de 
metaux  de  transi¬ 
tion  Nb,  Ta,  Cr 

Superalliage 

Sol idification 
dirigee 

"  (1100‘C) 

Figure  1 
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ABSTRACT 

Major  prograaaes  exist  in  the  USA  and  Europe  to  produce  lightweiAht,  stiff  and  stronK 
aetallic  aaterials  with  the  aid  of  discontinuous  reinforceaent .  These  efforts  relate  to 
light  aetal  aatrix  alloys  (aluainiua,  aagnesiua  and  titaniua)  and  the  use  of  short  fibres, 
whiskers  and  particles  of  ceraaic  to  provide  the  necessary  reinforceaent.  Major  interest 
has  recently  been  centred  on  the  developaent  of  particulate  reinforceaent  of  aluainiua 
alloys.  This  paper  reviews  the  vsrious  aethods  of  producing  these  aetal  aatrix 
coaposites.  Then  the  influences  of  reinforceaent  size,  shape  and  voluae  fraction,  aatrix 
alloy  selection,  processing  route  and  heat-treataent  on  the  aechanical  properties,  e.g. 
stiffness,  strength  and  toughness  of  the  coaposites,  are  discussed.  Microstructural 
evidence  is  used  to  interpret  property  data  where  possible.  Elevated  teaperature  and 
creep  properties  are  described,  as  well  as  the  ability  of  these  coaposites  to  handle 
theraal  cycling.  Other  properties,  e.g.  fatigue  and  corrosion,  which  influence  the  life 
of  coaponents  fabricated  from  these  aaterials  also  coae  under  review. 


1.  INTRODUCTION 

To  provide  coapetition  to  the  increasing  use  of  polyaer-based  coaposites  in  airfraae 
parts  (1),  the  developaent  of  lightweight  aetallic  aaterials  has  been  continued 
vigorously.  The  availability  of  aetallic  aatrix  coaposites  (MMCs)  with  attractive 
physical  and  aechanical  properties  at  reasonable  cost  would  becoae  a  significant  part  of 
the  coapetition.  Two  distinct  foras  of  reinforceaent  for  these  coaposites  are  under 
consideration,  i.e.  continuous  fibres  which  are  ceraaic  aonof i laaents  or  discontinuous 
reinforceaents  which  aay  be  short  fibres,  whiskers  or  particles,  again  of  ceraaics.  The 
use  of  discontinuous  reinforceaent,  which  is  the  subject  of  this  paper,  provides 
opportunities  for  saaller  gains  in  aechanical  properties,  such  as  stiffness  or  strength, 
than  would  be  the  case  with  continuous  fibres.  Whilst  the  gains  are  aodest,  the  ability 
to  provide  aore  or  leas  isotropic  behaviour  froa  these  aaterials  is  a  aajor  advantage  in 
aany  potential  applications. 

In  the  past  decade,  aajor  efforts  have  been  aade  to  develop  production  aethods  for 
MMCs  with  discontinuous  reinforceaents.  These  efforts  have  involved  techniques  of 
allowing  aetal  to  infiltrate  preprepared  fibre  arrangeaents  or  preforas,  blending  and 
consolidation  of  powdered  aetals  and  ceraaic  reinforceaent,  and  the  cospray  of  liquid 
aetal  and  solid  ceraaic  particles.  Many  of  these  developaents  were  laboratory-based  five 
years  ago  and  have,  within  the  past  year,  becoae  pilot  scale,  and  this  has  aeant  that 
aaterials  are  now  coaing  forward  in  greater  quantities  and  with  better  levels  of 
consistency.  Although  net  shape  coaponents  are  of  interest  to  the  aerospace  industry, 
the  aajority  of  the  effort  has  been  in  the  production  of  rolled  sheet  and  plate  and  also 
of  extruded  foras.  Machining  of  such  aaterials  has  begun  to  be  studied  (2)  so  that 
production  routines  and  costs  of  expensive  diaaond  tooling  can  be  optiaised.  Probleas 
in  Joining  these  aaterials  do  exist  in  a  nuaber  of  instances  but  there  are  indications 
that  processes  such  as  friction  welding  nay  coae  to  the  fabricators’  assistance. 

Within  the  discontinuous  reinforced  MMC,  greater  attention  has  been  focused  on 
particle-reinforced  alloys.  This  nove  away  froa  short  fibres  and  whiskers  has  been 
influenced  by  the  availability  of  relatively  cheap  a-silicon  carbide  particles  or  grit, 
the  abilities  to  handle  such  particles  in  a  conposite  fabrication  operation,  and  finally 
to  produce  properties  which  are  not  Judged  to  be  inferior  to  those  produced  froa  other 
reinforceaents . 

Aluainiua  alloys  still  predoninate  as  the  aatrix  aaterials  and  a  range  of  2000,  6000 
and  7000  series  alloys  have  been  used.  The  priae  requireaent  for  reduced  weight  in  these 
MMCs  has  allowed  aluainiua- 1 i thiua  alloys,  e.g.  8090  A]-Li-Cu-Mg  to  be  used.  This  has 
been  necessary  as  the  addition  of  silicon  carbide  to  aluainiua  alloys  does  raise  the 
density.  The  lithiua  addition  to  the  aatrix  is  aore  than  capable  of  balancing  that 
increase.  Suitable  reinforceaent  particles  or  fibres  with  densities  less  than  that  of 
aluainiua  are  difficult  to  find,  one  atteapt  (3)  has  been  aade  with  boron  carbide  (BC). 
Other  aatrix  alloys,  i.e.  titaniua,  aagnesiua,  and  interaetal 1 ics ,  such  as  aluainides, 
sre  slso  of  significant  interest.  Hagnesiua,  with  its  very  low  density,  has  great 
attractions  but  until  solutions  are  found  to  its  corrosion  probleas,  which  already  liait 
the  application  of  these  alloys  in  the  unreinforced  state,  then  efforts  to  reinforce  thea 
will  be  low  key.  The  reinforceaent  of  titaniua  by  suitable  ceraaic  particles  would  be 
a  great  attraction.  Unfortunately,  cheaical  or  aetal lurgical  interaction  at  the 
reinforceaent-titaniua  alloy  interface  during  fabrication  or  in  elevated  teaperature 
service  do  provide  a  aajor  problea.  This  aanifests  itself  by  causing  eabr i 1 1 leaent  and 
by  the  inability  to  deliver  satisfactory  strength  properties.  The  nature  and  properties 
of  interfaces  in  titaniua  and  aluainiua  alloy  MMCs  is  considered  in  aore  detail  later. 
Interaetall ic  aatrices  are  under  active  developaent  for  elevated  teaperature  applications. 
Possibilities  do  exist  for  iaproving  the  ductilities  of  these  aaterials  but  a  need  for 
reinforceaent  is  necessary.  This  reinforceaent  is  aost  likely  to  be  continuous  fibres. 
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This  paper  atteapts  to  display  the  rantfe  of  properties  achieved  in  light  aetal  alloy 
reinforced  with  discontinuous  reinforceaents .  It  represents  an  update  on  the  paper 
presented  at  the  AGARD  aeeting  on  New  Light  Alloys  at  Mierlo  in  the  Autuan  of  1988  (4). 
Besides  dealing  with  short  tera  and  long  tera  aechanical  properties,  theraal  behaviour, 
etc.  the  paper  atteapts  to  provide  inforaation  on  the  current  understanding  of 
reinforceaent-aatrix  interfaces  and  aatrix  aicrostructures  and  to  show  how  they  aay 
influence  yield,  fracture  and  fatigue  processes. 

2.  FABRICATION  OF  SHORT  FIBRE  AND  PARTICULATE  COMPOSITES 

Initially,  aajor  efforts  were  aade  to  produce  coaposites  with  short  fibre  and.  whisker 
reinforceaent .  This  aade  use  of  short  fibre  preforas  which  were  infiltrated  with  liquid 
aetal  either  under  vacuua  or  by  the  application  of  pressure  as  in  squeeze  casting  (5,6), 
or  by  the  aixing  of  powders  and  reinforcing  whiskers  followed  by  consolidation  by  pressing 
and  heating  (7).  A  greater  eaphasis  has  now  been  placed  upon  particulate  reinforceaent 
whereby  three  aethods  of  aanufacture  have  gained  auch  attention: 

(a)  stirring  reinforcing  ceraaic  particles  into  a  melt 

(b)  spray  deposition  of  solid  ceraaic  particles  with  atoaised  droplets  of 
liquid  aetal 

(c)  aixing  and  blending  of  aetal  powders  with  reinforcing  particles  in  a 
related  fashion  to  that  aentioned  above  with  whisker  reinforceaent. 

Whilst  aethods  (a)  and  (b)  use  the  aetal  in  the  liquid  state  to  proaote  effective 
aixing  and  dispersion  of  the  particles,  the  powder  based  system  aay  proaote  the  liquid 
phase  in  small  aaounts  during  the  consolidation  and  not  in  the  aixing  stage. 

Melt  stirring  represents  the  simplest  fora  of  production  for  particle  reinforced 
MHCa  (8).  The  particles,  usually  a-SiCp(~  lOpa  in  size)  are  surface  treated  prior  to 
being  stirred  into  the  molten  alloy.  Surface  treataent  of  the  particles  is  necessary  to 
obtain  particle  wetting  and  thereby  achieve  even  distribution  in  the  Belt.  Excessive 
reaction  between  particles  and  aelt  has  to  be  guarded  against  by  selecting  the  alloy 
aatrix  and  controlling  the  level  of  superheat  and  tiae  of  aixing  prior  to  solidification. 
Increasing  levels  of  superheat  promotes  a  reaction  at  the  aatrix-particle  interface. 

3SiC  +  4A1  Al^Cj  3Si  (1) 

which  allows  crystals  of  aluainiua  carbide  to  grow,  see  fig.  1.  The  presence  of  silicon 
in  the  original  alloy  does  slow  down  the  reaction  and  prevent  the  deterioration  of 
properties  in  the  resultant  composite.  Solidification  of  the  casting  results  in  the 
silicon  carbide  particles  occupying  the  intercellular  regions  which  have  grown  from  the 
aelt  and  pushed  the  SiCp  ahead  of  the  liquid-solid  interface.  The  cell  sizes,  as  in  the 
unreinforced  alloys,  can  be  modified  by  cooling  rate,  see  fig.  2,  and  this  nay  influence 
the  distribution  of  particles.  At  faster  cooling  rates  the  cell  size  approaches  that  of 
the  SiCp  and  this  promotes  interdendritic  trapping  of  the  particles,  and  a  better 
distribution  of  the  reinforcement  than  is  the  case  with  more  slowly  cooled  composites, 
see  fig.  3.  Variations  in  particle  distribution  do  occur  through  the  casting  section  as 
cooling  rates  change  fron  the  surface  to  the  centre. 

A  variant  on  stir  casting  is  Rheocasting  or  Coapocasting  (9),  where  the  aetal  is 
held  in  the  seai-solid  or  ’nushy’  condition  when  particle  nixing  taken  place. 
Thixotropic  conditions  occur,  provided  that  adequate  control  is  aaintained  over  the 
volume  fraction  of  solid  particles  (dendrites  and  SiCp).  The  products  froa  the  aelt 
stirring  and  Coapocasting  operations  nay  be  cast  to  shape  or  be  subjected  to  a  working 
operation  in  the  solid  state  or  with  a  proportion  of  liquid  present,  where  it  nay  be 
referred  to  as  thixoforging. 

Spray  deposition  has  developed  as  a  feasible  technique  for  producing  unreinforced 
and  reinforced  alloys  (10,11).  Here  aetal  is  melted  in  a  crucible  usually  by  induction 
heating  and  under  pressure  of  a  suitable  gas,  e.g.  nitrogen,  see  fig.  4.  The  aetal  is 
passed  fron  crucible  through  a  nozzle  into  an  atonizer.  The  resultant  atomized  stream 
of  aetal  is  then  collected  on  a  substrate  placed  in  the  line  of  flight.  Final  product 
shape  depends  on  the  atoaizing  conditions  and  the  shape  and  notion  of  the  collector,  e.g. 
extrusion  ingots,  forging  stock  or  hollow  tubes  can  be  produced.  Metal  flow  rates  can 
exceed  6  kg/ain  and  typical  recovery  efficiencies  are  in  the  range  50-85t>  depending  upon 
the  product  fora.  Fine  as-cast  grains  sizes  can  be  produced  of  approximately  16|in  with 
ainiaua  segregation  thus  niniaising  tines  for  homogenisation.  Metal  matrix  composite 
ingots  can  be  obtained  by  introducing  ceraaic  particles,  e.g.  13|in  diameter  a-SiCp,  into 
the  aetal  spray  stream.  Good  control  over  the  atomising  process  and  the  particle  feed 
can  proaote  more  even  distribution  of  the  reinforcement  in  a  matrix  which  is  95-98k 
dense.  Ingots  of  100  kg  are  currently  being  produced  and  possibilities  exist  for 
doubling  this  weight.  A  wide  range  of  alloys  (2000,  6000,  7000,  8000  and  Al-Si  casting 
alloys)  have  been  sprayed  to  fora  coaposites  with  10-15  vol.K  of  SiCp.  Sprayed  MMC 
ingots  have  been  fabricated  by  extrusion,  rolling,  forging  and  reaelting.  Prior  to 
working,  the  ingots  are  machined.  Conventional  extrusion  procedures  are  adopted  but  some 
increases  in  applied  forces  as  well  as  significant  wear  on  extrusion  dies  has  been  noted. 
Soae  alignment  of  the  SiCp  takes  place,  the  degree  depends  on  the  extrusion  ratio 
employed.  Minimal  particle  breakdown  and  decohesion  at  par t ic I e-aatr ix  interfaces  have 
been  observed  in  the  composite.  Hot  rolling  characteristics  of  the  MMC  are  similar  to 
those  of  conventional  alloys.  The  higher  elastic  modulus  and  work  hardening  rates  do 
influence  cold  working  response;  despite  this,  MMCs  have  been  rolled  down  to  lOOpa  foil. 
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As  already  indicated,  a  solid  state  consolidation  route  has  been  in  use  for  soae 
tiae  for  the  production  of  whisker  and  particulate  based  HMCs  (7).  The  processinf 
involves  the  preparation  of  suitable  pre-alloyed  powders  to  which  SiC  in  whatever  fora 
is  added,  see  fig.  5..  This  allows  SiC  particles  to  ba  added  over  a  wide  size  range, 
i.e.  3-40|Xa.  Particular  care  is  taken  over  the  blending  operation  to  ensure  effective 
distribution  of  the  reinforcing  particles  (11).  The  blended  powders  are  canned  and 
vacuua  degassed  prior  to  hot  pressing  in  order  to  ainiaise  surface  oxidation  and 
contaaination.  An  alternative  to  conventional  hot  pressing  is  the  use  of  hot  isostatic 
pressing  (HIPping)  in  order  to  provide  aore  hoaogeneous  consolidation.  Secondary 
processing  such  as  extrusion,  forging  or  rolling  is  necessary  to  break  up  reaaining 
interparticle  filas.  Although  this  fora  of  processing  can  lead  to  net-shaped  parts,  the 
aajor  efforts  have  been  concentrated  on  sheet,  plate  and  extruded  sections.  A  variant 
of  the  powder  baaed  route,  which  is  teraed  ’Mechanical  Alloying’,  subjects  a  aixture  of 
aetal  powders,  oxides  and  carbides  to  a  ball-ailling  treataent  in  order  to  achieve  the 
necessary  blending  of  constituents  (12). 

3.  INTBBFACBS  IN  AS-FOBNBD  C0MP0SITB8 

The  interface  produced  between  the  reinforcing  particle  or  fibre  and  the  aatrix  does 
have  a  aajor  effect  on  the  subsequent  performance  of  the  coaposite  in  service.  The 
fabrication  stage  has  a  aajor  influence  on  the  interfacial  condition  which  exist  within 
any  given  MHC  but  other  opportunities  do  exist  to  aodify  the  interface,  e.g.  during  heat- 
treataent  or  service  particularly  at  elevated  teaperatures .  An  interfacial  reaction 
involving  the  foraation  of  Al^C^  has  already  been  referred  to  in  the  aelt  stirring  process 
with  aluainiua  and  silicon  carbide.  The  availability  of  oxygen  on  aetal  or  reinforceaent 
interfaces  has  been  shown  to  be  iaportant  in  controlling  reactions  between  the  carbides, 
or  boron  and  the  aluainiua  alloy  aatrix.  Electron  aicroscope  observations  on  SiC 
whisker-aluainiua  alloy  (Al-Cu-Mg)  produced  by  a  solid  state  fabrication  route  have  shown 
saall  crystalline  precipitates  at  the  interface,  see  fig.  6;  the  BBLS  technique  was  able 
to  deaonstrate  that  they  contained  oxygen;  EDS  gave  evidence  of  aagnesiua;  and 
diffraction  patterns  revealed  a  structure  corresponding  to  HgO.  More  recently  Warner  and 
Stobbs  (13)  have  coapared  cheaically  cleaned  SiC  (F-600  grit)  with  oxidised  SiC  in  an 
Al-1.9kMg  alloy  aatrix.  The  aateriala  were  prepared  by  the  spray  route  and  had 
subsequently  been  extruded.  Saaples  were  examined  in  the  TBM  before  and  after  heat- 
treataent  for  20h  at  625'C.  With  the  clean  SiCp  particles  no  reaction  products  were  seen 
before  heat-treataent  but  after  the  treatment  Al^C^  existed  for  distances  up  to  300nn  from 
the  interface  on  the  alloy  aatrix  side.  Evidence  also  existed  of  stressing  of  the  SiCp 
below  the  reaction  products  and  of  a  heavily  dislocated  aatrix.  The  oxidised  SiCp  had 
an  irregular  zone  (10-30na  thick)  of  mixed  aicrocrystal 1 ine  and  amorphous  aaterial 
existed  at  the  interface  in  the  pre-heat-treated  MMC.  Heat-treataent  changed  matters 
with  small  precipitates  appearing  at  the  interface  and  an  aaorphous  layer  of  uniform 
thickness  (2on)  forming  continuously  around  the  SiCp  MgO  reflections  were  observed  from 
the  saall  precipitates.  It  would  appear  that  the  aaorphous  layer  is  oxygen-containing 
and  this  seems  to  inhibit  Al^C  3  format  ion . 

Reinforceaent  of  titanium  and  its  alloys  by  particulates  is  strongly  influenced  by 
the  conditions  which  are  generated  during  fabrication  or  whilst  they  operate  at  elevated 
teaperatures.  SiCp  reacts  with  titanium  at  temperatures  in  excess  of  650*C  particularly 
if  they  are  aaintained  at  this  temperature  level  for  periods  up  to  lOOOh.  A  multi¬ 
layered  interface  product  foras  involving  titaniua  carbide  (TiC)  and  titanium  silicidea 
such  as  71^83  together  with  a  solution  of  carbon  in  titaniua  and  titaniua  taken  up  in  the 
SiCp  (14).  Within  the  silicide  layer  precipitation  of  titanium  carbide  occurs. 
Parabolic  growth  lows  apply  to  the  foraation  of  the  interface  layer.  Increased  volume 
fractions  of  SiCp  reduces  the  rate  of  growth  of  the  interfacial  layers  as  the  carbon 
content  of  the  aatrix  saturates  at  an  early  stage.  These  reactions  are  capable  of 
significantly  reducing  the  volume  fraction  of  SiC  in  the  composite  and  promoting  weak 
and  brittle  interfaces.  Since  titanium  and  ita  alloys  ore  significantly  stronger  alloys 
than  aluainiua  there  is  a  requirement  for  higher  integrity  interfaces  in  these  materials. 
Possibilities  do  exist  for  either  putting  a  coating  on  the  SiCp  in  order  to  prevent  or 
liait  reaction  or  the  introduction  of  a  different  type  of  particulate.  Observations  on 
TiC  particles  in  a  Ti6A14V  alloy  aatrix  have  shown  that  carbon  diffusion  froa  fibre  to 
aatrix  occurs  at  elevated  teaperatures.  This  reverses  with  decreasing  temperature  if  the 
cooling  rate  is  slow.  Changing  the  alloy  to  Ti24AlllNb  prevents  the  carbon  from 
diffusing  back  as  a  stable  precipitate.  Ti3(AlNb)C  foras  in  the  alloy  close  to  the 
interface  ( 15) . 

4.  INFLUBNCB  OF  BBINFOBCBMBNT  ON  MICBOSTBUCTUBB 

In  aluainiua  alloys  it  has  been  demonstrated  that  the  following  variables  influence 
the  aicrostructure  of  the  alloy: 

(a)  the  size  and  shape  of  the  reinforcement 

(b)  the  volume  fraction  of  the  reinforceaent 

(c)  the  processing  route  for  the  composite 

(d)  the  relative  coefficient  of  expansion  of  reinforcement  and  matrix 

(e)  the  type  of  alloy. 

Composites  have  been  produced  with  6-silicon  carbide  whiskers  (diaaeter  <lpa  and 
aspect  ratio  50:1),  a-sllicon  carbide  particles  (size  3-40pa  irregular  in  shape  with  an 
aspect  ratio  of  <2:1  and  A-aluaina  fibres  (diaaeter  Spa,  aspect  ratio  50:1).  The  voluae 
fraction  of  reinforcement  varies  from  5  to  40  vol.X,  but^the  majority  of  investigations 
have  concentrated  in  the  10  to  20  vol.t  range.  The  differing  processing  routes  can 
interact  with  the  differing  reinforceaent  size,  shape  and  amount.  As  described  already 
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in  the  atlr  cast  route,  the  processing  conditions,  e.g.  cooling  rate,  can  influence 
particle  distribution  (8).  A  significant  amount  of  particulate  and  whisker  reinforced 
coaposite  has  been  hot  or  cold  worked  either  during  or  after  consolidation.  Interactions 
between  forming  temperature,  particle  size,  volume  fraction  and  deformation  rate  all 
influence  the  subsequent  microstructure  of  the  matrix  (16).  The  major  influence  relates 
to  the  processes  of  recovery  and  recrystallisation  and  the  resultant  grain  sizes, 
substructures  and  textures  which  remain  in  the  composite  after  processing  (17).  The 
grain  size  does  reduce  with  particle  diameter  and  with  increasing  volume  fraction,  see 
fig.  7.  It  is  possible  to  prevent  recrystalliaation  at  small  particle  diameters  <5|in  and 
at  higher  volume  fractions,  e.g.  30  vol.it  of  Spm  particles.  Textures  in  the  matrix  alloy 
can  be  influenced  by  the  reinforcement,  e.g.  use  of  SiCp  in  an  8090  alloy  has  been  shown 
to  remove  the  strong  crystallographic  textures  which  are  produced  in  the  unreinforced 
versions  of  this  alloy  (18). 


Forming  processes,  e.g.  extrusion,  can  have  a  major  influence  on  the  form  and 
orientation  of  the  reinforcement  which  has  a  significant  aspect  ratio,  e.g.  as  whiskers 
or  short  fibres.  During  such  a  hot  working  process,  significant  levels  of  whisker  or 
fibre  fracture  can  take  place  which  can  reduce  aspect  ratio  down  to  2  or  3.  The  high 
temperature  deformation  of  MMCs  depends  upon  the  kinetics  of  dislocation  motion  and  the 
diffusive  mass  transport  in  the  matrix.  If  both  of  these  are  inadequate  to  allow  matrix 
strain  around  the  hard  reinforcing  fibres  then  a  sharp  rise  in  matrix  flow  occurs  and 
microstructural  and  particularly  fibre  damage  will  take  place  (19).  Consequently,  strain 
rate  has  a  strong  effect  on  flow  stress  and  the  only  the  use  of  high  extrusion 
temperatures  permits  high  rates  of  deformation.  The  presence  of  a  compressive 
hydrostatic  stress  component  during  extrusion  may  also  have  a  beneficial  effect  by 
reducing  fibre  failure  and  it  most  certainly  does  limit  cavitation  at  the  interface, 
particularly  at  fibre  ends.  Small  diameter  fibres  of  high  strength,  e.g.  whiskers,  are 
more  capable  of  resisting  damage  because  the  critical  bend  radius  is  reduced  and  for  a 
given  aspect  ratio  the  relaxation  kinetics  are  enhanced  as  they  depend  on  fibre  length. 


In  both  the  o^SiC-aluainium  alloy  and  ^-AI  O^  aluminium  alloy  systems  there  is  a 
significant  difference  in  the  coefficient  of  dermal  expansion,  a,  between  fibre  and 
matrix,  e.g.  6-AI2O3  01=  6  x  10"^  and  Al,  a  =  23  x  10"^  After  casting,  hot  working 
or  heat-treatment ,  the  cooling  process  down  to  ambient  promotes  internal  stresses  in  the 
composite.  At  temperatures  in  excess  of  200*C  these  are,  in  part,  relaxed  by  matrix 
plastic  deformation  which  can  promote  increased  dislocation  densities.  Humphreys  (17) 
has  demonstrated  that  in  SiCp  reinforced  aluminium  composites  a  dislocation  cell 
structure  is  formed  during  a  fast  cool  or  quench  from  500‘C.  Under  similar  cooling 
conditions  an  Al-Cu-Mg  (2014)  alloy  also  reinforced  with  SiC  particles  was  found  to  have 
dislocation  loops  and  helices.  Nardone  and  Prewo  (20)  and  Taya  and  Arsenault  (21)  have 
demonstrated  that  such  dislocations  do  form  inhomogeneous ly  in  the  matrix,  i.e.  close  to 
the  reinforcement.  It  is  suggested  by  Humphreys  (17)  that  such  dislocations  are  more 
likely  in  an  alloy  matrix  where  higher  friction  stress  would  be  found.  Cooling  below 
200*C  may  promote  further  plastic  deformation  but  now  as  the  matrix  flow  stress  rises  with 
decreasing  temperature  the  ability  to  retain  elastic  stresses  increases.  This  leads  to 
a  situation  where  the  reinforcement  goes  into  compression  and  the  matrix  remains  in 
tension.  The  residual  misfit  can  be  calculated  in  small  volume  fractions  using  Esbelby’s 
theory.  Many  workers,  Mori  and  Tanaka  (22),  Taya  and  Arsenault  (21)  have  sought  to  apply 
this  theory  to  large  volume  fractions  of  particles  or  whiskers.  Withers  et  al  (23)  have 
demonstrated  the  existence  of  these  stresses  in  short  SiC  fibre  reinforced  aluminium 
composites  using  a  neutron  diffraction  technique  to  measure  lattice  parameters  of  matrix 
and  fibre  during  a  heating  and  cooling  cycle,  see  fig.  8.  Differences  may  be  expected 
between  the  mechanical  behaviour  of  a  whiaker  or  short  fibre  composite  at  ambient  and 
that  of  a  composite  containing  more  equiaxed  particles.  For  equiaxed  particles,  the 
residual  stress  is  hydrostatic  whilst  the  pattern  of  such  stresses  in  the  whisker  or 
short  fibre  composite  has  an  anisotropic  shear  component.  In  addition,  large  diameter 
short  fibre  composites  may  have  greater  residual  stresses  when  comparison  is  made  with 
composites  containing  whiskers  of  similar  aspect  ratios  as  the  relaxation  processes  will 
be  more  difficult  to  operate  in  cooling.  This  will  produce  a  higher  compressive  stress 
in  the  as-quenched  composite,  see  fig.  9. 

A  prime  requirement  for  obtaining  reasonable  strength  levels  in  discontinuous 
reinforced  MMCs  is  the  use  of  a  matrix  with  the  ability  to  be  heat-treated.  The  heat- 
treatment  procedure  usually  requires  the  alloy  to  be  quenched  from  a  solution  treatment 
temperature  close  to  500'C.  Such  a  quench  will  significantly  increase  the  dislocation 
density  of  the  matrix,  probably  in  an  inhomogeneous  fashion.  Two  distinct  and  different 
patterns  of  age  hardening  kinetics  results  in  Al-Si-Mg  (6061),  Al-4kCu,  Al-Cu-Mg  (2014 
and  2124)  as  a  result  of  the  presence  of  the  reinforcement,  these  are:- 

(i)  natural  and  low  temperature  artificial  ageing 

(ii)  higher  temperature  artificial  ageing. 


Natural  and  low  temperature  ageing  usually  requires  the  assistance  of  quenched-in 
vacancies  in  order  to  assist  with  the  formation  of  QP  zones  or  intermediate  precipitates 
such  as  0"-CuAl]  in  Al-Cu  alloys.  The  retardation  of  such  precipitation  in  alloys 
reinforced  with  both  particles  or  whiskers  (see  fig.  10b)  can  be  explained  in  terns  of 
the  reduction  of  the  available  vacancy  concentration  produced  by  the  presence  of  the 
reinforcement  (24).  Nucleation  problems  at  lower  ageing  temperatures  can  cause  problems 
for  certain  forms  of  precipitation  usually  produced  at  higher  temperatures,  as  transition 
precipitates  can  assist  with  the  in-situ  nucleation  of  higher  temperature  precipitates 
in  unreinforced  alloys.  The  twin  influences  of  enhanced  dislocation  densities  and 
reduced  vacancy  concentration  promoted  by  the  presence  of  SiCp  or  6-AI2O  short  fibres 
accelerates  the  kinetics  of  formation  of  higher  temperature  precipitates,  e.g.  O'-CuAlp 
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in  Al-4i(Cu,  see  tig.  10a.  Neasureaents  aade  by  DSC,  dilatoaeter  and  observations  by  TEM 
have  shown  the  early  onset  of  6’  precipitation  in  this  alloy  systea  (24,25).  Since  the 
enhanced  dislocation  density  plays  a  key  role  in  assisting  with  the  nucleation  of  6’  (see 
fig.  11),  the  uneven  distribution  of  dislocation  in  the  aatrix  region  can  have  a  aajor 
effect.  Higher  particle  voluae  fractions,  finer  particle  sizes  and  good  particle 
distributions  do  iaprove  the  distribution  and  fineness  of  precipitation.  Adding 
aagnesiua  to  Al-Cu  so  that  coppei — aagnesiua  ratios  approach  2.2:1  proaotes  the  following 
ageing  sequence  of  2124  alloy  with  increasing  teaperature  of  ageing: - 

SSSS  -►  QPB  -►  GPB  +  S*  -►  S'  S  (2) 

The  S’(Al2NgCu)  phase  also  nucleates  on  dislocations  after  ageing  for  short  periods  at 
177*C.  The  higher  dislocations  found  in  the  coaposite  are  punched  froa  threads  of  the  SiC 
whisker  during  cooling  in  order  to  reduce  theraal  induced  residual  stress  (26).  A  nuaber 
of  helical  dislocation  loops  which  possibly  arise  froa  quenched-in  vacancies  also  proaote 
further  precipitation.  The  punching  of  dislocations  at  whisker  ends  does  appear  to 
proaote  even  dislocation  and  S’  phase  distribution  in  the  aatrix.  Siailar  enhanced 
ageing  patterns  were  also  obtained  with  SiCp  reinforced  2124  alloys,  see  fig.  12. 

With  7000  series  (Al-Zn-Hg-Cu)  alloys  difficulties  are  experienced  in  gaining 
aaxiaua  hardening  froa  these  alloys  (27).  Hoaogeneous  precipitation  of  n’Hg2Zn 
precipitation  doea  occur  in  association  with  equilibriua  Ti(Mg2Zn)  at  SiCp/aatrix 
interfaces  (28).  It  is  probably  that  the  aaxiaua  voluae  fraction  of  O’  is  not  foraing 
in  the  aatrix  as  a  possible  reduced  vacancy  concentration  inhibits  the  interaediate 
reaction  and  allows  precipitation  on  the  grain  boundaries  instead. 

Work  on  lithiua-containing  alloys,  e.g.  8090  ( Al-Li-Mg-Cu)  with  fine  SiCp  has  shown 
that  the  kinetics  of  natural  and  artificial  ageing  are  accelerated  by  the  presence  of 
this  kind  of  reinforceaent .  Seasons  for  hardness  plots  rising  to  a  plateau  after  lOh 
natural  ageing  aay  suggest  that  QPB  is  foraing  aore  quickly  in  the  coaposite  than  in  the 
unreinforced  alloy  where  50-100h  is  required.  This  explanation  does  appear  to  be 
contrary  to  that  given  earlier  for  Al-Cu  and  other  alloys  where  reduced  vacancy 
concentrations  are  held  responsible  for  sluggish  OP  zone  foraation  and  aetastable 
precipitation.  At  elevated  teaperaturea ,  e.g.  170  and  190*C  ageing  is  also  quicker  than 
in  the  unreinforced  alloy  (29).  Explanations  of  this  are  again  difficult  as  the  only 
change  appears  to  be  a  finer  distribution  of  6’(AloLi)  precipitate  which  doea  not  usually 
depend  upon  dislocations  to  assist  nucleation.  The  S*(Al2CuHg)  phase  which  does  require 
additional  dislocations  to  allow  nucleation  was  not  discovered  in  significant  amounts 
until  the  reinforced  alloy  had  been  overaged,  e.g.  at  190*C. 

Evidence  has  also  been  found  of  precipitation  at  reinforcement-matrix  interface  of 
equilibrium  phases  under  conditions  of  overageing,  i.e.  e(CuAl-)  in  Al-4BCu  and  T2  phase 
in  8090  ( Al-Li-Cu-Mg)  alloy  (24).  Here  the  interface  is  actibg  as  a  high  angle  grain 
boundary.  Precipitate-free  zones  can  also  result  in  certain  circumstances  when  reaction 
takes  place  between  reinforceaent  and  matrix.  An  example  of  this  has  been  found  where 
magnesium  from  an  Al-Cu-Mg  (2618)  alloy  reacted  with  the  silica-rich  surface  of  6-AI2O3 
short  fibres.  The  local  removal  of  the  aagnesiua  froa  the  aatrix  prevents  the  formation 
of  the  S(Al^oMg)  phase  even  though  dislocations  were  available  to  assist  with  its 
nucleation. 

6.  HBCHARICAL  BBHATIODB  AT  SOON  TBNPBBATOBB 
Youns's  Modulus 

Short  fibres,  whiskers  and  particles  of  high  modulus  ceramics  produce  improvements 
in  the  stiffness  when  added  to  metallic  matrices.  Whiskers  and  short  fibres  when 
preferentially  oriented  within  the  composite  can  promote  enhanced  stiffness  in  the 
direction  of  alignment.  The  modulus  does  not  increase  in  a  linear  fashion  with 
increasing  volume  fraction  of  discontinuous  reinforceaent  as  is  the  case  with  uniaxially 
aligned  continuous  fibres  in  a  metallic  or  polymeric  aatrix,  see  fig.  13.  This  is 
influenced  to  some  degree  by  the  fibre  aspect  ratio  and  the  orientation  of  each  fibre 
relative  to  the  test  direction.  Warner  and  Stobba  (30)  have  measured  the  modulus  of  SiC 
particle  and  whisker  reinforced  2000  series  alloy  produced  by  extrusion  from  blended 
powder.  The  degree  of  alignment  and  aspect  ratios  were  measured  and  tests  carried  out 
on  samples  taken  at  a  number  of  orientations  with  respect  to  the  alignment  of  the 
reinforcement.  Predictions  of  modulus  were  also  made  from  calculations  of  mean  strain 
values  associated  with  reinforceaent  and  matrix  using  methods  devised  by  Eshelby  (31)  for 
high  voluae  fractions  of  elliptical  Inclusion  in  a  metal  aatrix.  Results  and  predictions 
are  in  good  agreement  for  aspect  ratios  between  1  and  5  and  for  volume  fractions  up  to 
30k,  see  fig.  14. 

The  moduli  achieved  in  all  the  aluminium  aatrix  composites  referred  to  in  Table  I 
exceed  those  of  recently  developed  aluminium-lithium  alloys  (8090,  2090  etc.).  However, 
additions  of  silicon  carbide  or  alumina  to  aluminium  alloys  usually  produce  a  small 
increase  in  density.  Values  of  specific  modulus  of  33  OPa  a  Mg-1  are  obtained  with 
reinforced  composites  prepared  froa  2000,  6000  or  7000  series  aatrix  alloys  and  these 
offer  a  small  improvement  over  values  for  aluminium-lithium  alloya  (=31.5  OPa  a  Ng~^ . 
It  has  been  demonstrated  that  silicon  carbide  particles  can  be  introduced  into  lithium- 
containing  alloys  such  as  8090  and  this  produces  specific  modulus  values  closer  to  40  OPa 
a  Mg-1  which  represents  a  60k  improvement  over  unreinforcad  2000  aeries  alloys. 
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Yield  Behaviour 


Proof  strees  values  are  increased  by  the  addition  of  5%  or  aore  whiskers,  short 
fibres  and  particles  to  a  variety  of  aatrix  alloys,  see  Table  I.  There  are  instances 
where  this  property  has  shown  saall  iaproveaents  with  a  variety  of  reinforceaents ,  e.g. 
^-Al20^  short  fibres  in  Al-Mf  or  Al-H(-Cu  alloys  and  SiC  particles  in  certain  Al-Zn-M^ 
alloys.  It  is  usual  that  an  increase  in  proof  stress  takes  place  as  the  voluae  fraction 
increases  froa  5  co  20k  whilst  increases  beyond  25k  reinforceaent  are  aore  aartfinal. 
Larger  iaproveaents  in  strength  are  usually  encouraged  by  saaller  particles  and  by  lower 
strength  alloy  aatrices.  Work  by  Miller  et  al  (11)  has  deaonstrated  that  3^n  particles 
can  increase  the  0.2k  proof  stress  of  an  alloy  by  60-70  MPa  over  a  coaposite  with  23|ia 
diaaeter  particles,  see  fig.  15.  Data  in  Table  1  also  deaonstrates  that  10k  particles 
of  interaediate  size  (-lOpm)  are  capable  of  iaproving  a  lower  strength  6061  alloy  by  60 
MPa  whilat  20k  of  fine  particles  (3  pa)  only  proaote  80  MPa  iaproveaent  in  a  higher 
strength  2124  alloy.  Reasons  for  these  changes  in  yield  or  proof  stress  are  coaplex  and 
relate  to  processing  route,  differential  contraction  between  reinforceaent  and  aatrix, 
interfacial  conditions  as  well  as  particle  and  aatrix  alloy  characteristics.  Such  a 
situation  can  be  siaplified  by  considering  two  aajor  contributions  to  the  yield  stress: - 

(a)  residual  theraal  stresses,  and 

(b)  aatrix  strengthening  effects. 

The  residual  theraal  stresses  arise  froa  the  differential  contraction  and  these  can 
leave  the  aatrix  in  tension  prior  to  applying  external  load,  thereby  reducing  the 
effective  yield  stress.  A  nuaber  of  processes  can  relax  the  aagnitude  of  the  theraal 
stresses  in  the  aatrix,  e.g.  recovery.  This  ability  diainishes  as  the  teaperature  falls, 
particularly  in  higher  strength  alloys.  Foraation  of  certain  types  of  aatrix 
precipitation,  e.g.  O’-CuAIq  in  Al-Cu  alloys  can  proaote  voluae  changes  which  aay  offset 
residual  tensile  stresses  (25).  Matrix  strengthening  processes  rely  on  refineaent  of 
grain  structures,  increased  dislocation  densities,  particularly  if  they  are  evenly 
distributed  between  the  particles  and  fibres,  and  fine  precipitation  which  aay  take  place 
on  dislocations  or  hoaogeneously  within  the  aatrix.  All  of  these  processes  depend  upon 
the  asnufacture  route  and  the  choice  of  particle  size  and  voluae  fraction.  As  shown 
earlier,  the  grain  size  and  dislocation  contents  are  extreaely  dependent  on  these  factors 
(17).  The  influence  of  fibre  or  particle  aspect  ratio  and  fibre  orientation  on  yield 
stress  is  coaplex  and  atteapts  by  Warner  and  Stobbs  (30)  to  resolve  this  situation  using 
the  Eshelby  aodel  has  proved  to  be  only  partially  successful.  Interfacial  bonding 
between  reinforceaent  and  aatrix  aight  also  be  considered  as  being  critical  in  this  area 
in  order  to  ensure  effective  load  transfer.  Results  obtained  by  Warner  and  Stobbs  (13), 
with  clean  and  oxidised  SiCp  in  an  Al-Mg  aatrix,  show  differences  in  elastic  aodulus 
which  can  be  explained  in  teras  of  enhanced  bonding  but  this  does  not  appear  to  influence 
the  yield  stress. 

Work  Hardening 

High  rates  of  work  hardening  has  been  found  to  take  place  in  all  particle,  whisker 
and  short  fibre  reinforced  MMCs  iaaediately  after  yield.  Contributions  do  arise  froa 
load  transfer  to  the  reinforceaent  aost  probably  via  Orowan  dislocation  loops.  Huaphreys 
(16)  has  calculated  the  work  hardening  rate  for  the  particle  case  using  the  Brown  and 
Stobbs  equation  (ref) 


T  =  G'T  Vj.  G  (3) 

(where  T  is  the  aatrix  aean  stress,  0’  the  effective  coaposite  shear  aodulus,  T  is  the 
Eshelby  accoaaodation  factor,  Vf  the  particle  voluae  fraction  and  G  the  strain  on  the 
coaposite).  This  calculation  indicates  a  work  hardening  rate  which  is  close  to  that 
aeasured  iaaediately  after  yield.  At  higher  strain  rates  where  the  work  hardening  rates 
in  aost  coaposites  begin  to  fall  other  aechanisas  aay  becoae  involved,  these  aay  include 
relaxation  of  Orowan  loops  and  the  generation  of  aore  dislocations.  Qao  and  Harris  ^32) 
have  coapared  the  stress-strain  plots  (see  fig.  16)  and  the  work  hardening  rate  in  a 
short  fibre  and  a  particle-reinforced  Al-4kCu  alloy  aatrix  and  this  indicates  a  soaewbat 
higher  and  sustained  rate  of  work  hardening  with  the  fibres  which  have  a  larger  aspect 
ratio.  This  would  iaply  that  wore  effective  stress  transfer  to  the  reinforceaent  takes 
place  and  that  relaxation  does  not  take  place  until  higher  stresses  are  achieved. 

Tensile  Strength 

The  breaking  strength  of  discontinuous  systeas  is  dependent  upon  the  type,  aspect 
ratio,  voluaa  fraction  and  distribution  of  the  reinforceaent,  the  alloy  and  its  heat 
treataent  and  the  fibre  or  part iculate-aatr ix  bond.  If  short  fibres  or  whiskers  are 
aligned  parallel  to  the  loading  direction,  then  their  strength  levels  can  be  represented 
in  teras  of  a  aodified  rule  of  aixtures  equation:- 


(1  -  Ic/a)  Vft  o'  V 
c  r  'mm 

where  is  the  stress  carried  by  the  aatrix  at  failure,  1  is  the  half  length  of  the 
fibre,  and  Ic  is  the  ainiaua  fibre  length  that  will  be  capable  of  carrying  the  fracture 
stress  of  tbs  fibres,  o^  in  the  coaposite,  it  is  given  by:- 
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where  d  ia  the  fibre  dianeter  and  T  is  the  shear  stress  acting  parallel  to  the  fibre 
axis.  When  the  lengths  of  fibres  or  whiskers  are  10  tiaes  d,  then  the  strength  of  the 
coaposite  is  over  90k  of  that  of  a  continuous  fibre-reinforced  aaterial  assuaing  siailar 
fibre  strengths,  etc.  (33).  Atteapts  have  been  aade  to  align  whiskers  and  short  fibres 
without  causing  daaage  during  the  fabrication  stage.  This  has  been  of  liaited  success 
with  short  fibres  which  reaain  randoa  in  the  plane  of  sheet  or  bar  aaterial,  whilst  aore 
alignment  has  been  achieved  with  whiskers  in  extrusion  processes.  Consequently  with 
randoa  reinforcement  it  ia  to  be  expected  that  strength  levels  will  be  reduced  below 
those  given  by  equation  4. 

Strength  values  obtained  with  SiC  whisker  reinforced  alloys  has  usually  been 
superior  to  those  achieved  with  5-AI2O3  short  fibre  coaposites.  Comparison  between  data 
obtained  on  the  two  foras  of  reinforcement  when  fabricated  within  a  6061  alloy  matrix  (T6 
condition)  reveals  a  60k  improvement  in  tensile  strength  for  the  whisker  reinforcement 
above  that  achieved  in  the  short  fibre  coaposite  (34,35).  SiC  whiskers  produce 
significant  iaproveaent  in  tensile  strength  in  virtually  all  aluainiua  alloys  and  in  aany 
cases  this  can  almost  double  the  values  achieved  on  the  corresponding  wrought  aatrix 
alloy.  With  extruded  whisker  materials  differences  in  strengths  are  measured  between 
samples  tested  longitudinal  and  transverse  to  the  extrusion  direction,  e.g.  584  MPa 
compared  with  480  MPa  for  a  20  vol.k  SiC-6061  (T6)  alloy.  Particulate  reinforced  alloys 
again  show  improvement  in  tensile  strengths  over  the  unreinforced  alloys.  Strength 
increases  tend  not  to  be  as  high  as  whisker  reinforcement  particularly  if  there  is  some 
whisker  alignment  through  extrusion  processing.  With  the  stronger  2000  series  alloys  in 
peak  aged  condition  the  improvement  in  strength  is  close  to  25k  as  a  result  of  adding  15- 
20k  of  reinforcing  particles.  Greater  improvements  in  strength  are  achieved  by  reducing 
particle  size  and  here  strength  increases  approaching  10k  can  be  achieved  by  using  3)im 
rather  than  23pm  particles  (11),  see  fig.  15.  It  should  be  noted  that  some  improvement 
in  specific  strength  does  take  place  when  SiC  whiskers  or  particles  are  added  to 
aluminium  alloys,  these  improvements  are  quite  modest  as  the  SiC  raises  the  density  of 
the  composite. 

Elongation  to  failure  values  are  reduced  quite  markedly  by  the  introduction  of 
whiskers  or  fibres  and  values  below  3k  have  been  measured  when  the  reinforcement  levels 
exceed  10k  by  volume  (27).  Composites  with  short  fibres  show  lower  degrees  of  ductility 
than  those  with  whisker  reinforcement.  Significant  improvement  in  this  property  does 
take  place  when  the  aspect  ratio  and  also  the  size  of  the  reinforcement  reduces. 
Elongation  values  approaching  10k  are  achieved  with  composites  using  3pm  diameter 
particles  at  a  volume  fraction  approaching  20k  provided  the  matrix  is  subjected  to  a  T4 
treatment  rather  than  a  peak  age  (11,29).  This  produces  a  composite  with  a  higher 
tensile  strength  and  elongation,  i.e.  =600  MPa  and  8.0k  but  with  a  comparatively  low 
0.2k  proof  stress  of  =400  MPa.  Use  of  a  lower  density  lithium-containing  matrix  alloy 
(8090)  has  obvious  attractions  but  problems  still  exist  with  the  ductility  levels  when 
particles  are  added,  even  when  the  ullcy  is  underaged  (11,29). 

Fracture 


Fracture  strain  in  discontinuous  NMCs  of  all  types  varies  between  0.7  and  10k.  The 
lower  values  result  from  higher  volume  fractions  of  reinforcement  with  large  aspect 
ratios,  strong  reinforcement-matrix  interfacial  bond  strengths,  strong  matrix  alloys  and 
reinforcement  with  small  failure  strains.  Examination  of  fracture  surfaces  reveals 
evidence  of  ductile  failure  of  the  matrix,  failure  at  fibre-matrix  interfaces  and  brittle 
fracture  of  the  reinforcement. 

Low  strain  to  failure  values  have  always  been  found  where  greater  than  10  vol.k  of 
short  fibres  have  been  introduced  into  low  and  high  strength  matrix  alloys.  In  higher 
strength  alloys  (2618  Al-Cu-Mg)  where  a  strong  interfacial  bond  resulted  from  interaction 
between  the  magnesium  in  the  alloy  and  the  silica  near  the  surface  of  6-AI2O3  fibres  the 
strains  to  failure  were  less  than  Ik  and  no  effective  strengthening  of  the  alloy  was 
obtained  (36,37).  Use  of  lower  strength  matrices,  e.g.  Al-4kCu  and  reduced  fibre-matrix 
bond  strengths  did  promote  higher  strains  to  failure  (2.2k)  and  thereby  effective 
strengthening,  see  Table  I.  With  the  stronger  bond,  the  associated  larger  aspect  ratios 
of  the  fibres,  and  the  problems  of  achieving  stress  relaxation  in  the  matrix,  the  applied 
stresses  are  more  efficiently  transferred  from  matrix  to  the  fibres  and  opportunities 
increase  for  the  fibre  to  reach  its  breaking  stress.  If  this  takes  place  at  numerous 
positions  in  the  cross-section,  e.g.  in  the  fibre-rich  area,  the  composite  is  weakened 
and  the  cracks  propagate  from  the  fibres  across  the  strongly  bonded  interface  into  the 
matrix.  In  the  more  weakly  bonded  systems,  e.g.  Al-4kCu,  load  is  not  as  effectively 
transferred  to  the  fibres  and  eventually,  with  increasing  stress,  the  fibre-matrix  bond 
breaks  down  at  the  ends  of  fibres  aligned  in  the  loading  direction  or  at  other  positions 
around  the  fibre  periphery  when  they  are  transverse  to  that  direction. 

Use  of  whisker  reinforcement  has  produced  a  number  of  improvements  in  toughness  when 
cosparison  is  aade  with  the  short  fibre  systems  referred  to  above.  Nevertheless,  Nieh 
et  al  (38)  and  Hasson  et  al  (39)  have  shown  that  whisker  materials  are  still  notch 
sensitive.  Extruded  composites  ^spared  from  20k  by  volume  SiC  in  a  6061  (T6)  alloy 
matrix  give  Krp  values  of  ^23  MPa/m^  in  the  L-T  direction  whilst  a  similar  system  in  the 
form  of  rolled  plate  gives  values  of  6-7  MPa*^  (40).  The  higher  toughness  found  in  the 
ex*-uded  weterial  was  explained  in  terns  of  the  larger  effective  mean  path  between  the 
whiskers  due  to  the  alignment.  Changes  in  the  root  radius  of  the  notch  in  the  test 
samples  also  produced  significant  changes  in  Kjq  values.  The  linear  relationship  between 
crack  opening  displacement  at  crack  initiation  and  the  root  radius  indicated  that 
initiation  was  a  strain-controlled  process. 
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The  role  of  the  whisker-aatr  ix  interface  has  been  shown  to  be  crucial  to  the 
toughness  of  the  Material.  It  has  already  been  deaonstrated  that  the  SiC-Al  interfaces 
contain  saall  oxide  precipitates.  These  precipitates  were  found  to  be  MgO  in  6061  (Al- 
Si-Mg)  alloy,  see  fig.  6.  Nutt  (41)  was  able  to  show  that  interfacial  decohesion  can 
take  place  at  fibre  ends  or  sides  where  a  continuous  oxide  layer  was  present,  initial 
fracture  taking  place  within  the  oxide  layer.  However,  exaaination  of  fracture  aurfaces 
in  a  variety  of  whisker  reinforced  alloys  showed  only  Minor  evidence  of  oxide  induced 
failure  and  a  greater  predoMinance  of  failure  involving  void  nucleation  and  coalescence. 
It  has  also  been  deMonstrated  that  whisker  ends  are  sites  of  intense  plastic  flow  at 
relatively  low  Macroscopic  strains.  TEM  exaMination  showed  that  whiskers  with  flat  ends 
caused  More  intense  plastic  straining  in  the  Matrix  adjacent  to  90*  corners  and  this  leads 
to  void  initiation  in  that  region,  see  fig.  17.  Orowth  of  the  voids  involves  the 
eMission  of  Matrix  dislocations  froM  the  fibre  ends  (42).  As  soon  as  the  voids  nucleate 
at  the  corners  they  tend  to  grow  inwards  towards  the  centre  of  the  whisker  end.  Voids 
approaching  the  whisker  diaaeter  (0.5mm)  are  foraed  and  these  are  surrounded  by  large 
plastic  zones  which  extend  for  several  whisker  dianeters.  As  the  nunber  of  voids  build 
up  at  a  nuaber  of  whisker  ends  then  the  possibility  of  fracture  initiation  within  the 
coHposite  becomes  greater. 

With  particle  reinforceaent  the  controlling  factors  in  fracture  are  aore  coaplex. 
It  is  clear  that  fracture  toughness  decreases  with  increase  in  voluae  fraction  of 
particles  (43),  as  with  whiskers,  etc,  see  fig.  18.  Particle  size  is  also  considered  to 
be  a  major  variable.  Differences  have  been  found  on  composite  fracture  surfaces  where 
saall  particles  (3-10  lai)  are  not  fractured  whilst  larger  particles  20Ma  show  significant 
numbers  of  particle  fractures,  see  fig.  19.  Experiments  by  Floa  and  Arsenault  (43)  on 
components  with  mean  SIC  particle  sizes  in  the  range  2-20 mm  in  an  1100  series  alloy  have 
confirmed  this  situation  and  have  shown  two  diaple  populations;  one  associated  with  the 
Sic  particles  and  the  other  saall  dimples  situated  between.  A  section  through  a  sample 
with  a  partially  propagated  crack  gives  evidence  of  a  series  of  short  cracks  ahead  of  the 
main  crack,  see  fig.  20.  These  short  aicrocracks  appear  to  be  associated  with  clusters 
of  SiCp.  Here,  in  these  matrix  regions,  it  is  maintained  that  a  high  density  of 
dislocations  and  a  tensile  triaxial  state  exist  which  encourages  a  plastic  constraint. 
A  measure  was  also  aade  on  crack  initiation  fracture  toughness  and  crack  growth  fracture 
toughness.  It  was  demonstrated  that  initiation  toughness  was  independent  of  particle 
size  at  constant  volume  fractions  up  to  20Ma  diameter,  but  at  250m>  diameter  a  reduction 
in  toughness  was  measured,  see  fig.  21a.  This  was  explained  in  terns  of  the  high 
probability  of  flaws  existing  in  the  larger  brittle  particles  which  then  permitted 
fracture  at  a  lower  stress  intensity.  Crack  growth  fracture  toughness  cane  from  the 
tearing  modulus  of  a  J-integral  versus  average  size  of  SiCp  plot,  see  fig.  21b.  An 
increase  in  this  tearing  modulus  occurred  with  increasing  particle  size.  Analysis  of  the 
many  factors,  e.g.  crack  deflection,  plastic  zone  size,  void  formation,  failed  to  show 
any  dominant  effect  on  crack  initiation  which  is  the  case  until  particle  fracture  becomes 
more  dominant  at  sizes  :^20Mn.  The  increase  in  crack  growth  toughness  with  particle  size 
is  explained  in  terms  of  increase  in  plastic  deformation  as  inter-particle  spacings 
increase.  Crack  propagation,  it  is  claimed,  follows  a  pattern  of  aicrocrack  formation 
ahead  of  the  main  crack.  The  main  crack  propagates  when  the  aicrocracks  are  joined 
together  by  micro-void  coalescence;  this  explains  the  dimpled  pattern  on  the  fracture 
surface.  The  crack  front  deviates  around  the  saall  SiC  particles.  Miller  et  al  (11) 
have  demonstrated  that  there  are  benefits  to  the  ductility  and  toughness  of  SiC  particle 
reinforced  2124  alloys  by  the  use  of  fine  Spa  particle  sizes  provided  care  is  taken  to 
obtain  good  particle  distributions  in  the  matrix.  Experiments  by  Hunt  et  al  (26)  on  a 
7000  series  alloy  with  SiC  particles  of  lOpa  mean  size  showed  that  particle  clustering 
helped  to  generate  damage  ahead  of  a  blunt  notch.  These  workers  (28)  also  demonstrated 
that  an  underaged  treatment  given  to  the  alloy  did  promote  fractures  in  larger  SiC 
particlea  ahead  of  the  crack  tip;  this  was  not  the  case  with  the  overaged  matrix  alloy. 
There  is  no  definite  evidence  of  SiC-aatrix  cracking  in  well  produced  particulate 
composites  which  does  represent  a  different  pattern  to  that  found  with  fracture  in 
whisker  systems.  The  major  problem  with  fine  particle  systems  is  the  need  for 
controlling  the  manufacturing  systems  so  that  good  particle  distribution  can  be 
guaranteed,  thus  preventing  particle  cluster  and  sites  for  lower  stress  intensity  crack 
initiation. 

6.  MECHANICAL  PROPERTIES  AT  ELEVATED  TEMPERATURES 

It  has  been  demonstrated  that  MMCs  containing  particles,  whiskers  and  short  fibres 
do  show  improvements  in  modulus  and  strength  at  elevated  temperature  over  unreinforced 
alloys  (34,44).  In  the  cane  of  aluminium  alloy  matrices,  composite  strengths  in  excess 
of  200  MPa  can  be  achieved  at  300*C  during  short  periods  of  exposure  at  this  temperature, 
see  Fig.  22.  Comparative  data  for  continuous  fibre  reinforced  systems  is  also  given  on 
Fig.  22.  Invert igations  have  been  made  on  more  extended  tines  at  temperature  and  during 
thermal  cycling  and  this  has  revealed  certain  dimensional  instabilities.  As  the 
temperature  rises,  the  internal  stresses  within  the  composites  begin  to  relax.  At 
temperatures  above  250*C  processes  of  recovery  take  place  more  quickly  and  have  been  shown 
up  by  techniques  such  as  neutron  diffraction  analysis  (23). 

Humphreys  (17)  has  suggested  that  a  transition  in  mechanical  behaviour  takes  place 
in  the  discontinuous  composites  when  tested  at  temperatures  in  the  range  200-300*C.  Below 
the  transition,  high  work  hardening  rates,  high  flow  stresses  and  low  ductilities  are 
found.  Above  the  transition,  the  work  hardening  rate  reduces  and  increased  ductilities 
become  apparent.  Thermally  controlled  diffusional  relaxation  of  stresses  around 
particles  have  been  put  forward  as  the  reason  for  this  transition.  Dislocations 
associated  with  the  particles  begin  to  climb  at  the  elevated  temperature,  so  that  they 
do  not  accumulate  around  the  particles  aa  deformation  takes  place. 
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Silicon  cart>ide  whisker  (Vf  =  20k)  reinforced  2024  alloys  have  been  stress  rupture 
tested  at  200*C  and  300*C.  At  the  higher  teaperatures  these  aaterials  show  that  they  can 
carry  the  saae  applied  stress  for  a  hundred  tiaes  longer  than  the  unreinforced  2024  alloy 
(45).  Creep  tests  were  also  carried  out  on  a  siailar  type  of  coapoaite  aaterial  with 
the  exception  that  the  aatrix  alloy  was  6061.  The  creep  curves  deterained  on  speciaens 
held  at  teaperaturas  in  the  range  232-371*C  had  short  priaary,  long  steady  state  and 
negligible  tertiary  stages  (46).  The  steady  state  creep  rate  with  the  coaposite  is 
significantly  lower  than  that  found  in  the  unreinforced  alloy  and  the  activation  energy 
obtained  froa  the  data  is  three  tiaes  greater  than  the  activation  energy  for  diffusion 
of  aluainiua.  Lilholt  and  Taya  (47)  have  confiraed  that  the  stress  sensitivity  of  such 
coaposites  are  larger  than  those  associated  with  the  aatrix.  Creep  failure  occurs  in  a 
ductile  aanner  with  no  evidence  of  fibre  failure. 

At  teaperatures  in  excess  of  SOO'C  particulate  coaposites  begin  to  show  evidence  of 
grain  boundary  sliding.  Under  certain  conditions,  i.e.  coaposites  with  saall  particles. 
Spa  in  size  and  a  fine  aatrix  grain  size  .^lOpa,  superplastic  deforaation  of  MMCs  becoaes 
possible  (48).  In  the  presence  of  large  particles,  coarse  grains  and  higher  strain  rates 
(48),  lower  ductilities  can  result. 

7.  FATIQUB 

laproveaents  in  fatigue  properties  have  been  shown  (7,49-51)  to  take  place  in  a 
nuaber  of  particle,  whisker  and  short  fibre  coaposites.  Where  the  reinf orceaent  produces 
an  increase  in  tensile  strength  it  is  usually  that  the  fatigue  strength,  as  indicated  by 
stress  aaplitude  versus  nuaber  of  cycle  plots  (S-N)  will  also  be  iaproved,  particularly 
under  low  cycle  conditions.  Where  tensile  strengthening  does  not  take  place,  as  with 
certain  short  fibre  £-41,0]  coaposites,  then  the  fatigue  perforaance  is  below  that  of  the 
unreinforced  alloy  under  low  cycle  conditions,  but  begins  to  approach  it  at  high  cycle 
lives.  With  large  aonotonic  strength  laproveaents  associated  with  whisker  reinforced 
alloys,  then  greater  iaproveaent  in  fatigue  has  been  found.  Work  has  shown  only  a  saall 
increase  in  S-N  curve  behaviour  if  10k  by  voluae  of  lOpa  SiC  particles  are  added  to  6061 
and  2014  alloys,  see  fig.  23.  Much  greater  laproveaents  are  found  with  17  vol.k  of  3pn 
SiC  particles  in  a  2124  aatrix  (T4  condition),  see  fig.  24;  this  shows  an  iaproveaent  of 
-140  MPa  over  the  unreinforced  aaterial  when  tested  in  a  siailar  condition  at  10^  cycles. 
The  tensile  strength  is  raised  by  -200  MPa  as  a  result  of  asking  this  kino  of  particle 
addition. 

Froa  observations  aade  on  fracture  surfaces  and  on  saaples  subjected  to  cyclic 
loading  in  a  four  point  bend  teat  rig,  it  appears  that  in  weakly  bonded  short  fibre 
systeaa,  cracks  initiate  at  either  fibre-aatrix  interfaces  or  at  interfaces  involving 
larger  (25tim)  ceraaic  particles  (shot)  which  are  included  on  a  randoa  basis  froa  the 
fibre  production  route.  The  aultiple  cracks  grow  into  the  aatrix  and  then  coalesce  as 
the  nuaber  of  cycles  increases.  In  the  aore  strongly  bonded  systeas,  the  large  shot 
particles  crack  and  initiate  fatigue  cracks  in  the  aatrix  at  relatively  low  cyclic 
plastic  strains.  The  cracks  then  continue  to  grow  through  fibre  and  aatrix  at  crack 
growth  rates  which  exceed  those  deterained  on  the  unreinforced  aatrix  at  all  values  of 
AK. 


Williaas  and  Fine  (52)  have  carried  out  a  study  of  aicrocrack  initiation  and  growth 
on  silicon  carbide-whisker-reinforced  2124  alloy  under  cyclic  loading  conditions.  Crack 
initiation  occurred  at  the  poles  of  the  SiC  whiskers  after  a  certain  nuaber  of  cycles. 
Propagation  then  proceeded  down  the  fibre-aatrix  interface  provided  that  it  was 
favourably  oriented  to  the  stress  direction.  These  observations  correspond  to  those  aade 
on  static  fracture  test  speciaens.  The  density  of  cracks  increased  quite  rapidly  (to 
10^/a^)  after  a  few  hundred  stress  cycles  in  appropriate  stress-cycle  ranges.  Crack 
lengths  then  increased  with  the  nuaber  of  cycles  while  the  nuaber  of  cracks  dect eased. 
Coaparisons  of  whisker  reinforced  2124  alloy  with  the  unreinforced  aaterial  revealed  that 
the  coaposite  had  crack  growth  rates  that  were  slower  than  those  observed  in  the  alloy. 
It  was  noted  that  the  unreinforced  aaterial  was  able  to  sustain  cracks  which  were  SOOpa 
long  at  peak  cycle  stress  close  to  its  yield  stress  whilst  the  coaposite  could  only 
aaintain  a  crack  of  30^a  length  at  a  stress  which  was  60k  of  its  yield  stress. 
Iaproveaent  in  long  crack  growth  resistance  occurred  at  low  AK  values  and  when  the  crack 
was  propagating  noraal  to  the  fibres  aligned  by  the  extrusion  process  during  fabrication. 
At  high  AK  values,  the  crack  growth  rates  in  the  coaposite  exceeded  those  in  the  aatrix, 
thus  supporting  the  f racture-toughness  observations. 


Crack  initiation  studies  on  fine  SiCp  (3^a)  reinforced  alloys  have  been  carried  out 

(53) .  It  has  been  observed  that  cracks  did  not  begin  to  propagate  until  after  the 
speciaen  had  received  a  large  nuaber  of  cycles  at  high  stress  levels.  The  cracks  were 
found  to  initiate  in  very  discrete  regions  where  particle  clustering  was  found,  see  fig. 
25.  Within  the  particle  clusters  evidence  of  aatrix  voidage  was  found  and  it  was  froa 
such  a  region  that  a  crack  began  eventually  to  grow  into  the  aatrix.  Shang  and  Ritchie 

(54)  have  deterained  fatigue  crack  growth  rates  on  a  coaposite  containing  IS  vol.k  of 
16pa  SiCp.  This  showed  poorer  crack  growth  resistance  at  low  AK  values  than  the 
unreinforced  alloy,  iaproveaent  at  interaediate  AK  and,  at  high  AK,  the  pattern  reverted 
back  in  favour  of  the  unreinforced  alloy.  Evidence  was  found  of  SiC  particle  cracking 
ahead  of  the  aain  crack  growth  front  when  high  AK  values  were  iaposed.  The  particles 
which  had  cracked  were  not  aligned  with  the  aain  crack  and  therefore  crack  ligaaents  were 
foraed  which  required  linking  for  further  propagaticr  of  the  aain  crack.  This  pioaoted 
slower  effective  crack  growth  rates  at  given  AK.  Further  work  (55)  on  the  effect  of 
particle  size  on  crack  propagation  rates  has  shown  that  fine  particles  (5;a)  give  an 
inferior  perforaance  closer  to  threshold  than  coarse  particles  (16^a)  when  the  load  ratio 
H  =  K^I^Kgiji^is  0.1.  At  interaediate  and  high  AK  values  there  is  little  difference  between 
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coarse  and  fine  particle  reinforced  7000  series  alloys.  Raising  R  to  0.75  does  prosote 
a  significant  change  in  the  order  of  these  plots  near  threshold.  Now  the  fine  particle 
cosposites  have  the  superior  results  and  are  sore  able  to  resist  crack  growth  propagation 
at  low  AK  values.  This  is  explained  in  teras  of  crack  closure  effects  whereby  the  coarse 
particles  becose  exposed  on  the  fracture  surface  and  thereby  produce  changes  in  K^in* 
these  circuBstances  the  crack  tip  is  shielded  fros  the  full  range  of  tH  and  crack  growth 
slows  down.  Fine  particles  do  not  prosote  the  sase  levels  of  closure  and  the  cracks 
continue  to  grow  sore  quickly.  At  higher  values  of  R  closure  is  not  influential  and 
therefore  crack  propagation  with  the  coarse  particle  systes  is  faster. 

Overall  fatigue  behaviour  of  MMCs  appears  to  be  controlled  by  particle  sizes.  The 
presence  of  larger  25pB  particles  in  the  6-Alp03  cosposites  was  a  key  feature  in 
initiating  cracks  either  by  particle  cracking  with  a  strong  interfacial  bond  or  by 
interface  debonding  with  a  weak  bond.  In  coarse  particulate  composites  the  possibility 
of  particle  cracking  resains,  particularly  if  the  particle  sizes  are  >20pa.  With  fine 
particles  clustering  becoses  more  of  a  problem  and  initiation  takes  place  within  such 
arrangesents .  Crack  propagation  is  also  influenced  by  particle  size  but  in  this  case 
coarse  particles  may  be  more  influential  in  that  they  cause  closure  problems  and 
consequentially  greater  crack  propagation  resistance  results,  particularly  at  low  AK 
values.  At  intermediate  and  high  AK  values  particle  sizes  do  not  influence  crack  growth. 
The  presence  of  the  particles  at  high  AK  values  does  reduce  crack  growth  resistance  when 
da/dN  vs.  AK  plots  are  compared  with  the  unreinforced  alloy  equivalents.  This  might  be 
expected  with  the  kind  of  fracture  toughness  behaviour  of  these  composites  which  has  been 
described  earlier. 

8.  THKBMAL  PROPBKTIBS 

With  the  majority  of  ceramic  fibre  or  particle  reinforced  materials  there  is  a 
significant  difference  in  thermal  expansion  coefficient  between  reinforcement  and 
aluminium  alloys.  It  has  already  been  indicated  earlier  that  A-AI2O3  short  fibres  have 
one  quarter  of  the  expansion  coefficient  of  aluminium  whilst  the  difference  is  greater 
in  the  case  of  a-SiC  (3.8  x  10~^/K)  and  aluminium  (23  x  10~vK).  The  resultant  coefficient 
for  the  composite  depends  upon  the  volume  fraction  of  the  reinforcement  and  in  the  case 
of  short  fibres  or  whiskers  any  alignment  patterns  will  also  influence  the  values.  Fig. 
28  demonstrates  the  change  in  the  value  of  the  coefficient  in  the  temperature  range  0- 
170*C  which  has  taken  place  by  the  addition  of  20k  S-AI2O3  short  fibres  to  an  Al-4kCu 
alloy.  The  fibres  here  are  arranged  randomly  in  the  plane  and  measurements  were  made 
parallel  to  that  plane.  Dinwoodie  et  al  (34)  have  demonstrated  in  a  similar  system  that 
the  value  of  the  coefficient  begins  to  change  in  a  linear  manner  with  increasing  fibre 
volume  fraction  but  as  increases  above  12k  the  change  occurs  at  a  slower  rate.  It  is 
also  to  be  noted  that  processes  such  as  precipitation  of  a  second  phase,  recovery  or 
other  stress  relieving  processes  in  the  matrix  may  influence  the  expansion 
characteristics  of  the  composite.  Several  workers  (56,57)  have  noted  a  large  enhanced 
creep  deformation  during  thermal  cycling  SiC  particulate  and  whisker  reinforced  aluminium 
under  load.  This  cycle  behaviour  occurs  without  early  void  nucleation  and  fracture  and 
also  without  changing  the  dislocation  substructure  from  cycle  to  cycle.  It  is  concluded 
by  Pickard  and  Derby  (57)  that  a  mechanism  must  exist  which  allows  recovery  of  the 
dislocations  which  have  been  generated  during  straining. 

The  introduction  of  discontinuous  ceramic  reinforcement  into  metal  matrix  reduced 
it  thermal  conductivity.  The  amount  of  the  reduction  depends  on  the  volume  fraction 
shape  and  distribution  of  the  reinforcement.  Taya  (58)  has  attempted  to  model  this  and 
other  physical  properties  associated  with  short  fibres  with  some  success.  The  model  is 
based  upon  Bshelby’s  model  for  elastic  behaviour. 

9.  CORBOSION  BBHAVIOOR 

A  limited  number  of  corrosion  studies  (59-61)  have  been  carried  out  on  fibre  and 
particulate-reinforced  aluminium  alloys.  The  level  and  type  of  corrosion  attack  in 
chloride  solutions  depends  on  type  of  reinforcement,  the  presence  of  reinforcement-matrix 
interfaces  and  the  type  of  alloy  and  its  heat-treated  condition  when  the  reinforcement 
is  a  noble  phase,  e.g.  SiC,  then  the  level  of  attack  is  increased  (59).  Regions  where 
SiC  particles  are  clustered  do  enhance  the  level  of  attack  and  there  is  also  evidence  of 
attach  at  particle-matrix  interfaces  in  certain  alloy  systems.  Much  remains  to  be  done 
before  an  accurate  assessment  can  be  made  of  the  influences  of  alloy  type,  processing  and 
heat-treatment  on  corrosion  properties. 

10.  SUMMARY 

Although  work  has  been  carried  out  on  discontinuous  metal  matrix  composites  for  the 
past  ten  years  or  more,  effective  understanding  of  their  behaviour  has  become  apparent 
only  in  the  past  two  to  three  years.  In  reviewing  the  work  which  has  been  carried  out 
on  a  range  of  reinforcements  (short  fibres,  whiskers  and  particles),  it  is  now  possible 
to  show  some  of  the  influences  of  reinforcement  size  and  shape  on  a  range  of  mechanical 
properties.  Because  a  degree  of  randomness  is  introduced  into  short  fibre  and  whisker 
reinforced  materials  then  enhanced  directional  mechanical  properties  are  difficult  to 
realise.  Such  reinforcements  also  can  initiate  fracture  at  lower  strains  and  smaller 
levels  of  ductility  than  is  the  case  with  more  equiaxed  particles.  This  deleterious 
behaviour  is  controlled  in  part  by  the  nature  of  the  interfaces  between  reinforcement  and 
matrix.  Recent  work  with  small  particle  reinforcements  ( ~3|tB  diameter)  has  provided  some 
encouraging  results;  this  does  depend  on  their  effective  dispersion  in  the  matrix.  When 
more  even  distribution  does  occur  then  higher  ductility  levels,  better  toughness  and 
improved  resistance  to  fatigue  crack  initiation  may  result. 
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Much  of  the  effort  on  these  HNCs  has  turned  around  a  ran^e  of  oluainiuii  alloys. 
Frequent  use  has  been  aade  of  2000,  6000  and  7000  alloy  aatrices  to  produce  higher 
■odulus  and  strength  results.  Unfortunately,  the  use  of  SiC  particles  or  whiskers  in 
these  alloys  does  increase  the  density  of  the  resultant  coaposites.  Atteapts  to  use  a 
lithiua-containing  alloy  are  considered  to  be  iaportant  froa  a  weight  reduction 
viewpoint.  It  is  then  possible  to  produce  significant  iaproveaents  in  the  specific 
properties  of  MMCs  if  these  alloys  are  eaployed.  Magneciua  and  titaniua  aatrix  alloys 
could  benefit  froa  the  introduction  of  a  suitable  fora  of  reinforceaent .  However, 
significant  progress  in  these  areas  is  being  held  up  by  the  need  for  a  aore  corrosion- 
reaistant  aagnesiua  alloy  and  the  developaent  of  an  effective  way  of  preventing  daaaging 
reactions  between  titaniua  and  aost  foraa  of  reinforceaent. 
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Fig.  1 .  Variation  in 
X-ray  peak  intensity  wltn 
time  at  different  levels  of 
superheat  for  a  stir  cast 
201<t-20  vol.  %  SiCp  composite 
(after  Ref.  8) . 


•  A3S<  -  1S%  Sle 


COOLINO 

RATE 


Fig.  2.  Relationship  between 
as-solidified  cell  size  for 
a  stir  cast  A356  alloy  with 
and  without  the  addition  of 
15%  SiC  particles  and  the 
cooling  rate  applied  to  the 
casting  (after  Ref.  8). 


CELL  SIZE  (urn) 


Fig.  3.  Micros true ture  of 
an  *356  alloy  with  15  vol.  % 
SlCp  produced  by  stir  casting 
and  subseouently  cooled  at  a 
rate  of  1° C/s.  Note  the 
uneven  dispersion  of  SiCp 
(after  Ref.  8) . 


Fig.  4.  Spray  forming  of  metal  matrix 
composite  (after  Ref.  3). 


Fig.  6.  End-on  view  of  SIC  whiskers  In 
2124  A1  alloy  showing  oxide  particles 
clustering  along  the  Interface  (after 
Ref.  41). 
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Volume  fraction 

Fig.  7-  Predicted  recrystallised  grain  size 
as  a  function  of  particle  size  and  volume 
fraction.  Recrystal llsatlon  will  not  prob¬ 
ably  occur  In  the  dotted  regions  (after  Ref.  17). 


Fig.  5.  Processing  route  for  metal  matrix 
composite  using  powder  metallurgy  technology 
(after  Ref.  11). 


TEMPERA1URE.'’C 

Fig.  8.  Mean  longitudinal  strain  values  obtained 
on  an  (a)  aluminium  matrix,  and  (b)  silicon 
carbide  whisker  reinforcement  during  a  heating 
and  cooling  cycle  (after  Ref.  23). 
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).  Compressive  and  tensile  yield  stress 
6-Al  0  reinforced  Al-A%Cu  alloy  after 
il  (Tsj'^and  artificial  ageing  (T6). 


Fig.  11.  TEM  micrographs  of  an  Al-4.3%  matrix  alloy  (a)  without  reinforce 
ment  and  (b)  reinforced  with  10%  SlCp.  Sample  (a)  has  mainly  0" 
precipitation  and  sample  (b)  0'  precipitation  although  both  samples  were 
aged  for  19h  at  195°C  (after  Ref.  24). 


8090-SiC  WC 


0 

'V  0-^  2124  SHEET 

^  2124-SlC  MMC 


B09C  SHEET  IMSTRETOED 


A6EIN6  rnc.  (  hours  ) 

Fig.  12.  0.2%  proof  stro.ss  value.i  obtained  on  2124  (Al-Cu-Mg)  and  8090  (Al-t.i 
Cu-Mg)  alloy  in  .sheet  form  both  with  and  without  20%  SiCp  reinforcement  (after 
Ref.  29). 
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Vf 


Fig.  13.  Young's  modulus  values,  E,  determined  on 
aluminium  alloys  reinforced  with  5-Al.O.  and  (»-SlCp; 
comparisons  are  made  with  plots  obtained  from  Rule 
of  Mixtures  equation  which  assume  equal  strain  In 
matrix  and  reinforcement  (after  Ref.  36). 


Fig.  14.  Elastic  modulus  values  predicted  for  diff¬ 
erent  aspect  ratios  of  1 ,  3  and  5  for  volume 
fractions  of  30%  (highest  plot) ,  15%  (middle  plot) 
and  5%  (lowest  plot)  of  SIC  reinforcements  at 
different  misorlentation  angles  (after  Ref.  30). 


Fig.  15.  The  effect  of  SlCp  size  on  the  proof  stress  and  tensile  strength  of 
a  series  of  composites  each  containing  20%  by  volume  of  reinforcement  (after 
Ref.  11). 


Pig.  16.  The  shape  of  stress-strain  plots  for  (a)  an  Al-3.5%Cu  alloy  with  and  without  20%  by  vol.  of 
6-A1^0^  short  fibres  and  (b)  2124  alloy  with  and  without  20  wt.%  SIC  (-17  vol.%)  particles. 
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Fig.  17-  Void  nucleation  at  whisker  end  near 
fracture  surface  in  tensile  fracture  specimen  of 
an  artificially  aged  6061  Al-Si  Cw  composite 
(after  Ref.  A1 ) . 
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Sic  VOLUME  FRACTION,  % 


Fig.  19.  Fracture  surface  of  (a)  3.2|jun  and  (b) 


Fig.  18.  Fracture  toughness  as  a  function  of  SiC 
volume  fraction  for  a  SiCp/Al  composite  (after 
Ref.  A3). 


20pro  average  particle  size  SiC/Al  composite  (after  Ref  43) 
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Fig.  20.  Cross-section  showing  crack  tip  region 
in  a  20pm  SlCp/Al  composite  (after  Ref.  43). 
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Fig.  PI,  (a)  Crack  InitivatJon  fracture  teug^nen.n  of  SiCp/Al  componite:?  plotted  voraus  SiCp  particle 
size;  (b)  Crack  growth  fracture  t^ughnc.aa  of  oiCp/Al  componltes,  plotted  as  tearing  modulus  versus 
particle  size  (after  Ref.  AT). 


Fig.  25.  Crack  initiation  and  propagation  In 
a  2124  edloy  with  17  vol.%  SlCp  (T4  condition). 
The  average  particle  size  Is  ipa  diaaeter. 


•  Z124+20wtZSlC'  (T4) 

•  Z1Z4  A1  Alloy  (T4) 


Number  of  Cycles  N 


Fig.  24.  S-N  plots  for  2124  alloy  with  and  without 
20  wt.%  (17  vol.%)  SlCp  in  the  T4  condition.  The 
average  particle  size  is  3pa  dianeter. 


4-21 


o  10* 


Ikii'in 

3  4  5  ^0 


-=  ^  r 


2  3  4  5  10 

(C )  STRESS  INTENSITY  RANGE.  (MPt-m''*) 


AK  (kti-in'^) 


ds 

Fig.  26.  Fatigue  crack  growth  rates  /dN  plotted 
against  AK  for  15%  by  vol.  SlCp/7000  series  A1 
alloy.  The  particle  average  size  is  16pm  (after 
Ref.  5A). 


d^ 

Fig.  27.  Fatigue  crack  growth  rates  /dN 
plotted  against  AK  for  SiCp/7000  series  alloys. 
Fine  and  coarse  SlCp  have  an  average  diameter 
of  5pm  and  16pm  respectively  (after  Ref.  55). 


Fig.  28.  Volume  changes  which  take  place  in  an 
Al-A%Cu  alloy  with  and  without  6-AlpO-  short  fibre 
reinforcement.  The  alloy  and  composite  have  been 
heated  to  170®C  and  allowed  to  age  for  lOOh  and 
then  they  are  cooled. 
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Abstract 

The  historic  development  of  aluminum  powder  metallurgy  dates  back 
to  the  early  1900's  with  initial  flake  powder  production  and  has 
matured  to  the  present  day  production  of  viable  aerospace  alloys. 
Primary  powder  production  and  processing  techniques,  such  as 
atomization  and  mechanical  alloying  are  reviewed.  Processing- 
microstructure-property  relationships  in  four  classes  of  high 
performance  powder  metallurgy  (PH)  aluminum  alloys  are  considered. 
These  are  (i)  high  strength  alloys  (Al-Zn-Mg-Cu-Co ) ;  (ii)  high 
specific  modulus  alloys  (Al-Li-Cu);  (iii)  high  temperature  alloys 
(Al-Fe-Co,  Al-Fe-Ni);  (iv)  mechanically  alloyed  material  (Al-Mg)  and 
composite  alloys.  Direct  property  comparisons  with  counterpart  ingot 
metallurgy  alloys  are  presented  where  ever  appropriate.  Aluminum 
powder  metallurgy  alloy  development  is  now  at  a  mature  stage  of 
growth  where  commercial  and  aerospace  application  are  being  sought 
and  developed  in  competition  with  traditional  aluminum  ingot 
metallurgy,  titanium,  and  composite  structures.  The  future  growth  and 
development  of  these  alloy  systems  is  vested  in  reliable  economic 
processing  and  design  reliability. 

I.  Introduction 

A.  Historic  Development  of  Aluminum  Powder-Metallurgy  Alloys 

Over  one  hundred  years  ago.  Hall  and  Heroult  independently 
discovered  a  process  to  produce  aluminum  by  electrolysis.  This 
refining  technology  opened  the  door  for  economical  production  of  the 
light  metal  and  initiated  a  search  for  new  applications.  Use  of 
aluminum  as  powders  began  when  flake-type  aluminum  powder  was 
manufactured  in  the  early  1900s  by  milling  or  attriting  thin  sheets 
into  tiny  flakes  used  as  an  additive  pigment  in  paint  formulations. 
Introduction  of  the  atomization  process  in  the  1920s  provided  for  a 
more  efficient  production  process  and  marked  a  new  era  in  aluminum- 
powder  production.  This  process,  coupled  with  the  beginning  of  World 
War  II  and  the  development  of  aluminized  explosives,  created  a  major 
market  for  atomized  aluminum  powder .  Subsequently,  atomized  aluminum 
powder  has  found  commercial  applications  in  diverse  commercial  and 
defense-related  areas  of  technology.  A  partial  listing  includes 
pigments  for  paints  and  roofing,  commercial  blasting  materials, 
reducing  agents  for  the  manufacture  of  metals  and  alloys,  phar¬ 
maceuticals,  alumiweld  conductors,  cellular  concrete,  pyrotechnics, 
chemicals,  and  rocket  propellants.  Furthermore,  the  commercial 
viability  of  low-cost  pressed  and  sintered  aluminum  powder-metallurgy 
parts  emerged  in  the  i960s,  resulting  in  a  further  expansion  of  the 
powder-metal  market  into  near-net  shape  components.  The  chronological 
development  of  dispersion  and  precipitation  powder-metallurgy  alloys 
is  charted  in  Tables  I  and  II.  Table  I  can  be  divided  into  three 
classes:  high  temperature,  low  density,  and  high  modulus  alloys, 
which  can  include  powder-metallurgy  aluminum  metal  matrix  composites. 
In  contrast,  the  precipitation-strengthened  PM  alloys  (Table  II)  can 
be  conveniently  categorized  by  conventional  wrought-alloy  designa¬ 
tions;  e.g.,  2000,  7000  series.  Exception  however,  is  noted  for  the 
pressed  and  sintered  alloys,  which  are  designated  by  201,  601,  and 
so  on . 

Considering  dispersion  alloys  during  the  1940s  and  1950s,  aluminum 
powders  were  investigated  for  use  in  high-temperature  applications. 
Sintered  aluminum  products  (SAP)  or  (XAP)  utilized  AljOj  dispersions 
to  improve  the  high-temperature  strength  and  creep  response  of  parts 
consolidated  from  milled  aluminum  powder  11-4).  Shortly  after  this 
period,  experimental  work  (5-7|  on  atomized  aluminum  powders 
containing  high-solute  contents  was  initiated  and  provided  the 
genesis  of  research  which  has  evolved  into  development  of  the  current 
aluminum  PM  alloys.  These  alloys  utilized  the  benefits  derived  from 
rapid  solidification,  which  include  alloying  flexibility,  increased 
solid-solubility  limits,  fine-scale  microstructures,  and  composition¬ 
al  homogeneity. 


From  early  research  efforts  emerged  several  types  of  alloy  systems 
which  can  be  classified  into  dispersion-strengthened  alloys, 
precipitation-strengthened  alloys,  and  hybrid  systems;  e.g., 
mechanically  alloyed  or  composite-reinforced  systems.  The  disper¬ 
sion-strengthened  aluminum  PM  alloys  contain  fine  dispersions  of 
relatively  insoluble  intermetallic  phases.  These  alloys  have  good 
elevated-tempe rature  strength,  thermal  stability,  wear  resistance, 
and  they  exhibit  a  high  elastic  modulus.  An  example  of  this  type  of 
alloy  system  is  the  Al-Fe-X  alloys  where  X  represents  a  variety  of 
elements  which  form  a  high  volume  fraction  (typically  ranging  from 
5  to  40%  of  intermetallic  aluminide  phases  in  an  aluminum  matrix). 
In  addition,  Al-Li  and  Al-Li-Be  alloys  for  lower-density  and  blended 
powder-metallurgy  composites;  e.g.,  2000  series  with  Sic  whiskers  and 
particulate  reinforcement,  for  greater  stiffness  are  currently  being 
explored  as  of  the  later  1980's.  Given  the  advantages  of  rapid 
solidification  and  the  flexibility  inherent  in  blending  different 
powders,  an  opportunity  exists  to  develop  novel  alloys  with  tailored 
or  designed  physical  and  mechanical  properties  for  a  wide  variety  of 
high-performance  applications. 

A  second  major  alloy  class  (see  Table  II)  developed  along  the  lines 
of  traditional  heat-treatable  2XXX  and  7XXX  ingot-metallurgy  composi¬ 
tions.  In  this  sector,  ■ apid  solidification  resulted  in  the  ability 
to  produce  a  fine  grain  size  and  refined  constituent  microstructure 
in  powders.  After  consolidation,  subsequent  PM  alloys  have  demon¬ 
strated  combinations  of  strength,  fracture  toughness,  fatigue 
resistance,  and  corrosion  resistance  superior  to  ingot  alloys.  Alloys 
7064,  7090,  and  7091  have  been  introduced  in  the  l&80s  and  are 
examples  of  advanced  PM  materials  which  are  developed  for  commercial 
aerospace  applications. 

Techniques  for  processing  powder  metallurgy  alloys  have  also 
evolved.  Rapidly  solidified  particulate,  in  the  form  of  powder, 
ribbon,  or  attrited  flake,  must  be  consolidated  to  full  density  to 
maximize  mechaniCciZ.  properties.  Processing  procedures  must,  there¬ 
fore,  be  carefully  designed  to  maintain  the  refined  structure  and  to 
obtain  the  benefits  inherent  in  powder  alloys.  Advances  in  powder 
processing  such  as  vacuum  degassing,  consolidation,  hot  isostatic 
pressing,  direct  spray  deposition,  extrusion,  forging,  and  rolling 
have  aided  the  development  of  aluminum  powder-metallurgy  alloys  for 
structural  applications.  To  this  end,  rapidly  solidified  particulate 
produced  by  atomization,  mechanical  alloying,  or  attriting  melt  spun 
ribbon  has  been  consolidated  to  full  density  with  excellent  mechani¬ 
cal  properties.  Additional  information  on  the  development  of  aluminum 
powder  metallurgy  alloys  and  processing  techniques  is  contained  in 
reviews  by  Jones  [8],  Pickens  (9),  Palmer  and  Tietz  [10],  Singer 
[11],  and  Froes  et  al.,  [12]. 

B.  Development  of  Rapid-Solidification  Concepts 

Since  the  1950s,  rapid  solidification  of  aluminum  alloys  was  based 
on  gas-atomization  techniques.  This  processing  technique  allowed 
researchers  to  explore  formation  of  aluminum-base  alloys  containing 
high  nonequilibrium  levels  of  a  wide  variety  of  solute  elements. 
Since  the  early  work  of  Roberts  [7],  Towner  [5],  and  Towner  and  Lyle 
[6],  greater  understanding  of  the  effect  of  cooling  rate  on  refine¬ 
ment  of  dendrite  arm  spacing  (DAS)  has  evolved. 

Based  on  the  work  of  Spear  and  Gardner  [13],  Dean  and  Spear  [14], 
and  Flemings  [15],  a  linear  relationship  between  dendrite  arm  spacing 
and  cooling  rate  was  established  from  measurements  on  Al-Cu  alloy 
castings,  atomized  powder,  and  a  splat-cooled  sample.  Subsequent 
research  by  Hatyja  et  al .  ,  [16]  confirmed  extrapolation  between  DAS 
and  cooling  rate  to  cooling  rates  of  over  lO'  K/sec.  Using  Al-Fe  and 
Al-Si  splat-quenching  techniques  pioneered  by  Pol  Duwez  [17].  The 
general  relationship  between  cell  size  and  cooling  rate  is  il¬ 
lustrated  in  Figure  1.  The  graph  shows  that  rapid  solidification 
inherent  in  atomization  and  melt  spinning  can  refine  the  cell  size 
by  over  two  orders  of  magnitude  compared  to  direct-chill  (DC)  cast 
ingot.  Today,  we  know  from  the  work  of  many  researchers,  which  has 
been  summarized  by  Mehrabian  [18],  that  a  mi crost rue tu ra 1  charac¬ 
teristic  such  as  dendrite  arm  spacing  is  a  function  of  the  liquid- 
solid  interface  velocity,  which  is  controlled  by  variables;  e.g.,  the 
amount  of  undercooling  developed  before  nucleation,  the  rate  of  heat 
flow,  as  well  as  thermodynamic  and  kinetic  factors  which  are 
dependent  upon  the  alloy  system  considered.  Figure  1  is,  however, 
useful  in  that  it  provides  a  perspective  on  the  ability  of  rapid- 
solidification  process  such  as  atomization,  melt  spinning,  planar 
flow  casting,  and  splat  quenching  to  refine  the  mi c r os t r uc tu re  of  an 
alloy.  A  wide  variety  of  rapid -sol  id i f i ca t i on  processes  have  been 
applied  to  aluminum  alloys  [19],  These  include  gas  atomization, 
centrifugal  atomization,  rotating  cup,  rotating  electrode  process, 
plasma  rotating  electrode  process,  single  and  double  roll  quenching, 
ultrasonic  gas  atomization,  the  Osprey  process,  and  soluble  gas 
atomization  process. 


In  addition  to  refinement  of  the  dendrite  arm  sparing,  extension 
of  solid  solubility  is  of  Importance  in  maximizing  the  volume 
fraction  of  second  phases  which  can  be  precipitated  from  an  extended 
solid  solution.  Table  III  lists  the  maximum  extended  solid  solubility 
reported  by  various  investigators.  Following  production  of  alloy 
powders,  secondary  processes;  i.e.,  mechanical  alloying  combining 
carbide  or  oxide  reinforcement,  provide  opportunities  for  high 
temperature  strength  and  modulus  improvements.  The  refinement  of 
microstructure  via  rapid  solidification  and  the  extension  of  solid 
solubility  are  important  physical  features  of  the  process.  The 
resulting  benefits;  i.e.,  the  mechanical-property  improvement  versus 
weight  saving,  demonstrate  the  future  utility  of  aluminum  powder- 
metallurgy  alloys  in  aerospace  applications.  Figure  2.  For  example, 
a  30“  ir  rease  in  strength  or  a  50%  increase  in  elastic  modulus  in 
a  PM  alloy  or  composite  can  translate  into  a  10%  savings  in  weight 
in  aerospace  applications.  This  goal  for  weight  savings  is  equivalent 
to  that  of  Al-Li  ingot  alloys. 

C.  Advantages  and  Barriers  to  Aluminum  Powder-Metallurgy  Alloys 

The  ability  to  achieve  a  refined  microstructure  combined  with 
economical  powder-processing  techniques  creates  the  potential  for 
aluminum  PM  alloys  to  be  applied  where  high  strength  and  stiffness, 
elevated-temperature  performance,  corrosion,  or  wear  resistance  are 
required.  In  addition,  powder  metallurgy  alloys  can  offer  combina¬ 
tions  of  mechanical  (strength,  modulus,  fracture  toughness)  and 
physical  properties;  e.g.,  thermal  and  electrical  conductivity, 
tailored  coefficients  of  thermal  expansion,  density,  which  are 
superior  to  cast  alloys' .  The  benefits  of  rapid  solidification  are 
highlighted  in  Table  IV.  Advances  in  PM  aluminum  have  been  achieved 
in  the  areas  of  alloy  design,  atomization,  and  consolidation 
processes.  The  future  challenges  involve  the  development  of  even 
greater  levels  of  properties  coupled  with  reliability  and  reproduc¬ 
ibility  in  powder  properties  and  processing,  so  that  design  con¬ 
fidence  and  cost-  effective  applications  can  be  developed  in  commer¬ 
cial  and  defense  sectors.  Significant  achievements  in  weight  savings 
are  possible  as  illustrated  in  Figure  2,  when  strength,  modulus,  and 
fatigue  improvements  are  developed  in  aluminum  powder-metallurgy 
alloys.  Barriers  to  the  future  development  of  aluminum  PM  alloys 
include  the  necessary  processing  quality  control  and  reliability  of 
design  properties  required  for  structural  applications  coupled  with 
a  required  cost  reduction  necessary  for  wider  acceptance  in  commer¬ 
cial  automotive  and  aerospace  applications.  Initial  commercial 
applications  in  four  areas  include:  (1)  high  strength  alloys  for 
aircraft  structural  components,  (2)  wear  resistant  a.'oys  and 
composites  for  automotive  engines  and  appliances,  (3)  high  modulus 
composite  alloys  for  stiffness,  and  (4)  high  temperature  alloys  for 
airframe  and  engine  applications. 

Although  aluminum  PM  alloys  offer  significant  potential  in  terms 
of  mechanical  properties,  there  are  several  barriers  which  limit 
their  application  and  acceptance  in  the  marketplace.  These  are  listed 
as  barriers  to  growth  in  Table  IV.  As  with  most  new  materials,  the 
cost  of  substitution  is  usually  a  major  hurdle.  In  addition,  the  cost 
effectiveness  must  be  clearly  established  in  the  total  product  life 

cycle.  Excluding  pressed  and  sintered  parts,  the  cost  of  wrought  PM 
aluminum  alloys  ate  greater  than  alloys  produced  from  ingot  metal¬ 
lurgy  because  of  the  additional  processing  steps  as  shown  in  Figure 
3.  As  of  the  late  1980s,  estimates  indicate  that  PM  alloys  will  cost 
1.5-5  times  as  much  as  ingot  alloys.  Therefore,  applications  for  PM 
alloys  will  initially  be  limited  to  components  where  superior 
performance  and  effective  materials  utilization  justifies  their  use. 
It  is  expected,  however,  that  the  cost  of  PM  alloys  should  be  reduced 
as  the  volume  of  powder-metallurgy  components  increases.  This  is 
because  the  capital  cost  in  terms  of  equipment  will  be  spread  over 
a  larger  quantity  of  material  produced.  In  addition,  producers  of 
rapidly  solidified  components  will  seek  mote  efficient  methods  to 
produce  atomized  powders  and  attrited  melt  spun  ribbons  for  con¬ 
solidated  components. 

The  growth  of  PM  alloys  has  also  been  constrained  by  the  size  and 
availability  of  billets  which  can  be  processed  into  wrought  products. 
In  the  1970s  and  1980s,  applications  were  limited  to  forgings, 
extruded  shapes  and  sheet  products  which  could  be  fabricated  from 
billets  of  less  than  160  kg.  As  of  the  late  1980s,  a  number  of 
material  producers  (including  Alcoa,  Allied,  Kaiser,  Novamet,  and 
Pratt  &  Whitney)  are  in  the  process  of  increasing  the  size  of  the 
consolidated  billet  up  to  550  kg  (20-21),  which  will  also  be  a  step 
to  reduce  the  cost  as  well  as  increase  the  availability  of  advanced 
powde r-me tal lu rgy  materials. 


Quality  is  another  issue  which  must  be  addressed.  Mechanical 
properties  such  as  fracture  toughness  and  fatigue  are  extremely 
sensitive  to  the  size,  number,  and  distribution  of  inclusions.  At 
least  part  of  the  improvement  of  PM  alloys  in  these  areas  can  be 
attributed  to  a  refined  microstructure  which  results  in  intrinsic 
metallurgical  benefits  compared  to  ingot-metallurgy  alloys.  However, 
care  must  be  taken  during  processing  of  the  powders  to  avoid 
contamination  by  particles  which  could  degrade  inclusion-sensitive 
mechanical  properties. 

Another  factor  that  may  be  important  to  the  growth  of  higher-cost 
materials  is  a  greater  attention  to  the  life-cycle  cost  of  a 
component.  For  example,  over  the  20-year  life  of  an  aerospace 
component,  the  cost  of  a  PH  part  may  be  lower  due  to  savings  in  fuel 
because  of  lower  weight.  Reduced  frequency  of  inspection  as  well  as 
fewer  maintenance  or  part-replacement  requirements  for  fatigue  or 
corrosion  damage  are  also  factors  in  evaluating  life-cycle  costs. 
Consideration  of  these  factors  will  aid  acceptance  of  wrought  powder 
metallurgy  as  cost  effective  structural  materials.  There  is, 
therefore  a  need  for  joint  effort  combining  the  skills  of  design  and 
materials  engineers  to  clearly  assess  performance-cost-life  cycle 
trade-offs  and  to  determine  future  directions  of  powder  processed 
aluminum  alloys  for  commercial,  defense,  and  aerospace  markets. 

II.  Precipitation-  and  Solid-Strengthened  Powder-Metallurgy  Alloys 

A.  7000  Series  PM  Alloys 

1.  Exploratory  Investigations 

High-strength  7XXX  PM  alloys  are  strengthened  by  precipitates; 
e.g.,  Guinier-Preston  Zones,  composed  of  elements  such  as  Zn,  Mg,  and 
Cu  which  are  soluble  in  aluminum.  These  alloys  offer  combinations  of 
strength  and  damage  tolerance  as  determined  by  fracture-toughness, 
fatigue,  crack  propagation,  and  corrosion-resistance  evaluations, 
which  are  superior  to  their  ingot-metallurgy  counterparts.  Atomized 
powder  compositions  in  the  7XXX  series  ( Al-Zn-Mg-Cu )  were  among  the 
earliest  systems  to  be  explored.  In  the  1950s  and  1960s,  a  number  of 
researchers  were  active  in  investigating  combinations  of  Zn,  Mg,  and 
Cu  for  high  strength  with  a  variety  of  dispersoid  forming  elements 
to  control  recrystallization  and  maintain  a  fine  grain  size.  Initial 
efforts  were  directed  at  achieving  high  strength  levels.  For  example, 
Roberts  (22)  obtained  yield  strengths  as  high  as  810  MPa.  Towner  and 
Lyle  (231  and  Haar  and  Lyle  (24)  produced  Al-Zn-Hg-Cu  extrusions  with 
yield  strengths  of  858  MPa.  Unfortunately,  the  ductility  of  ex¬ 
trusions  at  these  strength  levels  was  low,  typically  less  than  1% 
elongation.  From  this  early  work,  there  were  indications  that  high- 
strength  alloys  made  by  powder  metallurgy  had  corrosion-resistance 
and  fatigue-endurance  limits  which  were  superior  to  ingot-metallurgy 
alloys'.  Subsequent  work  by  Cebulak  and  Truax  (25)  demonstrated  that 
good  combinations  of  strength  (654  MPa),  elongation  (8%),  exfoliation 
resistance  (immune),  fatigue  limit  (207  MPa),  and  fracture  toughness 
(21  MPa-m“ )  were  obtainable  in  7XXX  PM  alloys. 

2.  Process  Development  of  Al-Zn-Mg-Cu  Alloys 

During  the  1960s  and  1970s,  processing  of  powder-metallurgy  alloys 
advanced  specifically  in  the  understanding  of  powder  handling  prior 
to  consolidation.  Cebulak  (26]  and  Roberts  (27)  independently 
reported  that  vacuum  degassing  greatly  improves  toughness  in  high- 
strength  PM  alloys.  Figure  4  from  Lyle  and  Cebulak  (28)  illustrates 
improvements  in  the  ratio  of  notch  tensile  strength  to  yield  strength 
for  a  die-forged  Al-8.0%  Zn-2,lt-  Hg-1.0%  Cu-1.5%  Co  alloy  obtained 
by  vacuum  degassing  compared  to  forgings  fabricated  from  billets 
which  were  heated  in  argon.  Discovery  of  the  benefit  of  vacuum 
degassing  was  a  significant  step  following  a  series  of  powder- 
metallurgy  processing  patents  (29)  discussing  the  importance  of 
heating  the  powder  in  a  flowing  protective  atmosphere  in  order  to 
degas  the  powders.  Later  in  the  1970s  and  1980s,  degassing  procedures 
became  more  sophisticated  by  incorporating  a  depurative  gas  treatment 
(30)  progressive  evacuation  cycles  (31),  and  vacuum  hot  compaction 
without  a  canister  (32,33).  The  nature  of  complex  decomposition 
processes  of  the  aluminum  hydroxides  during  degassing  has  also  been 
investigated  (34-36). 

In  addition,  effort  has  beer,  directed  at  scaling  up  the  powder 
billet  size  to  allow  fabrication  of  plate  and  sheet  products  combined 
with  cost  reduction.  One  of  the  first  efforts  to  scale  up  billet  size 
was  conducted  by  Cebulak  (37).  In  that  program,  billets  weighing  1500 
kg  composed  of  a  high-strength  Al-Zn-Hg-Cu  PM  alloy  were  produced 
which  were  subsequently  rolled  into  plate.  More  recently,  Billman  and 
Jatkar  (21)  developed  processing  techniques  to  produce  550  kg  billets 
for  both  hea t - t rea table  and  dispersion-strengthened  PM  alloys.  In 


addition  to  producing  large  billets  which  could  be  rolled  to  sheet 
gage,  alternative  powder-to-sheet  techniques  have  been  examined.  For 
example,  Daugherty  [38]  discusr^ed  a  method  where  by  plus  200  mesh 
aluminum  powers  are  fed  continuously  into  a  hot  rolling  mill  to  yield 
sheet.  More  recently,  Ro  [391  examined  the  concept  of  blending 
Al-Zn-Mg-Cu  alloy  powders  with  Al  powders  to  develop  a  low-cost 
method  to  produce  high-strength  7XXX  sheet. 

3.  Commercial  and  Second  Generation  7XXX  Alloys 

The  decade  of  the  1980s  has  been  a  milestone  in  the  development  of 
commercial  high-strength  alloys.  In  1980,  the  Aluminum  Company  of 
America  (Alcoa)  registered  powder-metallurgy  alloys  7090  and  7091  and 
Kaiser  Aluminum  and  Chemical  Corporation  (Kaiser)  registered  X7064 
in  1985.  The  compositions  of  these  alloys  are  listed  in  Table  V. 
Comparison  of  the  compositions  between  7091  and  X7064  shows  these 
alloys  contain  similar  amounts  of  Zn,  Mg,  and  Cu  but  have  different 
dispersoid-forming  elements.  As  shown  in  Table  VI,  properties  of 
X7064-TX73  and  7091-T7E69  are  similar  and  offer  higher  strength, 
fracture  toughness,  and  resistance  to  stress  corrosion  cracking 
compared  to  ingot-metallurgy  7075-T73. 

The  compositions  of  two  other  7XXX  alloys,  CW67  (developed  by 
Alcoa)  and  PM61  (a  Kaiser  developed  composition),  are  also  listed  in 
Table  V.  Ping  [40]  reported  that  PM61  was  developed  for  peak- 
strength  T6  applications  with  yield  strengths  of  752  MPa  and  has  been 
evaluated  for  seat  tracks  in  aircraft.  Research  at  Alcoa  by  Hildeman 
et  al.,  [41],  was  directed  at  achieving  high  strengths  similar  to 
7090's  and  a  fracture  toughness  equivalent  to  7091's  in  the  T7 
stress-corrosion-resistant  temper.  Figures  5  and  6  illustrate  that 
the  second-generation  alloys;  i.e.,  CW67,  X7090,  and  X7091  has  met 
the  desired  goals  by  demonstrating  the  highest  combination  of 
strength  and  toughness  in  a  commercial  die  forging. 

Fatigue  properties  are  vital  to  many  aerospace  applications.  Alcoa 
studies  reported  by  Hart  [42]  demonstrated  that  S-N  fatigue  resis¬ 
tance  of  powder-metallurgy  alloys  7090  and  7091  was  superior  to  that 
of  7075  and  2024.  Evaluation  of  fatigue  response  addressed  three 
major  areas:  S-N  fatigue  resistance,  fatigue  crack  growth  (da/dN) 
versus  K,  and  spectrum  fatigue  response.  Early  studies  in  the 
1970's  showed  constant  amplitude  fatigue  crack  growth  (FCG)  rates  of 
the  PM  allows  were  greater  than  conventional  alloys'.  Subsequent 
studies  [43-45]  have  shown  that  although  constant-amplitude  FCG  rates 
of  PM  alloys  may  be  higher  than  those  of  ingot  alloys,  under  spectrum 
fatigue  conditions  simulating  actual  load  conditions,  crack  growth 
rates  of  powder-me' allurgy  alloys  can  be  lower  than  growth  rates  of 
ingot  alloys.  It  is,  therefore  important  to  conduct  screening  tests 
for  fatigue  which  simulate  the  load  and  notch-stress  fatigue 
conditions  that  are  expected  in  the  actual  application. 

B.  2000  Series  PH  Alloys 

Powder  metallurgy  alloys  containing  Cu  and  Mg  as  the  major  alloy 
additions  fall  into  the  2XXX  alloy-composition  classification.  As  in 
the  case -of  7000  series  compositions,  2000  series  PM  alloys  exhibit 
improved  combinations  of  strength  and  toughness  compared  to  ingot 
metallurgy  alloys  which  have  moderately  high  strengths  (typically  300 
to  450  MPa  yield  strength)  with  good  damage  tolerant  properties, 
including  fatigue  and  corrosion  resistance. 

While  most  of  the  effort  since  the  1950s  in  heat-treatable  alloys 
has  been  directed  at  7XXX  compositions,  a  number  of  investigators 
have  examined  application  of  powder  metallurgy  processing  to  Al-Cu-Hg 
compositions.  Roberts  [22],  and  later  Lebo  and  Towner  and  Lyle  [6], 
Grant  [47]  and  Voss  [31]  examined  alloy  2024.  Compared  to  alloy  2024, 
a  gain  in  tensile  strength  and  fatigue  life  of  PH  2024  fabricated 
from  the  splat  quenched  droplets  was  obtained  by  Lebo  and  Grant. 
However,  to  maximize  the  benefit  that  powder-metallurgy  processing 
can  provide,  alternative  compositions  and  process  techniques  appear 
to  be  necessary. 

Addition  of  Zr  in  order  to  form  stable  dispersoids  was  one  route 
pursued  by  Kaiser  and  Alcoa/Lockheed.  Table  VII  includes  two  2024 
powder-metallurgy  alloys:  PM63  under  development  by  Kaiser  [48]  and 
PM042  developed  by  Alcoa  [49,50].  Both  of  these  alloys  contain  levels 
of  Zr  which  are  close  to  or  exceed  the  solid-state  solubility  limit 
of  0.28%  Zr  in  aluminum.  These  additions  of  Zr  exceed  that  which  is 
possible  for  ingot  metallurgy  and  results  in  a  fine  grain  size  PM 
alloy  with  excellent  combinations  of  strength  and  toughness.  Figure 
7  demonstrates  that  powder-metallurgy  variations  of  2000  secies 
alloys  containing  Zr  as  a  dispersoid  result  in  superior  combinations 
of  strength  and  fracture  toughness  compared  to  conventional  2XXX 
alloys . 


Another  route  to  improve  2000  series  alloys  by  powder  metallurgy 
processing  is  by  mechanical  alloying.  Using  the  process  technology 
developed  by  Benjamin  and  Bamford  (51]  for  Al-Al^O,,  Novamet  has 
developed  alloy  IN9021,  which  has  a  composition  listed  in  Table  VII 
to  be  similar  to  2024  except  for  the  oxygen  and  carbon  contents, 
which  are  a  result  of  the  process.  These  alloys  are  produced  by 
attriting  mixtures  of  Al ,  Cu,  and  Mg  powders  with  organic  additives 
which  control  welding  and  fracturing  during  milling.  During  this 
process,  fine  dispersions  of  oxides  and  carbides  ate  formed  from  the 
reaction  of  the  organic  additives  with  the  milled  powder.  After 
consolidation  and  heat  treatment,  the  alloy  is  strengthened  by 
precipitates  and  a  fine  grain  size  typically  less  than  0.5  urn.  As 
shown  in  Table  VIII,  IN9021-T4  forgings  [20,52]  exhibit  greater 
strength,  toughness,  and  stress  corrosion  cracking  resistance 
compared  to  2024-T4's. 

C.  Pressed  and  Sintered  PM 

An  economical  processing  method  to  produce  aluminum  PM  parts  is  by 
pressing  loose  powders  in  a  die  and  sintering  the  compact  in  a  low 
dew  point  atmosphere.  Early  research  [53,54]  demonstrated  the 
feasibility  of  producing  specimens  with  tensile  strengths  of  275  MPa 
for  Al-Cu  sintered  compacts.  Subsequent  work  by  Storchheim  [55]  and 
Dudas  and  Dean  [56]  have  made  pressed  and  sintered  aluminum  PM  a 
commercial  success.  There  are  primarily  two  types  of  alloys  which  are 
extensively  utilized  for  pressed  and  sintered  PM.  Alloy  201AB 
contains  4.4%  Cu,  0.8%  Si,  and  0.4%  Mg,  while  601AB  contains  0.25% 
Cu,  O.CT  Si,  and  1.0%  Mg.  Both  alloys  offer  combinations  of  strength, 
ductility,  and  finishing  characteristics  to  provide  a  low-cost 
alternative  for  replacement  of  die-cast  or  machined  parts. 

D.  5000  Series  PM  Alloys 

In  the  1960s,  only  a  limited  amount  of  research  on  Al-Mg  alloys  was 
reported.  Towner  and  Lyle  [6]  explored  aluminum  atomized  Al-Mg  powder 
alloys  in  extruded  form.  Roberts  [46]  evaluated  the  mechanical 
properties  of  cast  and  powder  extrusions  of  alloy  5083.  A  twofold 
increase  in  yield  strength  was  obtained  for  the  PM  alloy  compared  to 
the  cast  alloy.  In  a  comparison  of  5005  sheet  with  roll-compacted 
5005  particles,  Daugherty  [38]  also  demonstrated  increases  in 
strength  for  the  powder-metallurgy  alloy,  which  was  considerably  more 
resistant  than  conventional  alloys  to  recrystallization. 

In  the  early  1980s,  International  Nickel  Company  (INCO)  developed 
a  mechanically  alloyed  Al-4%  Mg  designated  IN9051  [57].  This  alloy 
utilized  a  combination  of  strengthening  mechanisms  including  solid- 
solution  strengthening  from  Mg,  substructure  strengthening  from  a 
fine  grain  size  of  less  than  0.5  urn  and  dispersion  strengthening  from 
oxides  and  carbides.  Alloy  IN9051  was  subsequently  replaced  by  IN9052 
(Table  VII),  which  has  an  equivalent  level  of  Mg  but  contains  a 
higher  dispersoid  content.  As  shown  in  Table  VIII,  IN9052  alloy 
forgings  [52]  1984)  exhibit  excellent  combinations  of  strength, 
toughness,  and  SCC  resistance  compared  to  ingot-metallurgy  alloy 
5083. 

E.  Low  Density  Aluminum  Alloys 

Based  upon  a  calculated  rule  of  mixtures  [58,59]  additions  of  Li, 
Mg,  or  Be  to  aluminum  have  a  significant  effect  on  reducing  density. 
Lithium  is  the  most  potent  since  every  1  wt  %  addition  reduces  the 
density  of  aluminum  by  3%  coupled  with  a  modulus  improvement. 
Additions  of  almost  6  and  7  wt  %  of  Mg  and  Be,  respectively,  are 
required  to  reach  equivalent  density  reductions.  Since  the  maximum 
solid-solubility  limits  of  Li,  Mg,  and  Be  are  4.0,  18.9,  and  0.063 
wt  %,  respectively,  density  reductions  are  limited  to  approximately 
12%  for  Li,  8%  for  Mg,  and  0.03%  for  Be  solely  based  upon  solid 
solubility  considerations.  It  is,  therefore,  clear  that  powder 
metallurgy  processing  offers  alternatives  in  providing  the  ability 
to  reduce  density  through  supersaturation  of  alloy  additions  beyond 
the  equilibrium  solid  solubility  limits  and  increase  strength  via 
dispersion  strengthening  from  fine  second  phase  particles  produced 
by  rapid  sol idi f i cat  ions . 

In  the  1950s  and  early  1960s,  Lyle  et  al.,  [40]  and  Towner  and  Lyle 
[6,46]  explored  Al-Li  and  Al-Be  atomized  powder  alloys.  Since  these 
elements  simultaneously  increase  the  elastic  modulus  while  decreasing 
density,  they  are  attractive  additions  for  alloys  which  require  high 
stiffness  which  is  controlled  by  the  ratio  of  modulus  to  density. 
Unfortunately,  the  reactivity  of  Li  and  Be  as  well  as  the  toxicity 
of  Be  have  hindered  development  of  low-density  alloys  containing 
these  elements. 
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Driven  by  the  economics  of  aircraft  operational  costs  (such  as  the 
increases  in  the  cost  of  fuel  in  the  late  1970s  and  early  1980s 
[62]),  development  of  aluminum  alloys  containing  lithium  was 
initiated.  While  most  of  the  efforts  by  the  major  aluminum  companies 
focused  on  Al-Li  compositions  such  as  2090,  2091,  and  8091  (Table 
IX),  which  could  be  formed  into  cast  and  wrought  products  a  number 
of  studies  utilized  the  potential  powder  metallurgy  advantages  of  a 
fine  homogeneous  microstructure  to  improve  the  low  ductility  and 
fracture  toughness  associated  with  alloy  2020,  an  Al-Cu-Li  alloy 
developed  by  Alcoa  in  the  1950s.  Initial  research  on  PM  Al-Li  alloys 
investigated  compositions  similar  to  2024  with  additions  of  Li. 
Sanicaran  and  Grant  [63]  showed  that  additions  of  1  to  3%  Li  increased 
the  specific  strength  of  2024. 

Additional  studies  by  Gysler  et  al.,  [64]  compared  the  properties 
of  PH  and  IM  versions  of  2020.  In  1981,  Palmer  and  Tietz  [10] 
reviewed  the  properties  of  PM  and  IM  alloys  which  were  being 
investigated  at  that  time.  They  concluded  that  powder-metallurgy 
Al-Li  alloys  exhibited  better  combinations  of  specific  strength  and 
elongation  compared  to  ingot  metallurgy  alloys.  Subsequent  studies 
[65]  have  shown  that  similar  combinations  of  strength  and  elongation 
were  obtained  for  PM  and  IM  Al-3%  Li-l.5%  Cu-1.0%  Mg-0.15%  to  0.2% 
Zr  alloys. 

It  is,  therefore,  apparent  that  if  the  mechanical  properties  of 
low-density  PM  alloys  are  to  greatly  exceed  those  of  ingot  metallur¬ 
gy  compositions,  alloy  developers  will  need  to  focus  on  chemistries 
which  provide  weight  savings  greater  than  the  8-10%  offered  by  IM 
alloys  such  as  2090,  2091,  or  8091  (Table  IX).  A  comparison  of  a 
spray-deposited  Al-Li  alloy;  e.g.,  8090,  versus  the  cast  and  wrought 
counterparts.  Table  X  depicts  the  improvement  in  strength  and 
ductility.  A  number  of  companies  are  exploring  Al-Li  PM  alloys  in 
order  to  take  advantage  of  higher  specific  modulus;  e.g..  Allied, 
Alcan,  Lockheed,  and  INCO  (Novamet),  Table  X. 

III.  Dispersion  Strengthened  Powder  Metallurgy  Alloys 

A.  Elevated  Temperature  Alloys — Pioneering  Studies 

The  concept  of  using  aluminum  alloys  for  elevated-temperature 
applications  dates  back  to  the  late  1940s,  when  oxide-dispersion- 
strengthened  aluminum  was  developed.  At  that  time  in  Switzerland, 
Irmann  discovered  that  sintered  aluminum  had  mechanical  properties 
similar  to  those  of  aluminum  alloys;  he  attributed  this  enhancement 
in  strength  to  the  presence  of  oxide  films  surrounding  the  individual 
powder  particles  in  the  sintered  matrix.  On  subsequent  cold  compac¬ 
tion  and  hot-working,  the  oxide  was  broken  up  and  distributed  as 
small  dispersoids,  thereby  giving  rise  to  strengthening  of  the 
aluminum  matrix.  These  materials  are  known  as  the  sintered  aluminum 
products  ( SAP ) . 

Subsequently  in  the  United  States,  Alcoa  developed  a  range  of  oxide 
dispersion-strengthened  aluminum  materials  similar  to  SAP  or  XAP.  The 
first  detailed  study  of  these  SAP-type  materials  in  the  United  States 
was  conducted  by  Lyle  [3],  who  investigated  SAP-type  alloys  contain¬ 
ing  7.8-16.5%  oxide  by  weight.  It  was  found  that  these  materials  had 
moderate  room-temperature  strength,  compared  to  2000  series  aluminum 
alloys.  However,  SAP  alloys  were  stronger  than  ingot-metallurgy 
alloys  at  temperatures  above  iOO^C  and  had  the  ability  to  retain 
strength  after  prolonged  exposure  at  temperatures  as  high  as  482°C. 
Moreover,  strength  decreased  with  increasing  temperature  at  a  lower 
rate  than  for  conventional  aluminum  alloys  with  comparable  room 
temperature  strength. 

The  pioneering  work  on  SAP-type  alloys  lead  to  the  development  of 
other  types  of  dispersion  strengthened  aluminum  alloys  based  on  rapid 
solidification  in  which  interraetallic  compounds  generally  5-40%  by 
volume  constituted  the  dispersed  phase.  These  fine  dispersoid 
reinforcements,  typically  less  than  0.5  microns,  are  formed  in  situ 
during  atomization  of  the  alloy  melt.  Such  powders  are  termed 
prealloyed  powders  and  are  subsequently  compacted  and  hot  con¬ 
solidated  to  produce  a  wrought  alloy. 

Roberts  [7]  and  Towner  and  Lyle  [5,6]  independently  studied  several 
alloys  in  which  the  dispersoid  was  an  interraetallic.  The  rationale 
for  selecting  the  alloying  elements  was  to  achieve  a  fine  dispersion 
of  an  insoluble  constituent  in  the  aluminum  matrix.  Hence,  alloying 
elements  such  as  Fe,  Cr,  and  other  transition  elements  having  low 
solid  solubilities,  high  liquid  solubilities,  and  low  diffusion  rates 
in  solid  aluminum.  In  addition,  many  of  the  transition  elements  form 
thermally  stable  interraetallic  compounds  of  relatively  low  density, 
so  that  appreciable  amounts  of  alloying  elements  may  be  added  without 
a  prohibitive  increase  in  the  density  of  the  final  alloy. 


Towner  and  Lyle  [6,23]  found  that  binary  Al-Fe  alloys  containing 
7.5  wt  %,  10  wt  %,  and  12.8  wt  %  Fe  gave  the  highest  tensile 
strengths  at  315°C  and  427°C.  More  complex  alloys  of  composition  7.8 
wt  %  Fe  and  0.2  wt  %  each  of  Cr,  Ti,  V,  and  Zr,  and  a  quaternary 
alloy  of  aluminum  with  2.5  wt  %  Fe,  0.4  wt  %  Cr,  and  3.4  wt  %  V  also 
gave  excellent  high-temperature  strength  up  to  temperatures  of  427°C. 
The  complex  alloy  of  aluminum  containing  7.8  wt  %  Fe  and  0.2  wt  % 
each  of  Cr,  Ti ,  V,  and  Zr  had  the  best  stress  rupture  properties. 

These  alloys  exhibited  high-temperature  strength  due  to  microstruc- 
tural  stability  at  elevated  temperatures  relative  to  precipitation 
thermodynamically  stable  and  resistant  to  coarsening  which  is  a 
strengthened  alloys.  This  is  because  aluminides  are  relatively 
thermodynamically  stable  and  resistant  to  coarsening,  which  is  a 
consequence  of  the  extremely  low  equilibrium  solid  solubilities  and 
small  diffusion  rates  of  the  alloying  elements  in  the  aluminum 
matrix.  To  achieve  sufficient  strength  at  ambient  and  elevated 
temperatures,  it  is  necessary  to  have  a  high  volume  fraction  of  the 
dispersoids  on  a  fine  scale  that  ate  uniformly  distributed  throughout 
the  matrix.  This  can  only  be  achieved  by  resorting  to  rapid  solidifi¬ 
cation  and  PM  processing.  It  is  impossible  to  produce  these  alloys 
by  conventional  ingot  solidification  since  attendant  slower  cooling 
cates  result  in  considerable  macrosegregation.  In  addition,  the 
intermetallic  dispersoids  formed  at  cooling  rates  of  one  degree  per 
second  in  ingots  are  relatively  coarse  and  would  not  make  a  sig¬ 
nificant  strength  contribution. 

In  addition  to  research  directed  at  exploring  alloy  compositions, 
Microstructural  transitions  in  rapidly  solidified  binary  alloys  of 
Al  with  Fe,  Ni,  Cr,  Mn,  Co,  Ti,  and  V  were  studied  by  Jones  [66] 
among  others.  It  was  observed  that  metallographically ,  two  types  of 
distinct  zones  were  present,  they  were  designated  zone  A  and  zone  B. 
Zone  A  consisted  of  a  very  fine  dendritic  or  cellular  aluminum 
structure  and  was  optically  featureless.  The  microhardness  of  this 
zone  was  approximately  twice  that  of  zone  B  and  did  not  change 
significantly  with  annealing  up  to  temperatures  of  200°C,  after  which 
it  decreased.  Zone  B  consisted  of  a  much  coarser  structure.  The 
transition  from  the  zone-A  to  the  zone-B  structure  was  explained  in 
terms  of  the  cooling  rates  experienced  by  the  two  regions. 

The  microstructural  stability  of  strengthening  dispersoids  is  a 
very  important  criterion  in  the  selection  of  a  new  class  of  aluminum 
alloys  for  high-temperature  applications.  Pontikakos  and  Jones  [67) 
studied  the  coarsening  behavior  of  intermetallics  in  several 
Al-transition  metal  alloys  produced  by  rapid  solidification.  Al-Fe, 
Al-Ni,  and  Al-Cr  alloys  were  heat  treated  at  SOO'C  to  625°C  for  time 
periods  up  to  1,000  hrs  and  the  size  and  distribution  of  the  cor¬ 
responding  dispersoids  were  analyzed  with  respect  to  current 
particle-coarsening  theories.  At  lower  temperatures,  coarsening  was 
enhanced  due  to  residence  of  the  dispersoids  on  the  grain  boundaries. 
The  observed  increases  in  the  average  particle  size  of  FeAl,  were 
found  to  be  in  good  agreement  with  predictions  based  on  grain 
boundary  diffusion  control  at  SOO’C,  and  lattice  diffusion  control 
at  600'’C.  The  highest  resistance  to  coarsening  was  exhibited  by  CrAl, 
at  500®C  while  FeAl,  was  more  resistant  than  NiAl,  for  all  conditions. 

As  a  result  of  these  preliminary  investigations,  Al-8  wt  %  Fe  was 
considered  an  excellent  host  binary  candidate  system.  There  were 
further  developments  during  the  late  1970s.  In  that  time  period, 
significant  research  efforts  sponsored  by  the  Air  Force  as  well  as 
companies;  e.g.,  Alcoa,  Alcan,  Allied,  Sumitomo  Light  Metals, 
Pechiney,  Pratt  s  Whitney,  Lockheed,  and  Kaiser,  spawned  the 
development  of  alloy  systems  such  as  in  Al-Fe-Ci,  Al-Fe-V,  Al-Fe-Ni, 
and  Al-Fe-Mo  ternaries  as  well  as  quaternary  variants  of  these 
systems  which  exceeded  the  mechanical  properties  of  2000  series  ingot 
alloys.  The  objective  of  thesi  programs  was  to  determine  optimum 
production  processes  and  alloy  compositions  for  dispersion-strength¬ 
ened  alloys.  Major  factors  include  powder-solidification  rate,  powder 
cleanliness,  oxygen  content,  outgassing  conditions,  (time,  tempera¬ 
ture),  and  powder-consolidation  conditions;  e.g.,  extrusion  tempera¬ 
ture  and  reduction  ratio.  Each  of  these  factors  can  contribute  or 
detract  from  mechanical  properties  by  altering  the  second-phase 
aluminide  size,  effecting  bonding  between  powder  particles  and 
modification  of  microstructural  texture. 

An  example  of  the  advantage  of  a  dispersion-strengthened  alloy 
which  evolved  from  these  studies  is  shown  in  Figure  7.  The  yield 
strength  of  Al-Fe-Ce  PM  alloy  (68)  is  plotted  against  typical 
properties  of  2219,  2024,  and  7178.  It  is  apparent  that  at  tempera¬ 
tures  above  150°C,  the  dispersion-strengthened  PM  alloy  exhibits 
better  strength.  In  addition,  tlie  room-temperature  properties  of  the 
dispersion-strengthened  Al-Fe-Ce  alloy  are  retained  after  exposure 
to  elevated  temperatures  whereas  conventional  precipitation  strength¬ 
ened  alloys  will  lose  much  of  their  strength  after  exposure  to 
elevated  temperatures.  In  addition  to  the  Al-Fe-Ce  alloy  by  Alcoa, 
several  other  alloys  were  under  development;  e.g.,  Al-Fe-Ho  by  Pratt 
&  Whitney,  Al-Fe-V-Si  by  Allied  Signal,  and  Al-Cr-Mn-Zr  by  Alcan. 
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B.  Elevated-Temperature  Alloys- Development  Efforts 

Based  on  the  earlier  composition  and  powder  processing  studies,  the 
development  of  high  temperature  aluminum  alloys  narrowed  and  matured 
to  a  number  of  candidate  alloy  systems:  Al-Fe-Ce,  Al-Fe-Ho-V, 
Al-Fe-Zr-V,  Al-Fe-V-Si,  and  Al-Cr-2r-Mn.  Table  XI  compares  strength 
elongation  and  modulus  for  the  Al-8Fe,  Al-8Fe-4Ce,  Al-8Fe-2Mo,  and 
two  Allied  alloys  and  an  Alcan  high-temperature  alloy.  Alternative 
approaches  for  production  of  rapidly  solidified  alloys  consider 
atomization,  splat  quench  and  rotating  disc  techniques.  The  eventual 
successful  alloy  system  must  combine  high  performance  with  cost- 
effective  processing.  In  each  of  these  alloy  systems,  the  ability  of 
the  dispersoids  and  intermetallic  compounds  to  achieve  a  uniform  and 
fine  intermetallic  particle  distribution  is  essential  for  the  high 
temperature  strength  of  the  candidate  systems.  Consequently,  the 
development  of  a  low  angle  grain  boundary  structure  that  is  pinned 
by  fine  dispersions  can  provide  enhanced  elevated  temperature 
stability.  As  of  the  late  1980s,  dispersion  strengthened  aluminum 
PM  alloys  are  being  examined  for  use  in  aircraft  and  jet  engines  as 
a  replacement  for  2000  series  aluminum  or  titanium  alloys.  Rainen  and 
EItvall  (701  determined  that  Al-Fe-Ce  and  Al-Fe-V-Si  sheet  show 
potential  for  significant  weight  and  cost  savings.  Figure  9  plots  the 
mechanical  properties  of  Al-7.lFe-6.0Ce  (Alcoa  designation  C242)  and 
Allied's  Al-8Fe-lV-2Si ;  e.g.,  FVS0812,  on  a  specific  property  basis 
as  a  function  of  test  temperature  and  exposure.  In  addition,  if  a 
comparison  is  made  of  retained  strength  of  the  aforementioned  alloys, 
the  stability  of  FVS0812  and  CZ42  are  shown  to  be  superior  to  that 
of  2090,  2024,  and  2219  ingot-metallurgy  alloys.  Figure  10.  Further¬ 
more,  the  dispersion-strengthened  PM  alloys  exhibit  secondary 
properties;  e.g.,  fracture  toughness  and  crack  propagation  rates, 
which  are  equivalent  to  those  of  7075-T6  as  shown  in  Figures  11  and 
12. 

In  an  evaluation  of  aluminum  PH  alloys,  it  is  useful  to  compare  the 
performance  with  not  only  ingot  metallurgy  alloys  but  with  other 
isotropic  metals,  metal  and  polymer  matrix  composites.  On  this  basis, 
Allied's  FVS1212  (Al-12.4  wt  %  Fe-1.2  wt  %  V  and  2.3  wt  %  Si)  is 
compared  against  a  particulate  SiC-aluminum  metal-matrix  composite, 
2618-T61  and  a  graphite-polyamide-resin-matrix  composite.  The 
ultimate  tensile  strength  and  specific  modulus  versus  temperature  are 
shown  in  Figures  13  and  14,  respectively.  Unidirectional  polymer- 
matrix  composites  and  some  quasi-  isotropic  composites  generally 
excel  with  regard  to  specific  strength  and  specific  modulus.  However 
the  properties  must  be  considered  on  a  cost-effective  basis  and  in 
terms  of  the  life-cycle  cost  of  the  product. 

In  summary,  the  elevated-temperature  aluminum  alloys  utilize  a 
dispersion  of  aluminides  and  silicides  ranging  in  volume  fraction 
from  5  to  40%  in  an  aluminum  matrix  for  strengthening.  The  size, 
distribution,  and  coarsening  response  for  the  intermetallic  phases 
provide  for  excellent  elevated-temperature  strength  with  a  sig¬ 
nificant  increase  in  modulus.  Important  issues  to  resolve  are  the 
processing  and  mechanical  property  reliability,  economy  of  scale  of 
biller  production  coupled  witli  the  ability  to  produce  complex 
structural  shapes  via  forging,  extrusion,  or  rolling  superplastic 
forming  or  forging  approaches.  Issues  that  also  pose  challenges  to 
these  high  temperature  structural  alloy  systems  are  the  elevated- 
temperature  coarsening  response,  fatigue  crack  initiation,  and 
propagation  response  coupled  with  the  oxidation  and  stress  corrosion 
performance . 

IV.  Hybrid  Powder-Metallurgy  Alloy  Systems 
A.  Mechanically  Alloyed  Aluminum  Powder  Alloys 

With  the  development  of  high-strength  7000  series  alloys  and 
dispersion-strengthened  elevated-temperature  alloys,  it  would  be 
desirable  to  further  strengthen  these  alloys  by  superimposing  an 
additional  constituent;  e.g.,  an  oxide  or  carbide  dispersoid,  to 
improve  elevated-temperature  response,  or  a  high-volume  fraction  of 
a  whisker  or  particulate  to  increase  the  strength  and  modulus.  To 
this  end,  several  hybrid  aluminum  powder-metallurgy  alloys  have  been 
developed.  These  include  mechanically  alloyed  elemental  and  pre¬ 
alloyed  aluminum  alloy  powder  systems;  the  mechanical  alloying  of 
aluminum  powders  and  carbides;  aluminum  metal-matrix  composites 
developed  by  mixing  and  consolidation  aluminum  powder  and  high- 
modulus,  low-density  micron-  and  submicron-sized  carbides  (e.g..  Sic, 
Tic,  B,C);  and  direct-spray  deposition  of  aluminum  powders  with 
refractory  reinforcements  (e.g.  Osprey).  In  each  of  these  processes, 
the  additional  constituents  provide  for  desirable  and  detrimental 
changes  to  the  alloy's  mechanical  and  physical  properties.  With  the 
addition  of  refractory  SiC  particulates  and/or  whiskers,  the 
strength,  modulus,  and  wear  resistance  increase  with  a  reduction  of 
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comparison  is  made  of  retained  strength  of  the  aforementioned  alloys, 
the  stability  of  FVS0812  and  CZ42  are  shown  to  be  superior  to  that 
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more,  the  dispersion-strengthened  PM  alloys  exhibit  secondary 
properties;  e.g.,  fracture  toughness  and  crack  propagation  rates, 
which  are  equivalent  to  those  of  7075-T6  as  shown  in  Figures  11  and 
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In  an  evaluation  of  aluminum  PM  alloys,  it  is  useful  to  compare  the 
performance  with  not  only  ingot  metallurgy  alloys  but  with  other 
isotropic  metals,  metal  and  polymer  matrix  composites.  On  this  basis. 
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compared  against  a  particulate  SiC-aluminum  metal-matrix  composite, 
2618-T61  and  a  graphite-polyamide-resin-matrix  composite.  The 
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matrix  composites  and  some  quasi-  isotropic  composites  generally 
excel  with  regard  to  specific  strength  and  specific  modulus.  However 
the  properties  must  be  considered  on  a  cost-effective  basis  and  in 
terms  of  the  life-cycle  cost  of  the  product. 

In  summary,  the  elevated-temperature  aluminum  alloys  utilize  a 
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these  high  temperature  structural  alloy  systems  are  the  elevated- 
temperature  coarsening  response,  fatigue  crack  initiation,  and 
propagation  response  coupled  with  the  oxidation  and  stress  corrosion 
performance . 

IV.  Hybrid  Powder-Metallurgy  Alloy  Systems 
A.  Mechanically  Alloyed  Aluminum  Powder  Alloys 

With  the  development  of  high-strength  7000  series  alloys  and 
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improve  elevated-temperature  response,  or  a  high-volume  fraction  of 
a  whisker  or  particulate  to  increase  the  strength  and  modulus.  To 
this  end,  several  hybrid  aluminum  powder-metallurgy  alloys  have  been 
developed.  These  include  mechanically  alloyed  elemental  and  pre¬ 
alloyed  aluminum  alloy  powder  systems;  the  mechanical  alloying  of 
aluminum  powders  and  carbides;  aluminum  metal-matrix  composites 
developed  by  mixing  and  consolidation  aluminum  powder  and  high- 
modulus,  low-density  micron-  and  submicron-sized  carbides  (e.g.,  SiC, 
Tic,  B^C);  and  direct-spray  deposition  of  aluminum  powders  with 
refractory  reinforcements  (e.g.  Osprey).  In  each  of  these  processes, 
the  additional  constituents  provide  for  desirable  and  detrimental 
changes  to  the  alloy's  mechanical  and  physical  properties.  With  the 
addition  of  refractory  SiC  particulates  and/or  whiskers,  the 
strength,  modulus,  and  wear  resistance  increase  with  a  reduction  of 


Advances  in  fiber,  whisker,  and  particulate  chemistry  and  process¬ 
ing  have  led  to  programs  to  reinforce  aluminum-base  materials. 
Specifically,  the  addition  of  fiber,  whiskers,  or  particulate  Sic 
produces  a  composite  material  with  excellent  specific  mechanical 
properties.  Techniques  can  include  mechanical  alloying,  powder 
blending,  and  consolidation  or  spray  deposition.  Figures  21,  22,  and 
23.  The  strength  of  fiber,  whisker,  and  particulate  reinforced 
aluminum  clearly  depends  upon  the  fiber  and  matrix  properties, 
whisker  volume  fraction,  interface,  aspect  ratio,  and  orientation. 
In  addition,  the  excellent  fiber  or  whisker  reinforcement  properties 

must  be  maintained  during  the  consolidation  and  extrusion  process  in 
order  to  achieve  the  full  potential  of  metal  matrix  composites.  If 
a  reduction  of  fiber  length  or  surface  damage  occurs,  the  subsequent 
metal-matrix  composite  will  suffer  a  natural  strength  reduction. 
These  factors  have  been  examined  analytically  and  experimentally  to 
define  structurally  competitive  properties  of  reinforced  aluminum- 
base  material  systems.  A  balance  of  properties  must  be  achieved  in 
these  reinforced  alloys.  Specifically,  reinforcements;  e.g.,  SiC, 
will  enhance  modulus,  strength,  and  creep  resistance  while  reducing 
ductility,  fracture  toughness,  and  notched  tensile  properties.  A 
compromise  in  the  volume  fraction,  size,  and  distribution  of  the 
reinforcement  phase  is  required  in  order  to  achieve  a  useful 
structural  alloy.  Figure  24  compares  of  8090  alloys  and  8090  with  SiC 
additions  formed  by  spray  deposition.  In  general,  increases  in  the 
modulus  and  yield  strength  occur  with  a  marked  reduction  in  failure 
strain.  Furthermore,  when  carbide  or  oxide  additions  are  combined  by 
mechanical  alloying,  similar  increases  in  strength  and  a  reduction 
in  ductility  are  noted.  Figures  17  and  18.  The  application  of 
aluminum-metal  matrix  composite  via  the  powder-metallurgy  route  or 
combined  by  mechanical  alloying  or  spray  deposition  offers  a  high- 
modulus,  high-temperature  material.  However,  it  is  not  clear  whether 
the  addition  processing  costs  will  limit  acceptance  in  the  commercial 
marketplace . 

V.  Summary 

Aluminum  powder  metallurgy  offers  a  processing  technology  with 
great  potential.  Progress  to  date  includes  the  development  of 
dispersion-strengthened,  precipitation-hardened  and  metal-matrix 
composite  PM  alloys.  These  alloys  have  been  shown  to  exhibit  superior 
combinations  of  mechanical  properties  (such  as  strength,  fracture 
toughness,  elastic  modulus,  fatigue,  and  corrosion  resistance) 
compared  to  ingot-metallurgy  alloys.  As  of  the  late  1980s,  the  high 
cost  of  wrought  PM  components  appears  to  be  the  major  barrier 
hindering  acceptance  and  growth  of  aluminum  powder-metallurgy  alloys 
as  a  structural  materials.  Nevertheless,  the  technology  has  developed 
new  alloys  and  processing  concepts  for  aluminum  alloys  with  superior 
ambient-  and  elevated-temperature,  which  can  be  utilized  in  future 
structural  applications  to  take  advantage  of  their  higher  perfor¬ 
mance  . 
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TABLE  I 

Development  of  Alumini'm  Powom-MnAiu-wi^  Ai  tovs— Displrsion  Alloys 


Alloy  type 

1950  1960  1970 

19K() 

Reference" 

Elevated 

Temperature: 

(SAP)-XAPAe 

AI-AI2O, 

1-3 

Al-X" 

7 

Al-Fe.  Al-X 

5.6 

AISi 

(Dixon  and  Skcliv.  1%5) 

AI-Al.OdMA)'' 

51 

Al-Mn  Si* 

37 

Al-X' 

(Read  el  al..  1975) 

AI-X'(MA) 

(Erich.  1980) 

Al-Fe-Ce 

68.69 

Al-Fc*Mo 

73 

Al-CrZr 

(Miller.  1984) 

Al-Fc-V-Si 

(Skinner  ei  al..  1984) 

High  modulus:^ 

Al-TiC.  Al-Mn,  Al-Fe« 

(MacDonald  and  Ranslev.  1954) 

Al-Mn,  Fe.  Cr 

5 

Al-Fe-NiCo 

(Vidoz.  Lewis  el  al..  1986) 

Al  SiC  (MMC) 

(Divecha  et  al  .  1981) 

AI-SiCiMA) 

(Donachie  and  Gilman.  1983) 

Al-Cu-Li-Zr 

(Meschier  et  al.,  1986) 

Low  Density 

Al-Li.  Al-Be 

(Lvic  and  Towner.  1960) 

2024  +  Li 

63 

AlLi-Cu-Mg 

(Palmer  et  al. .  1982) 

Al-Mg-Li(MA) 

(Donachie  and  Gilman,  1983) 

AI-LiBe 

(Lewis  and  Starke.  1986) 

Notes: 

"Reference  numbers  in  right-hand  column  refer  to  references  at  end  of  chapter 
*X  -  Mn.  Ni.Co.  Cr,  Ti.  Zr,  V 
'MA  »  mechanically  alloyed. 

^Also  has  low  thermal  expansion. 

'X  =  Ti.  V.  Cr.  Mn.  Fe,  Co,  Ni.  Zr.  Nb.  Mo.  Si 
'X  »  Fe.  Co.  Ti,  Mg.  Mn.  Zn.  Ni.  Cr.  Cu. 

*  A  number  of  elevated  temperature  alloys  also  have  a  high  elastic  modulus 

*  Blended  Al  and  elemental  Mn,  Ni.  Fe  powders 


TABLE  tl 


Development  of  Aluminum  Powofr-Mfiailur(.s  Ah.oys  RnFf  tpiiAiioN  Strfnotheni.o 


Alloy  type 

1950 

1960 

1970 

1980 

Reference' 

Pressed  and  sintered 
(Al-Cu-Mg-Si): 

Prealloyed  !  wrought 
2XXX  (Al-Cu); 

Al-Cu 

Al-Cu-Mg-Mn 

Al-Cu 

20)AB.  60IAB 

Al-Mn-Cu 

2024 

2124 

IN902I 

2024.  2024  +  Zr 

53 

54 

55 

56 

61 

22 

47 

(Erich  and  Donachie.  1982) 

50 

40 

Corrosion-resistant 

SXXX  (AI-Mg):" 

IN905I.  IN9052 

57 

High-strength 

7XXX  (Al-Zn-Mg-Cu): 

7XXX* 

7XXX 

6 

22.  (1  aIc  and  Towner.  1962) 
24 

7XXX  ♦  <  o.  Fc  +  Ni 
7XXX  ♦  (Co.  /r,  C  r) 

7(W0/7091 

7064 

7XXX  *  Zr  ♦  Ni 
7XXX  ♦  Mn 

7XXX  ♦  (  r.  Zr 

19.28  (Grant.  1982) 

.V) 

(Alcoa.  1980) 

(Kaiser.  1985) 

(Hildeman  ei  al  ,  1985) 
(Kocrak.  1982) 

(Alcan.  1986) 

Notes 

'  Reference  numbers  in  right-hand  column  refer  to  references  at  end  of  chapter 
•  AI-Mg  alloys  exhibit  excellent  corrosion  resistance 

‘Invnligalcd  cknKnial  addiiiom  up  lo  Zr.  15';  M*.  2in  Cu  plu,  itamiiion  clcmcmv  (Mn  f  c  Ni,  O.  Ti,  V.  Zr.  l  o.  M.i.  W|  additions  up  lo 
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TABLE  111 


Extension  of  Solid  Solubility  for  Binary  Aluminum 
Alloys 


Elements 

At  % 

equilibrium 

At  % 

reported  maximum 

Ce 

0.01 

1.9 

Co 

O.OI 

0.5-5 

Cr 

0.44 

5-6 

Cu 

2.5 

17-8 

Fe 

0.025 

4-6 

Mg 

18.9 

37-40 

Mn 

0.7 

6-9 

Mo 

0.07 

>1.0 

Ni 

0.023 

1. 2-7.7 

Si 

1.59 

10-16 

Ti 

0.15 

.22-2 

V 

0.2 

1.4-2 

Zn 

66.5 

38 

Zr 

0.083 

1.15rl.5 

Source:  After  Jones  [d]. 


TABLE  IV 

Advantages  and  Barriers  to  GRO>^TH  of  Wrought 
Aluminum  PM  Alloys 

Advantages: 

Unique  compositions 

Fine-grain,  constituent,  and  disperoid  sizes 
Homogeneous  distribution  of  alloy  elements 
Superior  combinations  of  strength,  toughness,  and  resistance  to 
corrosion  and  fatigue 

Potential  for  improved  modulus,  thermal  stability,  and  low  density 
Barriers: 

High  cost 

Product  availability  and  size  limitation 
Quality-control  issues 


TABLE  V 


Nominal  Compositions  of  7XXX  Aluminum  PM  Alloys 


Alloy 

Zn 

Mg 

Cu 

Co 

Cr 

Zr 

Ni 

o 

Al 

7064 

7.1 

2.3 

2.0 

0.2 

0.1 

0.2 

_ 

.2 

Bal. 

PM61 

8.5 

2.5 

1.5 

0.6 

— 

0.2 

— 

.2 

Bal. 

7090 

8.0 

2.5 

I.O 

15 

— 

— 

— 

.35 

Bal 

7091 

6.5 

2.5 

1.5 

0.4 

— 

— 

— 

.35 

Bal. 

CW67 

9.0 

2.5 

1.5 

— 

— 

0.14 

0.1 

.35 

Bal. 

Source:  For  7064  and  PM61,  Kaiser  Aluminum  and  Chemical 
Corp.,  Data  Sheet,  April  1985.  For  7091  and  7092,  Aluminum  Com¬ 
pany  of  America,  Technical  Brief.  March  1985.  For  CW67.  Alcoa 
Internal  Research  and  Development  (IRAD),  April  1983. 

Note:  Elements  in  wt  %. 


TABLE  VI  TABLE  VII 

Typical  Proper iies  or  7XXa-T7  Aluminum  PM  Alloy  Die  Forcings  Nominal  Compositions  of  2XXX  and  5XXX  PM  Alloys 


Test 

YS 

UTS 

Elong 

see 

Alloy 

Cu 

Mg 

Mn 

Zt 

Cr 

o 

C 

A 

Alloy  temper 

direction 

(MPa) 

(MPa) 

(%) 

(MPa  •  m''-) 

(MPa) 

PM63 

4.5 

1.8 

0.8 

0.25 

N.D. 

Bal 

X7064.TX76 

L 

572 

607 

15 

30 

_ 

PM042 

3.7 

1.8 

0.2 

0.6 

— 

N.D. 

— 

Bal 

LT 

551 

600 

12 

_ 

— 

IN9021 

4.0 

1.5 

— 

— 

— 

0.8 

M 

Bal 

ST 

545 

593 

6 

— 

241 

2024  IM 

4.4 

1.5 

0,4 

_ 

— 

— 

— 

Bal. 

X7064-TX73 

L 

517 

572 

15 

33 

— 

IN9051 

— 

4.0 

— 

— 

— 

0.6 

0.75 

Bal. 

LT 

503 

551 

12 

_ 

— 

IN9052 

— 

4.0 

— 

— 

— 

0.8 

1.1 

Bal. 

ST 

496 

551 

9 

_ 

310 

5083  IM 

— 

4.4 

0.7 

— 

0.15 

— 

— 

Bal. 

7090-T7E71 

L 

550 

600 

13 

22 

_ 

T 

540 

574 

7 

23 

241 

Source: 

Kaiser  Aluminum  and  Chemical  Corp..  April  1985.  (or 

7091-T7E69 

L 

514 

566 

14 

30 

_ 

PM63.  Alcoa/Lockheed 

California, 

August 

1981. 

for 

PM042. 

T 

4% 

549 

9 

28 

290 

Novamet  Aluminum,  Data  Sheet,  August  1984,  for  IN9021, 1N90S1. 

7075-T73 

L 

467 

525 

12 

22 

_ 

and  IN9052. 

(IM) 

T 

414 

474 

7 

20 

290 

Note:  Elements  in  wi  %. 

N.D.  not  determined. 


Source:  Kaiser  Aluminum  and  Chemical  Corp..  Data  Sheet.  Apnl  1985.  for 
X7064-TX76,  X7064-TX73.  and  7075-T73.  Aluminum  Company  of  America, 
November  1984.  for  7090-T7E7I  and  709I-T7E69, 

Notes; 

•  L-T  orientation  per  ASTM  E399. 

L  »  Parallel  to  grain  flow. 

T  *  Nonparallel  to  grain  flow. 

ST  *  Short  transverse 
LT  »  Long  transverse 
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TABLE  Vlll 


Tvnc*i  PnoPEiiTiES  Of  lN-9021  and  IN-905i  Forcings 


1N-902I-T4 

2024.T4 

IN.9052 

5086-H34 

Ultimate  tensile  strength.  MPa  f-Ksi) 

538  (  78) 

469  (68) 

448  (65) 

324  (47) 

Yield  Strength  0.2%  MPa(-ICsi) 

469  (68) 

324  (47) 

379  (55) 

255  (37) 

Elongation.  % 

Fracture  toughness. 

13 

19 

13 

10 

Klc  MPa  v  m  (-Ksi  Vin  ) 

40(36) 

29(26) 

44  (40) 

— 

Elastic  modulus.  GPa  (-Msi) 

74.4  (10.8) 

(10.6) 

71.0(10.3) 

71,0(10.3) 

Density,  g/cm’  (-Ib/in.^) 

2.80(0  101) 

2.80(0.101) 

2.66  (0.096) 

2.66  (0.096) 

Threshold  for  SCC.  *  MPa  (  Ksi) 

>413  (>60)‘ 

296  (43)‘ 

>379  (>S5)' 

Susceptible  if 
heated  at  150° 
for  long  times' 

Source:  2024-T4  and  $086-H34  data  from  Aluminum  Standards  and  Data  (Al.  Assoc.  Inc.)  and  Military 
Standardisation  Handbook-SC  (U.S.  Departmenl  of  Defense). 

*  90-day  aliemale  immersion  on  3%  NaQ. 

*  Long  transverse. 

'  Sensitized  at  200T  for  7  days;  short  transverse. 


TABLE  IX 


Composition  of  Lovi-Density  Alumine'M  Alloys 


Li 

Cu 

Mg 

Zr 

0 

C 

Mn 

Cd 

2020 

1.0 

4.5 

_ 

_ 

— 

— 

0.8 

0.15 

2024 

— 

4.4 

15 

_ 

— 

0.6 

— 

01420  (USSR) 

2.2 

2.7 

— 

0.12 

— 

— 

Alcoa  (CW56) 

2.2 

2.7 

— 

0.12 

— 

— 

— 

Lockheed  Alloy  1 

3.0 

1.5 

1.0 

0.2 

— 

— 

— 

— 

Lockheed  Alloy  2 

2.0 

3.0 

1.0 

0.2 

— 

— 

— 

— 

Novamet  (INCO)  Alloy 

1.4 

— 

3.8 

— 

— 

— 

— 

— 

AUied643 

34.-3.6 

0.8-0.1 

0.4-0.6 

0.4-0.5 

0.6 

I.l 

— 

— 

Allied  644 

3.0-3.2 

0.8-1. 1 

0.4-0.6 

0.4-0.6 

— 

— 

Alcan 

2.5-1. 9 

1.2 

0.7 

— 

_ 

— 

— 

2090 

1.9-2.6 

2.4-3.0 

0.25 

0.10 

0.05 

— 

2091 

1.7-2.3 

1. 8-2.5 

1.1-1.9 

0.25 

__ 

0.10 

— 

8090 

2.2-2.7 

1.0-1.6 

0.6-1.3 

0.25 

_ 

0.10 

— 

8091 

2.4-2.8 

1. 8-2.2 

0.5-1.2 

0.25 

— 

— 

0.10 

— 

TABLE  X 


Comparison  of  Mechanical  Properties  of  8090  Allmim  m  Alioss 


Conventional 
direct  chill 
cast  and  forged 

Spray-cast  and 
hot  isostatic 
pressed 

> 

Yield  strength  MPa  (ksi) 

310  (45) 

310  (45) 

•UTS 

Ultimate  strength  MPa  (ksi) 

345-380  (50-55) 

449  (65) 

•f 

0  25-0  55 

9-10 

KisB 

MPa(m)'''(ksi(m)'  •) 

11-20(10-17) 

31-35 (28-32) 

As-cast  grain  size 

(microns) 

200-500 

15-30 

Grain-boundary 
film  thickness 

(microns) 

2-3 

0.1-0.2 

Source:  Lewis.  R  E  (Pnvaie  Communication) 


Fracture  toughness  (L-T) 
(MPa  Vm) 


1651  (731  1801  187) 

YIELD  STRENGTH  -  -jj^ 


Fio.  4. 


Efifec(s  of  preheat  method  on  toughness  and  strength  of  PM  MA  67  die  forgings. 
Longitudinal  yield  strength,  ksi 
60  65  70  75  80  85 

I  40  Z 
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-1 - n - t—i 

1  X7091 
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[—1 - 1  I- 

-T7E69@ 

,  7050-T76511 

I 

7075-T73511 

I  . 

1 

X7090-T7E71 
7075-T651 1  ®  ' 

7178 

1-1765111 
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H30  I 
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Longitudinal  yield  strength,  MPa 

Fig,  5  Typical  fracture  toughness  versus  yield  strength  for  high-strength  aluminum 
extruded  shapes  Specimens  were  6.4-38  mm  10.25-1.5  in.)  thick. 
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20 

400  450  500  550  601 

Yield  Strength  (L) 

(MPa) 

Fig.  6.  Fracture  toughness  and  yield  strength  for  7XXX  PM  versus  7075  IM  Forgings. 
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34S(S0)  414(60)  463(70)  5S2(80) 

Longitudinal  y<eid  strength  MPa  (ks«) 


346(601  414(60)  463(70)  662(60) 

Longitudinal  yield  strength  MPa  (Itsi) 


Fig.  7.  Toughness  versus  yield*strength  relationships  in  extrusion  and  plate.  Top:  De¬ 
pendency  of  Kq  and  on  the  yield  strength  of  the  extrusions.  Bottom:  Dependency  of 
charpy  toughness  on  the  yield  strength  of  the  6.35-mm  plate. 

Temperature. 


0  50  100  150  200  250  300  350  400 


Temperature,  *C 

Fig.  8.  Yield  strength  versus  temperature  for  PM  AI-Fe*Ce  compared  to  ingot-metallurgy 
alloys  22I9-T87.  2024-T81.  and  7I78-T6  following  100  hours  exposure  at  the  temperature 
indicated. 


0  100  200  300  400  500  600 


•f 

Fif.  9  Comparison  ol  elevated  Icmpcraiurc  PM  aluminum  alloy  (FVSfl8l2  and  CZ42 
and  21)90- TS)  as  a  funclion  of  thermal  exposure  Icsl  Icmperalute 
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•F 


Flo.  10.  Elevalcd-temperature  stability  of  CZ42  and  FVS0812  as  a  percentage  of  room- 
temperature  strength. 


(UoogHodhwl) — hsi 


Fig.  II.  A  comparison  of  fracture  toughness  versus  longitudinal  yield  strength  for 
FVS0812.  CZ42.  and  7075  sheet.  (7J1 


0  5  10  15  20 
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Fic.  12  Fatigue  crack  propagation  da/dN  versus  AK  of  thin  extrusions  |7i| 


TABLE  XI 

Properties  of  Dispersion-strengthened  PM  Alloys 


Alloy 

Temp.  “C 

YS 

UTS 

EL  'T 

E 

MPa  (ksi) 

MPa  (ksi) 

GPa 

(msi) 

Al-8Fe 

RT 

504  (73.1) 

572  (83.0) 

5.0 

81.4 

(11.8) 

232 

260  (37.7) 

280  (40.6) 

9.6 

55,2 

(8.0) 

343 

148  (21.4) 

172  (24.9) 

12.3 

40.0 

(5.8) 

Al-8Fe-4Ce 

RT 

445  (64.5) 

550  (79.8) 

90 

78,1 

(11.3) 

232 

367  (53.3) 

395  (57.3) 

6.0 

— 

— 

343 

152  (22.0) 

176  (25.5) 

V.O 

— 

_ 

Al-8Fe-2Mo 

RT 

472  (68.4) 

492  (71.3) 

6.7 

86,2 

(12.5) 

204 

427  (62.0) 

452  (65.5) 

7  0 

79,3 

(115) 

343 

200  (  29.0) 

222  (32.2) 

10.0 

75,9 

(11.0) 

Allied  1 

RT 

596  (86.4) 

621  (88.9) 

6.3 

— 

— 

232 

425  (61  6) 

433  (62  8) 

6,8 

— 

— 

343 

253  (36.7) 

270  (.39  2) 

114 

— 

— 

Allied  2 

RT 

632  (91.7) 

645  (93.6) 

8,7 

— 

— 

232 

414  (60,0) 

420  (60.9) 

7,3 

— 

— 

343 

240  (  34,8) 

252  (36.6) 

10  2 

— 

— 

Alcan 

RT 

540  (78,3) 

580  (84.1) 

12 

82 

(11.9) 

250 

415  (60.2) 

437  (63.4) 

14 

— 

— 

300 

270  (39.2) 

300  (43.5) 

15 

— 

— 

Note:  RT  =  Room  Temperature  (20°C) 
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Fig.  1  Cooling  rate  and  cell  pacings  of  various  casiing  processes 
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Fig.  2  The  relationship  between  weight  savings  and  properly  improvements 


Fig  3  Comparison  of  powder-metallurgy  and  ingot-mctallurgv  processing  steps 
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Fic.  16.  Hardness  of  various  Al-Mg  alloys  following  exposures  at  400*  C.  [72,73] 


Fio.  17.  Yield  strength  and  ductility  response  versus  test  temperature  for  various  mechanically  alloyed  Al-Mg 
loys.  [72.73] 
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Fig.  18.  Creep  response  at  various  lemperalures  for  SiC-reinforced  and  unreinforced  mechanically  alloyed 
Al-Mg-Li  Alloys.  (72,73) 


Fic.  14  tlevaied-lemperaiure  response  of  Al-Cu  alloys  versus  Dispal  .1 


Fig.  20.  Ekvat«d-(emperature  stress-rupture  response  for  various  alloys. 
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Fig.  21.  Powder-blending  route  for  metal-matrix  composites. 
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Fic.  23.  Schematic  diagram  of  Osprey  fabrication  of  metal-matnx  composites 


Fio  24  Longitudinal  yield  strength, 
tensile  strength,  percent  elongation  and 
modulus  for  Al-Li  (8090)  alloy  and  A!*Li 
(8090)  with  SiC  additions 
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After  the  exposure  at  425®C  the  size  of  the  precipitates  Al^^Fe^  and 
AljjFe^Ce  is  between  0.3  and  0.4Mm;  the  first  ones  contain  often  plane  faults 

[23]  .  The  precipitate  size  versus  the  isothermal  exposure  time  increases 
regularly,  that  results  from  the  ripening  controlled  by  the  diffusion  of  the 
solute  atoms,  Fe  and  Ce,  along  the  grain  boundaries  [24].  When  a  tensile 
stress  is  applied  during  the  exposure  at  J igh  temperature  the  ripening  is 
faster  and  the  precipitates  are  larger  (fig.  5).  The  size  of  the  matrix  grain 
increases  slightly  at  the  beginning  of  the  exposure,  from  0.7  to  0.9um  for 
about  ten  hours,  and  then  it  remains  nearly  constant. 

Room  temperature  mechanical  properties  of  these  alloys  were  determined  by 
hardness  measurements  [25,26],  tensile  [21,27]  and  compression  tests  [28]. 
The  thermal  stability  of  these  properties  after  an  exposure  at  high 
temperature  was  explored  using  the  same  tests.  After  an  exposure  for  one  hour 
the  hardness  decreases  slightly  at  a  temperature  not  exceeding  350®C  and 
beyond  its  decrease  is  more  marked  [25]  (fig.  6a).  After  an  exposure  at  lOO^C 
it  remains  unchanged  until  1050  hours  [26]  (fig.  6b) .  The  tensile  and 
compression  yield  stress  decrease  after  an  exposure  at  149  and  232‘’C  for  1000 
hours  and  at  llO^C  for  100  hours  [27,28]  (fig.  7). The  comparison  with  the 
conventional  2219  alloy  shows  the  advantage  of  the  Al-Fe-Ce  alloys  in  the 
hardness  [26]  and  also  in  the  yield  stress  [21]:  for  the  2219  alloy,  the 
hardness  decreases  by  37.5%  after  an  exposure  at  300“C  for  100  hours  (fig. 
6b) ;  its  yield  stress  starts  decreasing  after  an  exposure  at  95®C  for  1000 
hours  and  at  315®C  its  diminution  reaches  50%;  it  is  only  10%  in  the  alloys 
Al-Fe-Ce  for  the  same  tests  (fig. 8). 

The  elevated  temperature  tensile  properties,  up  to  316“C,  were  measured  for 
several  compositions  [21] .  The  corresponding  results  are  summarized  below: 


Alloy 

Temp. 

“C 

Yield 

stress 

Mpa 

Tensile 

strength 

Mpa 

Elonga¬ 

tion 

% 

Toughness 

Mpa/m 

Density 

g/cm^ 

Young ' s 
modulus 
GPa 

A17.lFe6.lCe 

25 

387 

493 

11.7 

12.2 

2.957 

78.9 

(extruded) 

149 

362 

425 

6.0 

232 

332 

367 

4.7 

316 

212 

237 

10.4 

A17.lFe6.lCe 

25 

524 

567 

5.7 

26 

2.957 

78.9 

(extruded 

149 

403 

427 

5.0 

and  forged) 

232 

278 

304 

S.O 

316 

150 

176 

6.5 

A18.lFe6.8Ce 

25 

440 

525 

9.0 

6.2 

3.00 

85.6 

(extruded) 

149 

364 

433 

4.0 

71.8 

232 

297 

351 

6.0 

70.4 

316 

211 

246 

9.0 

63.5 

A18.4Fe7.2Ce 

25 

458 

563 

8.0 

6.4 

3.01 

80.1 

(extruded) 

149 

448 

484 

4.0 

232 

391 

424 

4.0 

316 

225 

271 

7.3 

A19.8Fe7.8Ce 

25 

490 

613 

5.0 

3.06 

83.8 

149 

492 

525 

2.6 

232 

410 

450 

2.6 

316 

255 

295 

5.3 

The  yield  stress  and  the  tensile  strength  decrease  versus  the  temperature 
while  the  elongation  passes  through  a  maximum  at  about  200-250<’C.  Elevated 
temperature  mechanical  properties  of  these  alloys  are  superior  to  that  of  the 
conventional  2618  alloy  and  hopeful  when  compared  to  the  Ti6A14V  alloy 
(fig. 9)  . 

It  is  worthwhile  noticing  that  the  high  temperature  properties  are  very 
sensititive  to  processing  conditions:  atomization,  degassing  and 
consolidation.  The  influence  of  the  extrusion  ratio  and  the  residual  hydrogen 
content  is  reported  in  the  figure  10  [21]:  an  increase  from  5.6  to  14  ppm  in 
the  hydrogen  content  does  not  modify  the  yield  stress  and  the  tensile 
strength,  in  return  the  minimum  of  the  elongation  disappears.  An  increase  from 
4:1  to  20:1  of  the  extrusion  ratio  diminishes  the  yield  stress  and  the  tensile 
strength  but  does  not  influence  the  elongation. 

The  compression  tests  performed  between  250  and  550'’C  [23]  indicate  that 
the  ripening  cannot  account  for  the  degradation  of  the  mechanical  properties. 
It  is  suggested  that  at  least  one  of  the  precipitated  phases  undergoes  a 
plastic  deformation  beyond  450‘’C. 

Creep  experiments  performed  at  a  temperature  between  250  and  350®C  under 
stress  from  20  to  115  MPa  [30]  underline  a  change  in  the  deformation  mechanism 
when  the  stress  overcomes  a  threshold  value.  No  explanation  is  available  so 
far . 
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The  fatigue  crack  growth  is  easier  in  the  Al-Fe-Ce  alloys  compared  to  the 
conventional  2219  alloy  [26] :  at  25  and  300°C  the  crack  growth  rate  is 
respectively  2  and  3  times  larger  (fig.  11) . 

The  corrosion  resistance,  as  measured  by  the  weight  loss,  is  higher  for  the 
Al-Fe-Ce  alloys  when  compared  to  the  conventional  2024-T3  and  7075-T6  alloys; 
in  a  3.5%  sodium  chloride  solution,  corrosion  rates  from  7  to  15  times  lower 
were  reported  during  a  16  days  exposure  for  Al-Fe-Ce  alloys.  The  stress 
corrosion  is  also  improved:  the  threshold  value  for  fracture,  240  MPa,  after  a 
30  days  exposure  is  close  to  that  of  7050-T7461  and  2219-T87  alloys  and  higher 
than  that  of  7076  alloy  [29] . 

The  mechanical  properties  of  the  Al-Fe-Ce  alloys,  at  temperature  higher 
than  250®C,  is  improved  by  the  dispersion  of  fine  Al^O^  oxide  and/or  Al^C^ 

carbide  particles,  from  10  to  40  nm  in  size,  added  by  mechanical  alloying. 
Besides  the  process  was  used  with  rapidly  solidified  powder  [31,32,33]. 

The  microstructure  of  the  rapidly  solidified  and  mechanically  alloyed 
(R.S.M.A.)  alloys  with  compositions  close  to  Al-8Fe-4Ce  depends  on  the 
extrusion  conditions.  At  245‘’C  with  an  extrusion  ratio  of  16:1  [31],  the 
resulting  grain  size  is  of  the  order  of  O.ltO.lpm  for  the  rapidly  solidified 
(R.S.)  and  the  R.S.M.A.  alloys,  the  distribution  of  the  precipitates  is  more 
homogeneous  in  the  latter.  After  an  exposure  at  SIO^C  for  1  hour  dispersoid 
sizes  in  the  R.S.M.A.  alloy  remain  small  while  the  grain  size  increases 
moderately  from  0.25  to  0.70pm.  At  550®C  with  an  extrusion  ratio  10:1  [32], 
small  grain  sizes  are  measured,  about  1pm,  in  R.S.  alloys  while  elongated 
grains  along  the  extrusion  direction,  up  to  30  pm,  are  observed  in  R.S.M.A. 
alloys.  The  microstructure  differences  after  consolidation  are  attributed  to 
the  differences  in  the  stored  energy,  which  is  higher  in  R.S.M.A.  alloys 
because  of  the  larger  value  of  the  extrusion  strain  and  the  hardening  of  the 
grains  due  to  the  dispersoids.  This  excess  of  free  enthalpy  favours  the 
recrystallization  in  the  R.S.M.A.  alloys. 

The  thermal  stability  was  investigated  for  245°C-extruded  alloys  [31]  .  The 
change  in  the  hardness  versus  the  exposure  time  at  450®C  and  versus  the 
exposure  temperature  for  1  hour  is  reported  in  the  figure  12.  The  hardness  of 
the  R.S.M.A.  alloy,  24%  higher  than  that  of  the  R.S.  alloy  before  exposure, 
remains  constant  after  an  exposure  at  450®C  for  300  hours  while  that  of  the 
R.S.  alloy  drops  away.  After  an  exposure  for  1  hour  the  hardness  of  the 
R.S.M.A.  alloy  is  preserved  up  to  500°C,  only  300®C  for  the  R.S.  alloy:  it 
appears  that  the  lower  guality  of  the  R.S.  alloy  results  from  the  ripening  of 
the  AljjFe^  and  Al^jPe^Ce  precipitates  by  diffusion  of  Fe  and  Ce  atoms  along 

the  grain  boundaries.  In  R.S.M.A.  alloys  the  dispersoids,  essentially  located 
on  the  grain  boundaries,  first  act  as  vacancy  sinks  lowering  the  diffusion 
process  therefore  the  ripening  mechanism  and  second  prevent  from  a  later 
recristallization.  After  an  exposure  at  540®C  for  288  hours  the  R.S.  alloy  has 
a  1pm  grain  size,  to  compare  to  the  0.25pm  as  measured  in  the  R.S.M.A.  alloy. 

Whatever  the  temperature  the  ductility  of  the  R.S.M.A.  alloys  is  nearly  to 
zero  [31]  while  it  reaches  10%  for  the  R.S.  alloy  (fig.  13);  cleavages  are 
observed  on  the  fracture  surface  of  the  former,  dimples  for  the  latter. 

The  compression  tests  performed  at  different  temperatures  with  different 
strain  rates  on  the  alloys  extruded  at  550°C  underline  the  advantage  of  the 
mechanical  alloying  [32,33].  For  a  fixed  temperature  the  change  in  the  ratio 
of  the  strain  rate  to  the  self -diffusion  coefficient  of  aluminium  versus  the 
ratio  of  the  maximum  stress,  from  3  to  5%  in  strain,  to  the  Young’s  modulus  is 
plotted  in  the  figure  14:  continuous  curves  are  related  to  the  R.S.  alloy  [23] 
and  the  points  to  the  R.S.M.A.  alloy.  At  250°C  the  same  behaviour  is  observed 
for  both  alloys:  the  small  grained  R.S.  alloy  is  hardened  by  the  high 
dislocation  density  tangles  left  by  the  extrusion  process  and  the  large 
grained  R.S.M.A.  alloy  is  hardened  by  precipitates  and  dispersoids.  At  higher 
temperature,  the  recovery  releases  the  dislocation  configurations,  the 
ripening  of  the  precipitates  and  the  slip  at  the  grain  boundaries  and/or  the 
deformation  of  at  least  one  precipitated  phase  deteriorate  the  mechanical 
behaviour  of  R.S.  alloys.  In  the  R.S.M.A.  alloys,  at  the  same  temperature,  the 
dispersoids  delay  the  ripening  and  contribute  to  the  hardening. 

Furthermore,  tensile  creep  resistance  behaviour  of  R.S.M.A.  alloys  is 
clearly  higher  than  that  of  R.S.  alloys:  at  380®C  and  lender  a  103  MPa  loading, 
the  creep  strain  rate  of  the  R.S.M.A.  alloy  is  3.5  10  times  lower  than  that 
of  R.S.  alloy  [31]  . 

3.2  -  Al-r«-V-Si  ALLOYS 

The  alloys  Al-Fe-Si  rapidly  solidified  contain  the  metastable  phase 
AljjFejSi  which  crystallizes  in  the  bcc,  Im3,  structure  and  whose  precipitate 

shape  is  almost  spherical.  Unfortunately  this  phase  is  metastable  and  it  was 
not  possible  to  benefit  from  its  characteristics  in  order  to  maintain  the  good 
level  of  mechanical  properties  at  high  temperature;  it  transforms  into  the 
stable  monoclinic  Al^^Fe^  and  hexagonal  Al^Fe^Si  phases,  the  morphology  of 

their  precipitates  does  no  favour  a  good  ductility.  However  it  was  shown  that 
it  is  possible  to  stabilize  the  metastable  phase  by  the  addition  of  a  fourth 
element  (V,  Mn,  Cr,  Mo)  which  substitutes  for  iron  [34].  Vanadium  was  found  as 
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the  most  promising  element  [35] .  In  order  to  precipitate  only  the 
Alj j (Fe , V) j Si  phase,  adjusted  compositions  and  high  cooling  rates  are  requi¬ 
red.  Melt-spinning  technique  was  used  and  then  the  ribbon  was  ground  and  the 
powder  was  consolidated  by  the  conventional  techniques. 

The  microstructure  of  melt-spun  ribbons  of  Al-Fe-V-Si  alloys  is  made  up 
wholly  of  the  so-called  "A"  zone,  i.e.  featureless  at  a  magnification  up  to 
1000  [36] .  Examinations  at  higher  magnification  show  a  cellular-dendritic 
microstructure  with  fine  intermetallic  compound  Al^ ^ (Fe , V) ^ Si  precipitates 

whose  size  ranges  from  10  to  30  nm.  However  a  too  low  quenching  rate  produces 
a  quasicrystalline  phase.  Consolidation  does  not  induce  any  modification  of 
A1 j ^ (Fe , V) j Si  precipitates,  only  a  very  small  ripening  is  eventually  observed. 

The  distribution  of  these  precipitates  is  uniform,  they  are  located  at  the 
grain  and  sub-grain  boundaries  and  also  inside  the  grains  with  a  size  ranging 
from  40  to  80  nm  [37] . 

The  crystalline  structure  of  the  Al^ ^ (Fe, V) ^ Si  is  described  by  empty 

icosahedra  (Fe+V)  located  at  the  sites  of  the  bcc  lattice;  they  are  parallel 
and  each  of  them  is  connected  to  eight  neighbours  along  its  threefold  axes 
through  a  slightly  contracted  octahedron.  Each  icosahedron  (Fe+V)  contains  an 
empty  (Al+Si)  icosahedron  with  the  same  orientation.  These  last  icosahedra  are 
connected  through  chains  of  three  distorded  octahedra  [38]  .  This  phase  exists 
for  a  range  of  composition  according  to  Al^ ^ ^ (Fe , V) ^ Si^  with  a  Fe:V 

ratio  from  5:lto  11.5:1.  The  lattice  parameter  varies  with  composition  from 
1.2587  to  1.2620  nm  [37]  . 

A  volume  fraction  up  to  42%  of  these  precipitates  can  be  obtained  in  the 
Al-Fe-V-Si  alloys.  Their  ripening  rate,  depending  on  the  Fe:V  ratio  value,  is 

very  low,  from  8.4  lO"  to  2.9"^*  m*/h,  when  compared  to  the  intermetallic 
compounds  obtained  in  Al-Fe  base  alloys  and  the  A^^Zr,  Ll^-structure  and 

coherent  with  the  matrix,  precipitates.  This  small  ripening  rate  is  explained 
by  the  formation  of  interface  steps  inreasing  the  number  of  coincidence  sites 
and  thus  decreasing  the  interfacial  energy,  rather  than  putting  forward  some 
coherency  arguments  [37] . 

The  room  temperature  mechanical  properties  achieve  a  good  standard:  the 
highest  the  volume  fraction  of  precipitates,  the  highest  the  standard 
[36,37,39,40].  The  thermal  stability  studies  confirm  the  small  ripening  rate 
of  the  Alj j (Fe,V)^Si  precipitates:  after  an  exposure  at  524“C  for  1000  hours, 

no  change  in  the  yield  stress  or  the  elongation  is  observed  (fig.  16)  .  After 
an  exposure  for  100  hours  at  a  temperature  less  than  540®C  ,  the  yield  stress 
remains  constant  in  Al-Fe-V-Si  alloys  and  it  starts  decreasing  at  higher 
temperature.  This  limit  temperature  is  only  lOO'C  in  other  Al-Fe-X  alloys 
(fig.  17).  After  an  exposure  at  a  temperature  higher  than  500°C  [41]  the 
tensile  decreases  even  for  a  comparatively  short  time  (fig.  18).  At  500®C  the 
microstructure  is  stable  after  an  exposure  until  100  hours  with  a  0.47um  grain 
size  and  160nm  precipitate  size.  At  550®C  the  ripening  of  the  precipitates  is 
mar)(ed  and  a  continuous  distribution  of  precipitates  appears  along  the  grain 
boundaries;  at  the  same  time  the  recrystallization  of  the  matrix  starts  and 
thus  the  grain  size  is  equal  to  0.9um.  This  evolution  is  faster  at  600®C  with 
a  1.2pm  grain  size  and  260nm  precipitate  size. 

The  elevated  temperature  mechanical  properties  were  measured  on  extruded, 
forged  and  rolled  alloys.  The  results  obtained  for  the  two  most  investigated 
compositions  are  reported  in  the  table  in  the  next  page  [36,40]. 

When  the  temperature  rises,  the  yield  stress  and  the  tensile  strength 
decrease  while  the  elongation  passes  through  a  minimum.  When  compared  to  c‘’her 
P/M  Al-Fe-X  alloys,  the  tensile  strength  of  the  FVS1212  alloy  is  larger  in  the 
full  range  of  temperature  and  that  of  the  FVS0812  alloy  is  larger  at  a 
temperature  higher  than  350°C  (fig.  19).  The  behaviour  of  the  first  alloy  is 
close  to  that  of  a  to  be  discovered  aluminium  alloy  with  the  same  specifific 
tensile  strength  os  the  Ti-6A1-4V  alloy.  Up  to  about  220“C  the  tensile 
strength  is  mainly  controlled  by  the  interaction  between  the  mobile 
dislocations  and  the  precipitates.  For  higher  temperature  it  is  controlled  by 
the  diffusion  of  the  solute  atoms  and  the  precipitate  size  does  not  really 
matter  [34,37] . 

The  testing  temperature  at  which  the  minimum  elongation  is  observed  depends 
on  the  strain  rate  [42,43],  For  a  fixed  strain  rate  a  plateau  is  noticed  at 
this  temperature  (fig.  20)  on  the  tensile  strength  versus  the  testing 
temperature  curve.  This  is  due  to  a  particular  hardening  mechanism  for  this 
temperature-  strain  rate  combination.  The  proposed  explanation  [41]  assumes 
that  the  solute  atoms,  mainly  iron  atoms,  of  the  supersaturated  solid  solution 
form  atmospheres  around  the  forest  dislocations.  When  the  mobile  dislocations 
come  close  to  the  trees  of  the  forest,  the  solute  atoms  have  enough  time  to 
diffuse  to  their  cores  and  consequently  to  locit  them,  producing  a  decrease  in 
the  ductility  and  an  increase  in  the  tensile  strength. 

The  Al-Fe-V-Si  alloys  exhibit  a  good  creep  behaviour  under  compression  [44] 
because  of  a  high  volume  fraction  of  thermally  stable  precipitates 
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FVS0812 

•• 

Al-8.5Fe-l.3V-l 

.7Si 

and  FVS1212  :  Al-ll.7Fe-l.15V-2.4Si 

Alloy 

Temp 

.  Yield 

Tensile 

Elonga- 

Toughness  Density 

Young '  s 

stress 

strength 

tion 

modulus 

®C 

Mpa 

Mpa 

% 

Hpa/m  g/cm 

GPa 

FVS0812 

L 

24 

390 

437 

10 

31  2.957 

88.4 

Extruded 

T 

387 

440 

10 

Rolled 

L 

150 

340 

372 

7 

83.2 

T 

335 

372 

5 

L 

204 

312 

341 

8 

T 

307 

344 

7 

L 

260 

280 

308 

9 

T 

279 

312 

9 

L 

315 

244 

261 

9 

73.1 

T 

244 

280 

11 

FVS0812 

L 

24 

434 

462 

12 

Forged 

L 

150 

345 

372 

6 

L 

204 

303 

338 

6 

L 

260 

276 

290 

8 

L 

315 

241 

248 

9 

FVS1212 

L 

24 

605 

636 

8.7 

11  3.02 

95.5 

Extruded 

L 

150 

486 

505 

3.5 

86.2 

Plate 

L 

230 

432 

443 

3.3 

82.8 

L 

345 

276 

286 

6.7 

78.6 

L 

450 

133 

147 

8.9 

L 

480 

103 

126 

10.8 

Nevertheless 

the  n 

exponent 

of  the 

creep  law. 

f  “  k  .  o",  is  somewhat  higher 

than  usual. 

from  13 

to  32  instead 

o£ 

from  3 

to  6  (fig.  21).  This 

particular 

behaviour  is  likely  due  to  the  enhancement  of  the  ripening  under  stress: 
during  an  exposure  at  400®C  the  precipitate  size  remains  constant  without 
applied  load,  it  grows  up  one  hundred  times  under  a  158  MPA  stress  (fig.  22). 

The  Al-Fe-V-Si  alloys  compare  quite  well  with  the  conventional  alloy  when 
one  deals  with  the  corrosion  resistance,  as  measured  by  the  weight  loss 
techniques:  in  a  3.5%  sodium  chloride  solution  the  loss  is  six  times  less  than 
that  measured  in  the  2014-T6  alloy. 

3.3  -  Al-Cr-Zr  ALLOYS. 

Among  the  R.S.  Al-Cr-X  and  Al-Cr-Zr-X  alloys,  the  Al-Cr-Zr  and  Al-Cr-Zr-Mn 
alloys  were  the  most  likely  to  lead  to  an  industrial  development  (46,47). 
Nevertheless  in  order  to  achieve  the  optimum  properties,  a  thermal  treatment 
is  required  after  the  rapid  solidification.  The  ageing  phenomena  is  due  to 
zirconium:  the  hardness  of  Al-3Cr-xZr  and  Al-yCr-lZr  alloys,  as-quenched  and 
peak  aged,  versus  respectively  x  and  y  is  very  sensitive  to  the  value  of  x  as 
peak  aged  and  no  sensitive  to  the  value  of  y  (fig.  23)  .  The  higher  the  Zr 
content,  the  larger  the  ageing  effect  [48,49).  This  result  is  confirmed  by  the 
hardness  change  versus  ageing  time  in  the  (1)  Al-1.8Cr,  Al-1.7Zr  and 
Al-l.8Cr-l.7Zr  alloys  at  400<>C  (fig.  24)  [50)  and  (2)  Al-4.5Cr-l.7Zr  alloy  at 
350,400  and  450®C  (fig.  25)  (49,51,52).  In  any  case  the  optimum  mechanical 
properties  are  reached  after  an  ageing  treatment. 

The  requirement  of  a  thermal  treatment  for  the  Al-Cr-Zr  can  be  an  advantage 
compared  to  the  rapidly  solidified  Al-Fe-X  alloys.  As  a  high  temperature  is 
needed  during  the  consolidation,  a  degradation  of  the  properties  is  expected 
in  the  Al-Fe-X  alloys,  in  return  this  heating  can  be  a  part  of  the  ageing 
treatment  for  the  Al-Cr-Zr  alloys.  The  properties  of  the  as-quenched  Al-Cr-Zr 
alloys  are  lower  than  that  of  the  Al-Fe-X  alloys,  but  after  consolidation  they 
will  be  equivalent  if  not  improved  (fig.  26)  [48,52). 

The  microstructure  of  the  powder  particles  is  made  of  a  solid  solution  and 
intermetallic  Al^^Cr^  precipitates,  from  0.5  to  2um  in  size.  This  compound  has 

a  monoclinic,  C2/m,  crystalline  structure  and  it  is  non  coherent  with  the 
matrix.  During  the  ageing  new  Al^^Cr^  precipitates  appear  and  the  previous 

ones  coarsen  and  also  very  fine  Al^Zr  precipitates  are  observed.  This  last 
compound  has  a  cubic  Ll^  crystalline  structure  and  it  is  coherent  with  the 
matrix.  The  ageing  effect  is  due  mainly  to  the  precipitation  of  the  Al^Zr 

phase  inside  the  grain  as  well  in  the  neighbourhood  of  the  boundaries  giving  a 
discontinuous  precipitation  (53) .  The  differential  scanning  calorimetry 
pattern  reveals  two  peaks:  between  270  and  400®C  in  connection  with  the  Al^Zr 

precipitation  and  close  to  475®C  in  relation  to  the  ripening  of  Al^^Cr^ 
precipitates  (fig. 27)  [49,51). 
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initiation  is  delayed.  For  the  conventional  alloys  the  crack  grows  along  the 
smooth  elongated  grain  boundaries  as  obtained  after  rolling  while  for  R.S. 
alloys  the  small  grain  size  (from  1  to  3  um)  imposes  a  wavy  path  to  the  crack 
propagation,  ^.e.  an  increase  in  the  fracture  energy.  The  crack  growth  rate  is 
3.7  times  higher  in  7075  T73  alloy  than  in  7091  T7E69  alloy,  in  salted 
solutions  [8,9] . 

2.2  -  MECHANICAL  ALLOYING  (M.A  ALLOYS) 

Carbon  and  oxygen  are  mainly  introduced  in  these  M.A.  alloys  in  order  to 
precipitate  Al^O^  and/or  dispersoids.  If  necessary  Si  or  Mg  can  be 

added.  Some  of  the  compositions  reported  in  the  litterature  are  listed  below 
[10,11,12] : 


Alloy 

0 

C  Mg 

Si 

f*  (%) 

DISPAL  0 

2.5 

- 

4 

DISPAL  2 

1 

2 

- 

10-12 

DISPAL  3 

0.8 

3 

- 

DISPAL  1SI12 

1 

1 

12 

6-10 

IN9052 

0.6 

1.1  4 

- 

6 

fv  represents  the 

volume 

fraction;  lwt% 

C  corresponds 

to  f»=  4.5%  of 

aluminium  carbide 

and  lwt% 

0  to  fv=i.6%  of 

oxide . 

The  existence  of  amorphous  compounds  with  C  and/or  O  is  proved  by  the  rings 
observed  on  the  electron  diffraction  patterns  obtained  after  grinding. 
Crystallized  compounds  only  appear  during  the  consolidation  process  [13]  as 
very  fine  dispersoids  .from  30  to  40  nm  in  size  for  the  o^ide  and  from  20  to 
100  nm  for  the  carbide;  they  are  usually  located  at  the  grain  boundaries, 
isolated  or  gathered  together.  The  grain  size  lies  between  0.2  and  0.5  pm. 
Some  intermetallic  precipitates  Al^Mg^  were  also  reported. 


Room  temperature  tensile  properties  of  these  alloys  are  summarized  below: 


Alloy 

Yield 

stress 

Mpa 

Tensile 

strength 

Mpa 

Elonga¬ 

tion 

% 

Toughness 

Mpa/m 

Density 

,  3 

g/cm 

Young  ’  s 
modulus 
GPa 

DISPAL  2 

300-340 

340-380 

8-12 

2.70 

80 

DISPAL  lSil2 

300-340 

340-380 

4-  8 

2.66 

85 

IN9052 

380 

450 

13 

44 

2.68 

76 

These  properties  depend  on  the  oxygen  or  carbon  content,  i.e.  on  the  volume 
fraction  of  dispersoids.  Results  obtained  with  a  pure  A1  matrix  are  given  in 
the  figure  2  [10] :  a  linear  increase  of  the  yield  stress  and  the  tensile 
strength  versus  the  volume  fraction  is  noticed.  When  compared  to  SAP  an 
advantage  of  100-150  MPa  is  measured.  In  both  the  cases  the  ductility  is  a 
decreasing  function  of  the  volume  fraction. 

Most  of  the  dispersoids  are  located  on  the  grain  boundaries,  i.e.  they  do 
not  contribute  to  the  intragranular  hardening  mechanism.  Thus  the  grain  size 
is  likely  to  provide  the  main  contribution  to  the  yield  stress.  However  the 
Hall-Petch  relation  was  not  checked  because  of  the  limited  range  of  grain  size 
resulting  from  mechanical  alloying.  For  the  IN9052  alloy  a  solid  solution 
hardening  due  to  Mg  is  expected. 

The  thermal  stability  of  Al-C-0  alloys  is  noteworthy;  their  microstructure, 
therefore  their  mechanical  properties  remain  nearly  unchanged  after  an 
exposure  at  510®C  for  100  hours,  no  evolution  of  grain  and  dispersoid  size 
[14],  or  at  500®C  for  250  hours,  constant  tensile  strength  and  elongation 
[12,15,16,17]  (fig.  3).  Lower  performances  were  measured  on  IN9052  alloys:  the 
decrease  of  the  tensile  strength,  about  14%,  after  an  exposure  at  510°C  for 
100  hours  is  explained  by  the  ripening  of  the  Mg^Al^  compound  [14] . 

However  for  the  elevated  temperature  loading  a  fast  deterioration  of  the 
mechanical  properties  is  observed:  at  300®C,  for  DISPAL  2,  the  tensile 
strength  is  only  one  half  of  that  measured  at  20  °C,  and  only  40%  for  DISPAL 
lSil2  (fig.  4a)  [12],  while  the  ductility  is  lowered.  The  same  behaviour  is 
observed  on  all  the  Al-C-0  alloys  [17].  For  the  IN9052  alloy,  the  ductility 
goes  through  a  maximum  but  the  degradation  is  more  important  (fig.  4b)  [18]. 

Mechanical  alloying  improves  the  corrosion  resistance  of  the  sensitive 
Al-Mg  alloys.  Conversely  to  the  equivalent  compositions  processed  by  the 
conventional  route,  not  exfoliation  nor  stress  corrosion  are  observed.  During 
periodic  immersion  in  a  3.5%  sodium  chloride  solution  at  30°C,  the  corrosion 
rate  reduces  to  4um  per  year  for  the  IN9052  and  5083-H112  alloys  whereas  it 
goes  up  to  227pm  per  year  for  the  conventional  7075-T73  alloy.  The  threshold 
value  for  stress  corrosion  under  the  same  conditions  is  380  MPa  for  the  IN9052 
alloy  [18] . 

The  mechanical  alloying  applied  to  conventional  alloys  can  be  detrimental: 
for  instance  for  7075  alloy 
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7075-T6 

As  M.A. 

M.A  +  T6 

Yield  stress  (MPa) 

503 

550 

595 

Tensile  strength  (MPa) 

572 

615 

645 

Elongation  (%) 

10 

2 

3.5 

The  mechanical  alloying  of  7075  alloy  leads  to  a  marked  increase  in 
the  yield  stress  and  the  tensile  strength  unfortunately  counterbalanced  by  a 
strong  loss  of  ductility  [10] . 


3.  ALLOYS  FOR  ELEVATED  TEMPERATURE  APPLICATIONS 

The  high  temperature  deformation  is  controlled  by  diffusion  mechanisms: 
vacancies  for  the  dislocation  climbing,  solute  atoms  diffusion  along  the 
dislocation  cores  and  the  grain  boundaries,  matter  transportation  through  the 
matrix.  The  degradation  of  the  mechanical  properties  at  high  temperature  can 
be  related  to  the  recrystallization,  the  precipitate  ripening  due  to  a  high 
solubility  and  a  large  diffusivity  of  some  alloying  elements  and  also  other 
deformation  mechanisms  related  to  the  dislocation  climbing  and  the  grain 
boundary  sliding. 

The  remedy  for  the  aluminium  alloys  is  to  pin  the  grain  boudaries  by 
dispersoids  and  to  harden  the  matrix  by  fine,  thermally  stable  precipitates 
with  low  interfacial  energy,  made  up  of  low  diffusivity  and  low  solubility 
alloying  elements.  Transition  metals  and  rare  earths  fulfil  most  of  these 
requirements . 

The  first  studies  reported  on  the  binary  Al-Fe  alloy  rapidly  solidified  by 
splat  cooling  [19].  Metallographic  observations  show  two  zones:  one 
featureless,  called  "A",  and  an  other  one  with  thin  metastable  Al^Fe 

precipitates  within  a  columnar  eutectic  structure,  called  ”B".  As  the 
temperature  is  raised,  a  degradation  of  the  mechanical  properties  is  noticed 
while  the  microstructure  tends  toward  the  equilibrium  phases  a-Al  +Al^^Fe^, 

step  by  step.  Further  studies  were  developed  on  ternary  and  quaternary  alloys 
leading  to  precipitates  which  met  the  previous  requirements  on  the  thermal 
stability:  some  of  them  will  be  presented  further,  Al-Fe-Ce  and  Al-Fe-V-Si: 
the  case  of  the  Al-Cr  alloys  will  be  also  reported,  mainly  the  alloy  Al-Cr-Zr: 
more  specific  oases  will  be  discussed:  low  interfacial  energy  precipitates  in 
Al-Zr-V  and  high  volume  fraction  of  precipitates  in  Al-Mn-Si  and  Al-Cr-Y. 

3.1  -  Al-Fe-Ce  ALLOYS 

Preliminary  studies  [20]  of  aluminium  alloys  with  transition  metals  (Mn, 
Co,  Fe,  Ni,  Cr)  and  rare  earth  metals  (Ce,  La)  showed  an  interesting  behaviour 
of  Al-Fe-Ce  alloy  rapidly  solidified  by  gas  atomization  and  compacted  by 
forging.  Numerous  studies  are  on  the  way  to  make  clear  the  properties  of  this 
alloy  in  order  to  foresee  the  possible  developments. 

The  sum  of  the  concentrations  of  the  alloying  elements,  Fe  and  Ce,  lies 
between  5  and  7  at%  with  a  concentration  ratio  from  3  to  5  [21]  .  The 
microstructure  of  the  powder  particles  depends  on  their  size  and  on  the 
solidification  conditions.  Generally  an  evolution  from  a  plane  solidification 
front  towards  a  coarse  dentritic  structure,  through  a  cellular  one,  is 
observed.  The  intercellular  or  interdendritic  zones  contain  intermetallic 
precipitates,  from  10  to  100  nm  in  size,  nucleated  during  the  solidification. 
Larger  precipitates  are  mentioned  after  consolidation.  In  the  alloy 
Al-8.8Fe-3.7Ce  (wt%)  the  volume  fraction  of  precipitates  just  after  extrusion 
is  20%  [22],  mainly  made  up  of  a  quasicrystalline  metastable  phase  Al,„Fe^Ce, 

other  metastable  intermetallic  compounds,  A1  Fe  and  A1  Fe  Ce,  are  detected; 
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the  stable  phases,  Al^^Fe^  and  Al^^Fe^Ce,  are  also  present  but  in  small 

quantity.  The  Al^Fe  precipitates  are  globular  in  shape  and  about  0.1  urn  in 

size;  the  quasicristal  precipitates  are  rod-like  with  a  length,  0.1  pm,  about 
three  times  their  diameter  and  parallel  to  the  extrusion  direction;  the 
precipitates  Al^^Fe^Ce  are  equiaxed  with  a  size  of  about  0.3  pm,  they  often 

contain  plane  faults. 

An  exposure  of  the  alloy  at  316®C  for  2160  hours  produces  the 
transformation  of  the  metastable  phase  A1  Fe  into  the  stable  one  A1  Fe  .  At 
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higher  temperature,  425*0  for  240  hours,  the  ternary  metastable  phases 
transfom  into  the  stable  phase  Al^^FejCe.  The  composition  and  the  crystalline 

structure  of  each  phase  are  indicated  [22] : 


Al,  Fe 

O 

orthorhombic 

a=0.645 

0-0.744 

c=0.878  nm 

Cmcm 

monoclinic 

o*=l .  549 

0=0.808 

c-1.248  nm 

/?  =  107®43  ■ 

C2/m 

quasicrystal 

orthorhombic 

a=1.02 

0=1.62 

<-'=0.42  nm 

Cmm2  or 

C222 

Al, jFe^Ce 

orthorhombic 

a=0 . 89 

0=1.02 

c«0.91  nm 

Cmcm  or 

Cmc2 
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The  mechanical  properties  of  the  Al-Cr-Zr  alloys  depend  on  the 
consolidation  temperature:  the  yield  stress  and  the  tensile  strength  strongly 
decrease  if  the  extrusion  temperature  is  higher  than  450®C  in  alloys 
as-extruded  and  exposed  for  1000  hours  at  300®C  (fig. 28)  [52]. 

The  mechanical  properties  for  different  compositions  and  extrusion 
parameters  are  reported  below  [51,52]: 

(1)  Extrusion  at  400°C 


Alloy 

Yield 

Tensile 

Elonga- 

Toughness 

Density 

Young ' s 

stress 

strength 

tion 

modulus 

Mpa 

Mpa 

% 

Mpa/m 

g/cm 

GPa 

Al-5Cr-2.2Zr 

Diam.  7.8mm  as-ext. 

440 

455 

20 

2.82 

80.8 

Diam.l9.1mm  as-ext. 

478 

498 

10.5 

76. 2x15. 9mm  as-ext. 

342 

362 

16.8 

11.3 

+  10  h  at  350‘'C 

358 

376 

10.9 

10.9 

Al-3Cr-3Zr 

Diam. 19 . 1mm 

468 

487 

5.8 

Al-5.2Cr-1.9Zr-lMn 
Diam. 19. 1mm  as-ext. 

426 

460 

14.2 

2.86 

86.5 

+10  h  at  350«C 

453 

474 

14.0 

The  ageing  at  350‘‘C  for  10  hours  increases  the  yield  stress  and  the  tensile 
strength  and  it  decreases  the  elongation,  nevertheless  the  reached  value  is 
acceptable  [52] . 

(2)  Rolling  at  250  and  350»C,  Al-5.2Cr-l.89Zr-.96Mn  al2oy  [51] 


Tempera- 

Yield 

Tensile 

Elonga 

- 

ture  of 

stress 

strength 

tion 

rolling 

Mpa 

Mpa 

% 

250«C 

As-rolled 

569 

591 

1.8 

+100  h  at  300<>C 

471 

539 

7.1 

+  1  h  at  350<>C 

458 

514 

8.1 

+  1  h  at  45000 

435 

486 

5.4 

350<>C 

As-rolled 

480 

504 

6.6 

+100  h  at  300OC 

458 

509 

8.9 

+  1  h  at  350OC 

445 

487 

7.2 

+  1  h  at  450OC 

413 

464 

8.5 

The  highest  properties  are 

obtained  at  the 

lowest  rolling  temperature. 

After  exposure  at  high  temperature  or  ageing,  the 

observed  evolution  is 

due  to 

a  change 

in  the  distribution  of  the  precipiates. 

During  the 

exposure  at 

300®C 

the  very 

fine  metastable  Al^Zr 

precipitates  form. 

During  the 

exposure  at 

450®C 

the  Al^^. 

Cr^  and  Al^Zr  precipitates  ripen  [51]. 

(3)  Two  ; 

powder  particle  sizes. 

Al-5.2Cr-1.9Zr-lMn 

alloy  [51] 

Powder 

Yield 

Tensile 

Elonga 

_ 

particle 

stress 

strength 

tion 

size 

Mpa 

Mpa 

% 

<  38  pm 

As-extruded 

523 

539 

2.5 

+  100  h  at  300OC 

486 

536 

7.7 

+  1  h  at  350OC 

465 

508 

6.6 

+  1  h  at  450«C 

433 

481 

8.1 

<  65  pm 

As-extruded 

506 

532 

3.6 

+  100  h  at  300OC 

432 

491 

6.2 

+  1  h  at  350OC 

425 

479 

8.1 

The  finest  the  powder  particle,  the  highest  the  mechanical  properties,  this 
is  due  to  a  larger  homogeneity  of  the  microstructure  [51]  . 

The  change  in  the  yield  stress  of  the  Al-Cr-Zr  alloys  versus  the 
temperature,  shown  in  the  figure  29,  is  compared  to  that  of  the  conventional 
2219  alloy:  an  improvement  of  140  MPa  is  observed  with  the  Al-Cr-Zr  alloys  in 
all  the  temperature  range. 

3.4  -  ALLOYS  WITH  A  LOW  ENERGY  OF  THE  MATRIX-PRECIPITATES  INTERFACE 

The  precipitate  ripening  is  controlled  mainly  by  the  solute  atoms  diffusion 
throughout  the  crystal  lattice  or  along  the  grain  boundaries,  according  to  the 
following  law: 

d"  -  a;  =  K..  .  (t  -  tj 

d,  and  d  are  the  values  of  the  mean  diameter  of  the  precipitates  at  t  and 

o  o 

t.The  n  exponent  equals  3  for  the  lattice  diffusion  and  4  for  the  grain 
boundary  diffusion.  is  a  parameter  characteristic  of  the  couple 
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matrix-precipitate.  For  n»3,  is  proportional  to  the  interfacial  energy,  for 

n>4  this  is  only  approximate  if  the  interfacial  energy  differs  from  the  grain 
boundary  energy.  Thus  the  lowest  the  interfacial  energy,  the  lowest  the 
ripening  rate.  Furthermore  this  energy  depends  on  the  coherency  level  of  the 
interface:  the  highest  the  coherency,  the  lowest  the  interfacial  energy  and  so 
the  ripening  rate.  The  understanding  of  these  mechnisms  is  one  of  the  basis  of 
the  superalloy  development  for  elevated  temperature  applications. 


Systematic  undergoing  studies  of  intermetallic  compounds  Al^X,  X=Ti ,  V,  Zr, 


Hf  [54]  report  quadratic  structures  for  X=Ti,  V  and  for  X=Zr,  Hf 

with  cell  parameters  o,  and  c  directly  related  to  the  aluminium  parameter  : 


a/a^/2=0 . 9505  and  0.9333,  c/2a^=1.0631  and  1.0275  respectively  for  Ti  and  V; 
a/a^=0.9910  and  0.9851,  c/4a^=1.0693  and  1.0591  respectively  for  Zr  and  Hf . 

All  these  ratios  are  close  to  unit.  The  idea  is  then  to  combine  different  X 
elements  within  the  compoud  in  order  to  get  closer  to  unit  [55,56,57]. 
Furthermore  Zr  or  Hf  additions  to  Al^Ti  or  Al^V  compounds  transform  the  DO^  ^ 

structure  into  a  00^^  one  whose  the  stability  range  is  larger.  A  mismatch 


parameter  is  defined  by: 


5=(2/3)  .  ll-a/a^l  +  (1/3)  .  ll-c/4a^| 


The  values  of  this  parameter  for  different  compounds  are  listed  below: 


AljZr 


Hf 


6  =  0.0288 
6  =  0.0239 


o . 
Zr, 


126 


Hf. 


6  = 
6  = 


0.0269 

0.0270 


"0,109  "0.016) 

The  Al-Zr-V  alloy  related  to  the  lowest  6  value  was  extensively  studied:  in 
a  first  step,  a  dilute  alloy,  1%  volume  fraction  of  precipitates,  was  prepared 
by  rapid  solidification.  The  resulting  solid  solution  brea)cs  up  giving  rise  to 
metastable,  sphere-  and  rod-like,  precipitates  of  the  LI  structure.  The 


parameter  difference  with  that  of  the  matrix  is  -0.1  ±  0.2  %  :  there  is  a 

nearly  coherency,  a  low  interfacial  energy  is  expected,  a  low  ripening  rate 
also.  The  Al^Zr  compound  has  also  a  structure  Ll^  but  the  parameter  difference 


is  higher,  about  1  ±  0.2  %.  So  the  A1,V„  „,,^Zr„  alloy  seems  very 
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promising.  Indeed,  the  ripening  rate  is  very  low  for  Ll^  compounds  and 


particularly  for  this  alloy  (fig.  30)  [55]. 


During  a  further  ageing,  the  metastable  phase  transforms  into  the  stable 
D0j3  phase  with  plate-like  precipitates.  The  ripe:iing  rate  of  the  DOj^  struc¬ 
ture  is  eight  times  higher  than  that  of  the  Ll^  one  for  the  same  composition. 

For  higher  Zr  and  V  contents,  5  %  volume  fraction  of  the  precipitates,  melt 
spinning  or  splat  cooling  always  leads  to  a  supersaturated  solid  solution 
[56,57].  During  annealing,  on  the  one  hand,  an  intragranular  precipitation  of 
the  metastable  Ll^  Alj(Zr,V)  phase,  5  nm  in  precipitate  size,  and  on  the  other 

hand,  an  intergranular  one  of  the  stable  phases  DO^^  Al^(Zr,V)  and  Al^^V  are 
observed.  The  ripening  rate  of  the  metastable  phase  is  still  lowered  compared 

to  the  dilute  alloy,  4.7  10  instead  of  1.6  10  cm^/h.  This  result  was 
unexpected  because  the  parameter  is  proportional  to  the  squared  volume 

fraction  of  precipitates.  In  order  to  explain  this  phenomena  it  was  suggested 
either  that  the  solute  segregation  at  the  matrix-precipitate  interface  could 
noticeably  decrease  the  interfacial  energy  or  t)iat  the  Al^^V  precipitates 

could  trap  the  solute  atoms  and  so  limit  their  diffusion  towards  the  Ll^ 
Al^(Zr,V)  precipitates.  The  creep  behaviour  of  these  alloys  is  good  and  it 
compares  quite  well  with  that  of  Al-Fe-Ce  alloys  (fig.  31)  [58]. 

When  the  Zr  and  V  contents  increase,  up  ^to  8  %  in  volume  fraction  of  the 
precipitates,  a  very  high  cooling  rate,  10  °C/s,  is  required  in  order  to 
reduce  the  precipitation  of  the  Al^^V  phase.  Moreover  the  highest  solute 

concentrations,  the  highest  critical  cooling  rate:  it  is  difficult  to  get  a 
high  volume  fraction  of  coherent  precipitates  by  the  usual  rapid 
solidification  techniques. 


3.5  -  ALLOYS  WITH  A  HIGH  VOLUME  FRACTION  OF  THE  PRECIPITATES 

In  the  Orowan  mechanism,  related  to  the  by-passing  of  the  obstacles  by  the 
mobile  dislocations,  the  hardening  is  proportional  to  the  cube  root  of  the 
volume  fraction  of  the  dispersoids.  As  this  quantity  is  less  t)ian  unit,  it 
should  be  Interesting  to  increase  it;  its  augmentation  is  obtained  either  by 
increasing  the  content  of  alloying  elements  or  by  choosing  intermetallic 
compounds  whose  the  composition  requires  a  high  number  of  A1  atoms  per 
alloying  element  atom,  for  instance  Alj^V,  Al^^Mo,  Al^pCr^Y  [60],  Alj^Cr^Ce 

[61],  Al.  (Cr,Mn) [62] ,  Al,.Mn  Si, _ 

1  i  t  O  3  2 
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The  volume  fraction  of  Al.^Mn,  Si,  can  reach  the  value  of  34.7%  in  the 

1  o  3  2 

Al-4.8Si-12.6Mn  alloy.  This  compound  is  cubic,  space  group  Pm3,  with  a  cell 
parameter  of  1.265  nm.  The  extruded  alloy  exhibits  a  good  stability  up  to 
400®C  after  an  exposure  for  100  hours  (fig. 32)  [60].  At  higher  temperature  the 

tensile  strength  decreases  slightly  and  the  elongation  is  strongly  reduced.  In 
the  as  extruded  alloy  the  matrix  grain  size  (.'lals  1-3  pm  and  the 
precipitates,  from  100  to  500  nm  in  size,  are  placed  ii.  the  grain  boundaries. 
After  an  exposure  at  490®C  for  100  hours  the  grain  size  increases  up  to  3-5 
pm,  new  precipitates,  from  50  to  200  nm  ih  size,  appear  inside  the  grains  and 
the  previous  precipitates  placed  in  the  grain  boundaries  grow  up  to  250-1000 
nm  forming  a  continuous  structure.  Up  to  about  250‘’C  this  alloy  behaves  li){e 
the  Al-Fe-Ce  alloys  with  a  reasonable  ductility;  at  higher  temperature  the 
tensile  strength  decreases  and  the  elongation  stronly  increases;  this 
behaviour  is  explained  by  a  mar)(ed  growth  of  the  grains  and  the  precipitates 
(fig.  33) .  [60]  . 

The  volume  fraction  of  Al^^jCr^Ce  can  increase  up  to  37.6%  in  the  alloy 

Al-6 . 8Cr-5 . 7Y.  This  intermetallic  compound  is  cubic,  space  group  Fd3m,  and  its 
cell  parameter  equals  1.437nm;  the  precipitates  often  contain  plane  faults 
[60]  .  The  thermal  stability  of  this  alloy  is  comparable  with  that  of  the 
previous  alloy  but  its  ductility  is  nearly  zero  (fig.  32);  it  has  a  smaller 
grain  size,  about  1  pm  and  a  slightly  higher  tensile  strength,  the 
precipitates  have  about  the  same  size.  For  high  temperature  tests,  the  tensile 
strength  behaves  li)ce  that  of  the  Al-Mn-Si  alloy  and,  as  previously,  a  strong 
increase  in  the  ductility  is  noticed  beyond  250“C  (fig.  33). 

4  -  CONCLUSION 

The  alloying  of  aluminium  with  transition  metals,  rare  earth  metals,  carbon 
and/or  oxygen  opens  new  application  fields  for  the  aluminium  alloys, 
particularly  by  an  improvement  of  the  room  temperature  strength  and  the  high 
temperature  behaviour.  The  elaboration  of  such  alloys  requires  the  use  of  the 
powder  metallurgy  techniques  and  consequently  encounters  their  inherent 
difficulties  in  the  transfer  of  the  results  from  the  laboratory  scale  to  the 
industrial  one.  The  full  development  of  such  alloys  requires  a  careful 
handling  of  the  powders  in  order  to  reduce  the  number  of  defects  in  the  final 
product  and  the  introduction  of  control  methods  at  the  different  steps  of  the 
process.  Furthermore  economical  factors  have  to  be  ta)cen  into  account  in  order 
to  chec)t  that  the  cost  increase  for  the  alloy  development  remains  reasonable. 
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Abstract 

The  discovery  of  new  alloy  compositions  and  new  processes  increases  the 
application  field  of  aluminium  alloys.  In  particular  the  powder  metallurgy 
route  allows  alloying  with  transition  and  rare  earth  metals,  oxygen  and 
carbon  usually  forbidden  by  the  classical  ingot  metallurgy  route.  Further 
improvements  can  be  obtained  by  rapid  solidification  and/or  mechanical 
alloying  by  modifying  the  microstructures.  This  paper  will  deal  with  the 
relation  between  microstructure  and  mechanical  properties  of  (1)  High  strength 
alloys  for  room  temperature  applications  (7090,  7091,  CW67  and  Al-C-0) ,  (2) 
alloys  for  high  temperature  applications  (Al-Fe-Ce,  Al-Fe-V-Si,  Al-Cr-Zr, 
Al-Zr-V,  Al-Cr-Y  and  some  other  under  studies) . 

1  -  INTRODUCTION 

The  ability  of  A1  alloys  to  conquer  new  mar)<ets  depends  on  the  improve¬ 
ment  of  their  properties:  some  of  them  must  undergo  a  substantial  progress  but 
without  any  deterioration  of  the  others.  One  can  deal  with  physical  properties 
(density  for  instance) ,  mechanical  properties  (yield  stress  .  .  .  )  as  well  as 
cnemical  properties  (corrosion  resistance  ...). 

The  quality  of  A1  alloys  obtained  by  the  classic  ingot  route  was  optimized 
by  an  appropriate  choice  of  alloying  elements,  compositions,  engineering 
processes,  thermal  and  thermomechanical  treatments.  Therefore  better 
performances  can  be  achieved  either  with  alloying  compositions  forbidden  by 
the  classic  route  or  with  new  processing  techniques,  or  'both.  The  common 
objective  is  to  obtain  refined  microstrutures  (small  grain  size,  fine 
dispersoids,  ...)  and  better  thermal  stability. 

Because  such  refined  microstructures  cannot  be  achieved  in  bul)t  material, 
as  obtained  in  the  ingot  route,  production  of  A1  alloys  by  the  P/M  technique 
was  developed.  Two  different  processes  can  be  used:  (1)  for  alloying  elements 
with  a  high  solubility  in  the  liquid  bath,  the  homogeneity  of  the  alloy  is 
maintained  by  rapid  solidification  of  a  liquid  stream,  either  continuously 
(melt  spinning  process)  or  discontinuously  (powder,  splats  and  [lakes);  (2) 
for  alloying  elements  with  a  poor  solubility  in  molten  aluminium,  mixture  in 
solid  phase  was  preferred:  grinding  of  thin  particles  allows  incorporation  of 
such  elements  on  the  fracture  surface  and  then  in  the  built  by  friction 
welding,  this  technique  is  called  mechanical  alloying. 

Among  the  possible  application  fields,  three  Icinds  of  alloys  are  developed 

[1,2]  : 

(1)  low  density  alloys  for  aeronautical  industry  (in  replacement  of  con¬ 
ventional  2024-T3,  7075-T6  and  7075-T3  alloys),  the  decrease  in  density 
is  mainly  obtained  by  lithium  addition. 

(2)  high  strength  alloys  for  room  temperature  applications  (in 
replacement  of  7075-T6  alloy)  obtained  either  by  rapid  solidification  of 
7xxx  alloys  enriched  with  transition  elements  or  by  mechanical  alloying 
of  aluminium  or  aluminium-magnesium  alloy  hardened  by  aluminium  carbide 
and  aluminium  oxide. 

(3)  alloys  for  high  temperature  applications  ,360  “C,  (in  replacement  of 
titanium  alloys  and  steels)  mainly  obtained  by  rapid  solidification  of 
rare  earth  and  transition  metals-  aluminium  alloys;  studies  on  the 
influence  of  a  further  mechanical  alloying  treatment  are  also  on  the  way. 

The  first  alloy  category  (low  density  alloys)  will  be  ignored  in  the 
following  of  this  paper  because  this  topic  is  extensively  discussed  elsewhere 
in  this  series.  The  two  remaining  categories  will  be  now  presented  in  detail. 

2  -  HIGH  STRENGTH  ALLOYS  FOR  ROOM  TEMPERATURE  APPLICATIONS 

Plastic  deformation  of  A1  alloys  at  20“C  is  controlled  by  dislocation 
gliding  through  the  matrix.  Hardening  results  from  their  interaction  with 
dislocations  of  the  different  slip  systems  (forest  dislocations),  with  solute 
atoms  and  precipitates.  The  precipitates  can  be  either  sheared  or  by-passed  by 
the  dislocations.  This  later  interaction,  called  Orowan  machanism.  can  be 
expressed  according  to  the  following  relation: 

■  T  =  O  .  G  .b  /  D  =  -I  .  G  .  b  .  f  '  '  /  d 
ok' 

<1  is  a  coefficient  close  to  unity,  G  the  shear  m'''diil'!<=  of  the  matrix,  b  the 
Burgers  vector  of  the  di.'ilocat  ion ,  the  mean  distance  between  pi  ec  ,  e,  t  ates  . 


6E-2 


d  their  mean  size  and  f  the  volume  fraction:  for  a  constant  f  value,  the 

p  V  V 

smallest  d  ,  the  highest  the  Orowan  hardening.  The  last  parameters  to  be  taken 

p 

care  of  are  the  grain  size  and  the  texture  resulting  from  the  consolidation 
process:  the  contribution  of  grain  boundaries  is  given  by: 


k  is  a  coefficient  depending  on  the  matrix  properties  and  D  the  grain  size. 
The  contribution  of  the  texture,  if  any,  can  be  evaluated  through  the  Taylor 
factor.  For  a  given  volume  fraction  of  precipitates  the  highest  yield  stress 
will  be  achieved  with  the  smallest  particle  and  grain  size.  Results  obtained 
by  the  two  previously  mentioned  techniques  are  presented  below. 

2.1  -  RAPIDLY  SOLIDIFIED  ALLOYS  (R  S.  ALLOYS) 

The  chemical  compositions  of  7xxx  alloys  is  modified  by  additions  of 
transition  elements  like  Co,  Zr  or  Ni  in  order  to  precipitate  very  thin 
interraetallic  phases.  The  table  below  compares  the  composition  of  four  of  such 
alloys  to  that  of  the  conventional  7050  and  7075  series  [3]  (wt%) : 


Alloy 

Zn 

Mg 

Cu 

Co 

Zr 

Ni 

7090 

8 

2.5 

1 

1.5 

- 

- 

7091 

6.5 

2.5 

1.5 

0.4 

- 

- 

CW67 

9 

2.5 

1.5 

- 

0.14 

0.1 

PM64 

7.4 

2.4 

2.1 

0.3 

- 

0.2 

7050 

6.2 

2.2 

2.3 

- 

0.12 

- 

7075 

5.6 

2.5 

1.6 

- 

“ 

“ 

Rapid  solidification 

leads 

to 

the  formation  of  MgZn^  precipitates  which 

characterize  the  7xxx  series. 

but 

the  Co  addition  gives  rise  to  Al^, 

COj  preci- 

pitation  which 

contributes  to 

the 

hardening,  prevents 

from  recrystallization. 

refines  the 

grain  size 

and  trap 

the  impurities,  for 

instance  iron  form  the 

ternary  Al^ 

(Co, 

,  Fe  )  compound 

[4]  . 

Nickel  addition  leads  to  the  formation  of 

Al^ (Ni.Fe) j 

probably  during  the  consolidation  step  [51 

.  Concerning 

zirconium. 

the  litterature 

i  seems  to 

indicate 

a  limited 

A1  Zr  precipitation. 

The  mechanical  properties 

of 

the  R.S 

.  alloys. 

as  summarized  in  the 

following  table,  can  be 

compared  with  those 

of  the  7075 

alloy: 

Alloy 

Yield 

Tensile 

Elonga- 

Toughness 

Density 

Young '  s 

stress 

strength 

tion 

modulus 

Mpa 

Mpa 

% 

Mpa/m 

g/cm^ 

GPa 

7090  T6E192 

L 

641 

676 

10 

2.850 

73.8 

Extruded 

LT 

600 

648 

10 

T7E71 

L 

579 

621 

9 

31 

ST 

490 

558 

8 

20 

Forged  T7E71 

579 

613 

10 

7091  T6E192 

L 

558 

614 

11 

2.823 

72.4 

Extruded 

LT 

538 

586 

13 

T7E69 

L 

545 

593 

11 

46 

LT 

496 

545 

9 

33 

ST 

455 

524 

9 

26 

Forged  T7E69 

530 

579 

13 

CW  67 

L 

579 

614 

12 

47 

2.88 

Extruded 

LT 

528 

570 

10 

26 

ST 

499 

560 

9 

24 

Forged  T7X2 

L 

579 

602 

14 

44 

LT 

57  2 

606 

15 

ST 

531 

572 

9 

34 

PM  64  TX7 

540 

585 

10 

34 

7075 

L 

456 

530 

13 

34 

2.796 

71.7 

LT 

447 

520 

12 

ST 

441 

510 

8 

28 

The  line  segments  plotted  in  the  figure  1  (5J  show  the  evolution  of  the 

material  toughness  versus  its  yield  stress,  after  appropriate  thermal 
treatments.  The  CW67  alloy  exhibits  the  best  performances  concerning  the  yield 
stress  (from  586  to  660  MPa)  as  well  as  the  toughness  (from  38  to  53  MPa/m) . 

The  R.S.  7xxx  alloys  exhibit  a  better  corrosion  and  stress  corrosion 
resistance  than  the  7xxx  alloys  obtained  by  ingot  solidification.  The  oxide 
film  is  about  7  nm  thick  for  all  the  alloys.  Stress  corrosion  in  the 
conventional  7xxx  alloys  increases  with  the  iron  content  and  with  the 
precipitate  size.  Because  the  R.S.  technique  leads  to  trapping  of  iron 
impurities  in  small  precipitates  (Al^(Co,Fe^,  Al^(Ni,Fe)^,  ...)  the  crack 
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Fig.  1.  The  toughness  vs  the  yield  stress  In  the 
rapidly  solidified  (7090,  7091  and  CW67)  and  con¬ 
ventional  (7060  and  7075)  alloys  (6|. 


Pig.  2.  The  yield  stress  (LE),  tensile  strength 
(RM)  and  elongation  vs  the  volume  fraction  of  the 
dlspersolds  In  the  mechanically  alloyed  Al-C-0 
alloys;  comparison  with  the  SAP  alloy  |10]. 
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Fig.  3.  Change  in  the  tensile  strength  and 
elongation  measured  at  room  temperature  In  the 
Al-l.lC-0.80  and  A1-3.3C-1.10  alloys  vs  the 
exposure  temperature  for  100  hours  (161. 


Fig.  6.  Change  in  the  precipitate  size  vs  the 
time  at  426’C  in  Al-8.8Fe-3.7Ce  alloy;  effect  of 
an  applied  stress  |24|. 


aSML  I  Si  12 


too  200  300  400  500 
TEMPERATURE  CC) 


too  200  300 

TEMPERATURE  CC) 


Fig.  4.  Change  in  the  yield  stress  (LE),  tensile  strength  (RM)  and  elongation 
vs  the  temperature  in  (a)  DISPAL  2  and  DISPAL  1S112  alloys  |12|  and  (b)  IN9052 
alloy  |18). 
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Fig.  6.  Change  in  the  hardness  measured  at  room  temperature  vs  (a)  the 
exposure  temperature  for  1  hour  In  the  Ai-7.4Fe-3.4Ce  alloy  |26|  and  (b)  the 
time  exposure  at  300*C  In  the  Al-8Fe-4Ce  alloy;  comparison  with  the 
conventional  2219-T87  alloy  |26|. 
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Fig.  7.  Change  In  the  tensile  and  compression 
yied  stresses  measured  at  room  temperature  vs  the 
exposure  temperature  for  1000  hours  In 
Al-9.7Fe-6.0Ce  alloy.  127.281. 
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Fig.  8.  Effect  of  an  exposure  at  high  temperature 
upon  the  yield  stress  measured  at  room 
temperature  In  the  Al-7.lPe-6.0Ce  and  the 
conventional  2219-T81  alloys  |29|. 
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Fig.  9.  Change  in  the  specific  tenaiie  strength 
vs  the  temperature  in  the  rapidly  solidified 
Al-Fe-Ce  alloys  and  conventional  QSia-TBl  and 
Ti-6A1-4V  alloys  1211. 
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Fig.  10.  Change  in  the  yield  stress,  tensile 
strength  and  elongation  vs  the  temperature  in  the 
Al-8.4Fe-7.2Ce  alloy;  (a)  effect  of  the  hydrogen 
content:  (b)  effect  of  the  extrusion  ratio  1211. 
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Fig.  11.  Fatigue  crack  growth  rate  In  the  rapidly 
solidified  Al-8Fe-4Ce  and  conventional  2219-T87 
alloys  at  25  and  300  *C  |26|. 


Fig.  13.  Change  In  the  elongation  vs  the  tempera 
ture  in  the  rapidly  solidified  (SR)  and  then  me 
chanically  alloyed  (SRAM)  Al-8Fe-4Ce  alloy  |3l|. 
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Fig.  12,  Change  In  the  hardness  measured  at  room  temperature  vs  (a)  the 
exposure  time  at  450  'C  and  (b>  the  exposure  temperature  for  Ih  In  the  rapidly 
solidified  (SR)  and  then  mechanically  alloyed  (SRAM)  Al-8Fe-4Ce  alloy  (31 1. 


6E-18 


^-22 

.  Ai  aaH-K»CA 

^  -23 

1  AhF9 

d 

tu  -24 

i 

a  A/,  Zr 

13-^5 

- 

g 

8  .26 

/• 

/ 

!J>  -27 

N 

■  A  Ai-tPfijv-ua  ^ 

ki 

■  AIgZr  [LIgl 

^  -2B 

1^  1,4  IJ5  Ifi 

i/r(xiooo) 


Fig.  14.  Compression  test  at  high  temperature  In 
rapidly  solidified  (SR)  and  then  mechanically 
alloyed  (SRAM)  Al8.4Fe3.6Ce  alloy:  strain  rate  / 
self-diffusion  coefficient  of  Al  vs  applied 
stress  /  Young's  modulus  136|. 


Pig.  16.  Change  in  the  ripening  rate  of  the 
precipitates  vs  the  temperature  In  the  Al-Fe-V-Sl 
alloys,  comparison  with  that  of  the  precipitates 
In  Al-Fe-X  alloys  and  Al^Zr  (DO^j  and  Ll^  struc¬ 
ture)  137). 
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Fig.  16.  Change  In  the  yield  stress  and  elon¬ 
gation  measured  at  room  temperature  vs  the  expo¬ 
sure  time  at  426  ‘C  In  Al-Fe-V-Sl  alloys  |36|. 


Pig.  17.  Change  In  the  tensile  strength  measured 
at  room  temperature  vs  the  exposure  temperature 
for  100  hours  In  the  Al-Fe-V-Sl  alloys  and 
comparison  with  the  Al-Fe-X  alloys  136). 
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Pig.  18.  Change  In  the  tensile  strength  measured  at  room  temperature  vs  (a) 
the  exposure  time  at  600,  660  and  600  *C  and  (b)  the  exposure  temperature  for 
10,  60  and  100  h  In  the  PVS  1212  alloy  |4I|. 
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Fig.  28.  Change  In  the  yield  stress  (LE),  tensile 
strength  (RM)  and  elongation  vs  the  extrusion 
temperature  In  the,  pre-heated  for  45  min, 
as-extruded  and  aged  for  1000  hours  at  300*C 
Al5Cr2ZrlHn  alloy  (52|. 
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Fig.  30.  Comparison  of  the  precipitate  coarsening 
rates  for  different  alloys  at  _  g426'C,  all  the 
curves  are  shifted  so  r^  Is  ixio”  m  |66|. 


Pig.  29.  Change  in  the  yield  stress  vs  the  tempe 
rature  in  the  Al-Cr-Zr-Mn  and  2219  alloys  |62|. 
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Pig.  32.  Change  in  the  tensile  strength  and 
elongation  measured  at  room  temperature  vs  the 
exposure  temperature  for  100  hours  in  the 
Al-4.8Si-12.6Mn  and  Al-6.8Cr-6.1Y  alloys  160). 
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Fig.  31.  Creep  strain  curves  In  the  Al-Pe-Ce  and 
Al-V-Zr  alloys  |67|. 


Fig.  33.  Change  In  the  tensile  strength  (RM)  and 
elongation  (El)  vs  the  temperature  In  the 
Al-4.8Sl-12.6Mn  and  Al-6.8Cr-6.1Y  alloys  (601. 


(a)  (b) 

Fig.  20  Change  In  (a)  the  yield  stress  and  (b)  the  elongation  vs  the 
temperature  In  the  FVS  1212  alloy  at  different  strain  rates  142,431 
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Fig.  19.  Change  In  the  yield  stress  vs  the  Flg.2l.  Change  In  the  creep  strain  rate  vs  the 

temperature  in  the  AlFeVSl  alloys,  comparison  applied  stress  at  different  temperatures  In  the 

with  the  AlFeX  alloys  and  AlX  alloy  with  the  Alll.7Fel.16V2.4Sl  alloy  144|. 

same  specific  yield  stress  as  the  T16A14V  alloy 
1361. 
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Fig.  22.  Change  In  the  average  radius  cubed  of 
the  precipitates  vs  the  time  In  AlFeVSl  alloys; 
effect  of  an  applied  stress  |44|. 
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(a)  (b) 

Fig.  23.  Change  in  the  hardnesa  of  (a)  the  Ai-3Cr-AZr  alloy  vs  x  and  (b)  the 
Al-yCr-lZr  alloy  vs  y  as  rapidly  solidified  and  peak  aged  148,49). 


Fig.  24.  Change  in  the  hardness  of  the  All.SCr, 
A11.7Zr  and  All.8Crl.7Zr  alloys  during  aging  at 
400  ‘C  (50). 


Fig.  26.  Change  In  the  hardness  of  the 
A14.6Crl.7Zr  alloy  during  aging  at  360,  400  and 
460’C  149,61,521. 


Pig  26.  Change  In  the  hardness  of  the  rapidly 
solidified  Al8Fe  and  A16Cr2ZrlMn  alloys  during 
aging:  effect  of  the  solidification  rate  162). 


TEMP€RATURE  fC) 


Fig.  27.  DSC  chart  showing  the  decomposition  of 
the  rapidly  solidified  solid  solution  In  the 
powder  of  Al-4.28Cr-1.04Zr-l  41Mn  alloy  |49). 
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RAsuniA 

L’extenslon  des  domalnes  d ' appl Ica t Ions  des  alllages  d' aluminium  requiert  de  nouvelles 
compositions  et  la  mlse  en  oeuvre  de  nouveaux  procAdAs.  La  mAtallurgle  des  poudres  offre 
la  posslb'llltA  d'utlllser  des  compositions  comportant  des  AlAraents  proscrlts  dans  les 
alllages  conventlonnels :  mAtaux  de  transition,  terres  rares,  oxygAne ,  carbone  par 
exemple .  Les  mAthodes  relevant  de  la  solidification  raplde  et  de  I'alllage  mAcanique 
perroettent  d' Allminer  ou  de  corrlger  les  AlAments  de  la  microstructure  qui  limitaient 
fortement  I'utlllsatlon  de  tels  alllages  obtenus  par  les  procAdAs  classiques.  Les  micro¬ 
structures  et  les  proprlAtAs  mAcanlques  des  alllages  A  forte  rAslstance  mAcanique  A  la 
tempArature  ordinaire,  7090,  7091,  CW67  et  Al-C-0  seront  prAsentAes.  Les  diffArents 

types  d'alllages  pour  applications  A  haute  tempArature  seront  Agalement  revus :  Al-Fe-Ce, 
Al-Fe-V-Si,  Al-Cr-Zr,  Al-Zr-V,  Al-Cr-Y  et  d’autres  dont  I'Atude  est  en  cours. 

1  -  INTRODUCTION 

L'utllisatlon  d'alllages  d'alumlnium  dans  de  nouveaux  domalnes  d' application  requiert 
1 ' amAlioratlon  d’au  molns  une  ou  deux  proprlAtAs  sans  pour  autant  qu'll  y  alt  dAgradation 
des  autres  proprlAtAs.  II  peut  s'agir  d’une  proprlAtA  physique,  la  densitA  par  exemple, 
d'une  proprlAtA  mAcanique,  la  rAslstance  mAcanique  par  exemple,  ou  encore  d'une  pro¬ 
prlAtA  chlralque,  la  rAslstance  A  la  corrosion  par  exemple. 

Pour  les  alllages  conventlonnels,  1 'optimum  a  AtA  attaint  tant  au  niveau  de  la  composi¬ 
tion,  choix  et  concentration  des  AlAments  d'addltion,  qu'au  niveau  des  procAdAs ,  en  par- 
tlculier  les  traltements  thermlques  et  thermomAcanlques .  Pour  amellorer  les  performances 
on  doit  avoir  recours  soit  A  de  nouvelles  compositions,  mais  alors  les  procAdAs  conven- 
tionnels  ne  conviennent  pas,  solt  A  de  nouveaux  procAdAs  avec  les  compostions  conventlon- 
nelles  ou  avec  des  compositions  nouvelles.  On  dolt  alors  viser  A  obtenir  des  mlcrostruc- 
tures  ayant  certalnes  caractAr Istlques  comme  par  exemple  des  grains  plus  petits,  des 
dlspersoides  plus  fins,  plus  stables  thermlquement , . . . 

Ces  nouvelles  microstructures  sont  obtenues  par  des  procAdAs  au  cours  desquels 
I'alllage  se  trouve  dlvisA  en  partlcules  de  poudre  plus  ou  molns  fines.  Pour  les  AlAments 
d'addltion  solubles  dans  I'aluminlum  llquide,  la  division  est  rAalisAe  dans  I'Atat 
llqulde  et  chaque  goutte  se  solidifie  rapidement;  une  autre  posslbilitA  est  de  projeter 
un  jet  d'alliage  fondu  sur  un  support  tournant  et  de  rAcupArer  solt  des  paillettes,  solt 
un  ruban  trAs  mince;  ces  procAdAs  relAvent  des  techniques  de  la  solidification  raplde. 
Pour  les  AlAments  d'addltion  peu  solubles  dans  I'aluminlum  llquide,  on  procAde  par 
broyage  des  partlcules  dans  un  milieu  contrAlA;  les  phAnomAnes  de  rupture  et  de  soudure 
qui  se  succAdent  permettent  d'incorporer  dans  I'alllage  soit  mAcanlquement ,  solt  par 
rAactlon  chlmlque  sur  la  surface  fralche  de  rupture,  des  AlAments  contenus  dans  le 
milieu  envlronnant  (gaz,  llquide  ou  sollde);  ces  procAdAs  relAvent  des  techniques  de 
I'alllage  mAcanique. 

Trois  domalnes  d'applicarions  sont  envlsagAs  pour  le  dAveloppement  de  ces  nouveaux 
alllages  d'alumlnium  [1,2]: 

(1)  alllages  A  falble  densitA  en  vue  de  remplacer  les  alllages  2029-T3,  7075-T6  et 
7075-T3  dans  la  construction  aAronautlque ;  la  rAductlon  de  la  densitA  est  obtenue 
par  addition  de  lithium.  Ce  sujet  falsant  I'objet  de  deux  confArences  particullAres 
dans  cette  SArle,  11  ne  sera  pas  abordA  par  la  suite. 

(2)  alllages  A  forte  rAslstance  mAcanique  A  la  tempArature  ordinaire  en  vue  de  rem¬ 
placer  I'alllage  7075-T6;  ce  tenforcement  de  la  rAslstance  mAcanique  est  obtenu  soit 
par  solidification  raplde  d'alllages  7xxx  auxquels  on  ajoute  des  AlAments  des  mAtaux 
de  transition,  solt  par  alllage  mAcanique  d'alumlnium  ou  d'alliage  aluminium- 
magnAslum  dans  lesquels  on  incorpore  de  I'oxydc  et  du  carbure  d'alumlnium. 

(3)  alllages  pour  applications  A  tempArature  AlevAe  (350''C)  en  vue  de  remplacer  les 
alllages  de  titane  et  les  aclers;  la  falble  densitA  des  alllages  d'alumlnium  et  la 
facllltA  de  leur  uslnage  constituent  des  avantages;  ces  alllages  sont  obtenus  par 
solidification  raplde  d'alllages  d'alumlnium  avec  des  AlAments  des  mAtaux  de  transi¬ 
tion  et  des  terres  rares;  des  essais  sont  falts  pour  bAnAficler  e.i  outre  des  poten- 
tlalltAs  de  1 ' alllage  mAcanique . 

2  -  ALLIAGES  A  FORTE  RESISTANCE  MECANIQUE  A  LA  TEMPERATURE  ORDINAIRE 

La  dAformatlon  plastlque  des  alllages  d'alumlnium  A  la  tempArature  ordinaire  est 
assocIAe  au  gllssement  des  dislocations  A  travers  le  rAseau  de  la  matrlce.  Le  durcls- 
sement  de  I'alllage  est  du  A  1 '  Interaction  des  dislocations  mobiles  avec  les  atomes  des 
solutAs,  les  prAcIpltAs  et  les  dislocations  de  la  forAt;  deux  autres  paramAtres  contro- 
lent  le  durclssement ;  la  texture  et  la  tallle  des  grains  [2).  L' interaction  des  disloca¬ 
tions  mobiles  avec  les  prAclpltAs  peut  se  produlre  solt  par  clsalllement  du  prAclpltA, 
solt  par  son  contournement  sulvant  le  mAcanlsme  d'Orowan;  dans  le  cas  des  alllages  A 
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forte  resistance  mecanlque  ayant  A  subir  des  expositions  h  haute  temperature,  le  meca- 
nisrae  d'Orowan  est  preponderant  car  11  s'aglt  de  pr^clpites  durs  et  incoherents  avec  la 
matrice.  La  contribution  de  cette  Interaction  <i  la  llmlte  elastlque  s'exprlme  en  pre¬ 
miere  approximation  par: 

(Tor  -  Ot.G.b/Dp-a.G.b.fy  /dp 

a  est  un  coefficient  dont  la  valeur  est  volslne  de  I'unite,  G  le  module  de  clsaillement 
de  la  matrice,  b  le  vecteur  de  Burgers  des  dislocations  mobiles.  Dp  la  distance  moyenne 
entre  preclpitds,  dp  leur  tallle  et  f^  leur  fraction  volumique.  La  contribution  agp  sera 
d'autant  plus  forte  que  Dp  sera  plus  petit  ou  encore  ,  S  fraction  volumique  constante,  que 
dp  sera  plus  petit.  La  contribution  de  la  tallle  des  grains  k  la  llmlte  elastlque 
s ' exprime  par : 


k  est  un  coefficient  qul  depend  de  la  nature  de  la  matrice  et  D  la  tallle  moyenne  des 
grains.  Enfln  la  contribution  de  la  texture,  si  elle  exlste,  s'exprlme  i  travers  le  fac- 
teur  de  Taylor.  La  llmlte  dlastlque  et  la  resistance  mecanlque  seront  d'autant  plus 
elevees  que  les  predpltes  seront  plus  petlts,  leur  fraction  volumique  plus  grande  et  la 
tallle  des  grains  de  la  matrice  plus  petite.  La  texture  Introdult  une  anlsotrople  de 
1 ' alliage . 

Les  alllages  d' aluminium  4  forte  resistance  mecanlque  sont  obtenus  par  les  deux 
methodes  Indlquees  dans  1' Introduction;  solt  par  solidification  raplde ,  soft  par  alliage 
mecanlque . 

2.1  -  ALLIAGES  OBTENUS  PAR  SOLIDIFICATION  RAPIDE 


Ces  alllages  sont  conslderes  comme  des  alllages  de  la  .serle  7xxx  auxquels  on  ajoute 
des  elements  des  mdtaux  de  transition  en  vue  d'obtenlr  des  preclpltes  flnement  disperses. 
Quatre  alllages  ont  ete  plus  partlculierement  etudies,  leur  compositions  sor.t  Indlquees 
cl-aprAs  [3]  (pds%) : 


Alliage 

Zn 

Mg 

Cu 

Co 

Zr 

N1 

7090 

8,0 

2,5 

1 

1  ,5 

7091 

6,5 

2,5 

1.5 

0,4 

CW67 

9,0 

2.5 

1.5 

0,14 

0,1 

PM64 

7,4 

2,4 

2.1 

0.3 

0,2 

7050 

6,2 

2.2 

2,3 

0,12 

7075 

5,6 

2.5 

1,6 

Par  rapport  aux  alllages  conventlonnels  7050  et  7075,  la  concentration  en  zinc  est 
plus  forte  et  les  elements  Co,  Zr+Nl  et  Co+Nl  sont  ajoutes.  L'addltlon  de  cobalt  conduit 
apres  la  solidification  raplde  4  une  dispersion  fine  de  preclpltes  AI9  C02  qul  apportent 
une  contribution  suppiementalre  4  la  resistance  mecanlque,  en  plus  des  preclpltes  MgZn^ 
caracterlstlques  des  alllages  de  la  serle  7xxx.  En  outre  les  preclpltes  AI9  Coj  bloque  la 
recrlstalllsatlon,  affine  la  tallle  du  grain  de  la  matrice  et  piege  les  Impuretes  comme 
le  fer  en  donnant  des  composes  du  type  AI9  (Co.Fe)^  [A],  L'addltlon  de  nickel  prodult  les 
preclpltes  AI9  (Nl,Fe)2  ,  ceux-cl  se  formeralent  par  une  reaction  4  I'etat  sollde  durant 
la  consolidation  de  la  poudre  d'all'.age  (5).  Les  preclpltes  Alj  Zr  n' apparalssent  qu'en 
tres  petit  nombre. 

Les  proprietes  mecanlques  en  traction  des  alllages  solidifies  rapldement,  4  la  tem¬ 
perature  ordinaire,  sont  Indlquees  cl-aprAs,  elles  sont  comparees  4  celles  des  alllages 
conventlonnels  [4, 5, 6, 7]: 

Alliage  Llmlte  Resist.  Elongat.  Tenaclte  Denslte  Module 
elast.  mecan.  rupture  ^  d'Youn;; 

MPa  MPa  %  MPa/m  g/cm  GPa 


7090  T6E192 
Extrude 

T7E71 

Forge  T7E71 

L 

LT 

L 

ST 

641 

600 

579 

490 

579 

676 

648 

621 

558 

613 

10 

10 

9 

8 

10 

31 

20 

2,850 

7091  T6E192 

L 

558 

614 

11 

2,823 

Extrude 

LT 

538 

586 

13 

T7E69 

L 

545 

593 

11 

/  6 

LT 

496 

54  5 

9 

33 

ST 

455 

524 

9 

26 

Forge  T7E69 

530 

579 

13 

CW6  7 

L 

579 

614 

12 

4  7 

Extrude 

LT 

528 

570 

10 

26 

ST 

499 

560 

9 

24 

Forge  T7X2 

I, 

579 

602 

14 

44 

73,8 


72,4 


2,88 
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LT 

ST 

572 

531 

606 

572 

15 

9 

39 

PM69  TX7 

590 

585 

10 

39 

7075 

L 

956 

530 

13 

39 

2,796 

71,7 

LT 

997 

520 

12 

ST 

991 

510 

8 

28 

La  comparalson  des  proprl^t^s  des  alllages  extrudes  7090,  7091  et  CW67  avec  les  autres 
alllages  de  la  s^rle  7xxx  est  falte  sur  un  dlagramme  llmite  ^lastique- t^nacit^ :  chaque 
alliage  est  repr^sent^  par  un  segment  de  droltc  correspondent  aux  diff^rentes  corabinal- 
sons  de  la  llmite  61astlque  et  de  la  t^naclt^  qu'll  est  possible  d'obtenlr  avec  un  tral- 
tement  thermlque  approprie  (fig.  1)  [5).  On  note  clairement  les  avantages  de  I'alllage 

CW67  sur  tous  les  autres  alllages;  11  pr^sente  la  mellleure  combinalson  de  la  llmite 
^lastique  (de  586  A  660  MPa)  et  de  la  tenacity  (de  38  4  53  MPaVra)  . 

Les  alllages  7xxx  +  mdtal  de  transition  pr^sentent  une  mellleure  resistance  A  la  cor¬ 
rosion  et  A  la  corrosion  sous  contrainte  que  les  alllages  7xxx  assocl^s  conventlonnels . 
L'^palsseur  du  film  d’oxyde  est  pratlquement  la  m6me  pour  tous  ces  alllages,  de  I'ordre 
de  7  nm.  La  corrosion  sous  contrainte  est  tr^s  sensible  A  la  microstructure:  la  fissure 
de  corrosion  s'amorce  d’autant  plus  facllement  que  celle-ci  comporte  de  gros  prSclplt^s 
contenant  en  general  le  fer  qui  reste  toujours  en  Impuret^  dans  1' aluminium,  c'est  le  cas 
des  alllages  classiques  de  la  sdrle  7xxx.  La  solidification  raplde  a  pour  effet  d'^11- 
rainer  les  gros  pr6clplt6s,  de  produlre  des  pr^ciplt^s  fins  qul  plfegent  le  fer:  I’amor^age 
de  la  fissure  de  corrosion  sous  contrainte  n'lntervlent  qu’au  bout  d’un  temps  plus  long. 
Par  ailleurs  dans  les  alllages  conventlonnels,  les  joints  de  grains  sont  relatlvement 
longs  et  plats  et  la  fissure  peut  s'y  propager  sur  des  distances  de  plusleurs  dlzalnes  de 
microns  sans  rencontrer  d'obstacle.  Dans  les  alllages  solidifies  rapldement  les  grains 
cot  une  taille  de  1  A  3  microns,  le  trac4  des  joints  y  est  irreguller  et  tourmente,  ce  qul 
tralne  un  fort  ralentlssement  de  la  propagation  de  la  fissure;  la  vltesse  de  propa- 
ga.,lon  dans  I'alllage  7075-T73  est  3,7  fols  plus  forte  que  dans  I'alllage  7091-T7E69  en 
sc" ution  A  3,3%  de  chlorure  de  sodium  [8,9]  . 

2.2  -  ALLIAGES  OBTENUS  FAR  ALLIAGE  MECANIQUE 

Ces  alllages  contlennent  tous  de  I'oxygAne  sous  forme  d'oxyde  Al^Oj  et  du  carbone  sous 
forme  de  carbure  Al^Cj  .  Ils  peuvent  contenir  en  outre  du  siliclum  et  du  magnesium. 
Quelques  unes  des  compositions  cities  dans  la  llttArature  sont  Indlqu^es  cl-aprAs 
[10,11,12]  : 


Alliage 

0 

C 

Mg 

Si 

fv(%) 

DISPAL  0 

2,5 

- 

- 

DISPAL  2 

1 

2 

- 

- 

10-12 

DISPAL  3 

0,8 

3 

- 

- 

DISPAL  1S112 

1 

1 

- 

12 

6-10 

IN9052 

0,6 

1.1 

4 

- 

6 

fy  d^slgne  la  fraction  volumlque  des  dlspersoldes ;  1%  en  poids  de  carbone  prodult  9,5%  en 
volume  de  carbure  et  1%  en  poids  d'oxygAne  prodult  1,6%  en  volume  d'oxyde. 

Dans  la  poudre  brute  de  broyage,  I'oxygAne  et  le  carbone  sont  ImpllquAs  dans  des  com¬ 
poses  amorphes  qul  produlsent  des  anneaux  sur  les  cliches  de  diffraction  des  electrons. 
Les  composes  crlstalllses  n' apparalssent  qu'aprAs  les  dlffercntes  phases  du  traltement 
de  consolidation  [13].  Ils  ferment  des  dlspersoldes  trAs  fins  dont  les  tallies  sont  de 
30-90  nm  pour  I'oxyde  et  de  20-100  nm  pour  le  carbure;  Ils  sont  places  sur  les  joints  de 
grains  ,  Isoies  ou  regroupes;  quelques  uns  sont  A  1' Inter leur  des  grains.  La  taille  des 
grains  de  la  matrice  est  egale  A  0,2-0, 5  fim.  Dans  I'alllage  1N9052  11  peut  apparaltre 
egalement  des  predpltes  du  compose  Intermetall Ique  Al3Mg2. 

Les  proprietes  mecanlques  en  traction  de  ces  alllages  A  la  temperature  ordinaire  sont 
Indfquees  ci-aprAs; 


Alliage 

Llmite 
eiast . 

MPa 

Resist . 
mAcan . 

MPa 

Elongat . 
rupture 

% 

TAnaclte 

MPaVm 

Densite 

g/cm’ 

Module 
d' Young 
GPa 

DISPAL  2 

300-390 

390-380 

8-12 

2,70 

80 

DISPAL  1S112 

300-390 

390-380 

9-  8 

2,66 

85 

IN9052 

380 

950 

13 

99 

2,68 

76 

Ces  proprietes  ont  egalement  ete  mesurees  en  falsant  varler  la  concentration  en  oxy- 
gAne  et  en  carbone  et  par  vole  de  consAquence  la  fraction  volumlque  des  dlspersoldes;  le 
rAsultat  obtenu  avec  une  matrice  1' aluminium  pur  est  IndlquA  A  la  figure  2  [10]  ,  la 
llmite  eiastlque  et  la  resistance  mAcanlque  crolssent  llnealrement  avec  la  fraction 
volumlque;  la  comparalson  sur  la  mArae  figure  avec  I'alllage  SAP  montre  nettement  I'avan- 
tage  de  I'alllage  mAcanlque:  11  y  a  un  gain  de  100  A  150  MPa.  Dans  les  deux  cas  I'Alon- 
gatlon  A  la  rupture  dAcrolt  quarid  la  fraction  volumlque  augmente. 

Seuls  les  dlspersoldes  placAs  A  1  ' IntArleur  des  grains  constituent  des  obstacles  au 
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d^placement  des  dislocations;  comme  11s  sont  relatlvement  peu  nonibreux,  leur  contri¬ 
bution  A  la  limlte  ^lastlque  n'est  pas  pr6pond6rante .  11  est  probable  que  la  co^i^Jr ibutlon 
la  plus  importante  est  celle  de  la  tallle  des  grains  D;  cependant  la  loi  en  D  ne  peut 
pas  6tre  v4rlfl6e  car  I’alllage  ni4canlque  ne  prodult  qu’un  doraaine  restraint  de  tallle  de 
grain.  Dans  le  cas  de  I’alllage  1N9052 ,  le  magn^slun  peut  ^galaraent  apporter  une  contri¬ 
bution  en  tant  que  solute. 


La  stability  thertnlque  des  alllages  Al-C-0  est  remarquable : leur  microstructure  est 
malntenue  et  leurs  proprl^tes  m^canlques  mesur^es  A  la  temperature  ordinaire  sont 
conservees  apr^s  un  maintien  A  Haute  temperature.  Un  malntien  de  100  heures  A  510*C  ne 
modifie  nl  la  tallle  des  grains  de  la  matrlce,  nl  la  tallle  des  dispersoldes  [14].  Un 
malntien  allant  Jusqu'd  250  heures  A  une  temperature  de  SOO'C  n'entraine  aucune  variation 
de  la  resistance  mecanlque,  nl  de  I’eiongation  A  la  rupture  [12,15,16,17]  (fig. 3). 
L'alliage  IN9052  n'est  pas  aussl  thermlquement  stable:  sa  resistance  mecanlque  mesuree  A 
la  temperature  ordinaire  diminue  de  14%  environ  aprAs  un  maintien  de  100  heures  4  510'’C 
[14];  cette  diminution  est  probablement  due  A  la  coalescence  des  predplte  du  compose 
AljMgj  . 

Des  que  la  temperature  s..’eieve,  les  proprietes  mecaniques  de  ces  alllages  se  degra- 
dent.  A  300*0  la  resistance  mecanlque  de  l'alliage  DISPAL  2  ne  represente  plus  que  52%  de 
celle  mesuree  A  la  temperature  ordinaire;  cette  proportion  est  encore  plus  faible,  40%, 
pour  l'alliage  DISPAL  1S112  (fig.  4a)  [12].  On  remarque  que  I'eiongatlon  A  la  rupture 
diminue  regulierement .  Tous  les  alllages  Al-C-0  ont  un  comportement  du  meme  type  [17]. 
Pour  l'alliage  1N9052  la  degradation  est  encore  plus  marquee  (fig.  4b)  [18];  on  note  que 
I'eiongatlon  A  la  rupture  passe  par  un  maximum. 

L'alliage  mecanlque  ameilore  aussl  la  resistance  4  la  corrosion  qui  est  caracterls- 
tlque  des  alllages  Al-Mg.  Cependant  4  I' Inverse  des  alllages  conventlonnels  de  meme  com¬ 
position  de  base,  l'alliage  IN9052  est  resistant  4  la  corrosion  par  exfoliation  et  4  la 
corrosion  sous  contralnte.  Par  immersion  alternee  dans  une  solution  4  3,5%  de  chlorure  de 
sodium  4  30*C,  I'attaque  n'est  que  de  4  fim  par  an  pour  les  alllages  1N9052  et  5083-H112 
alors  qu’elle  est  de  227  »im  par  an  pour  l'alliage  7075-T73.  Le  seull  de  contralnte  pour  la 
corrosion  sous  contralnte  dans  les  memes  conditions  est  de  380  MPa  pour  l'alliage  IN9052 
[18]. 


L' application  de  la  methode  de  l'alliage  mecanlque  aux  alllages  conventlonnels  ne 
conduit  pas  toujours  4  des  resultats  satlsfalsants ;  c'est  le  cas  par  exemple  de  l'alliage 
7075: 


7075-T6 

Limlte  41astlque  (MPa)  503 
Resistance  mecanlque  (MPa)  572 
Elong.  4  la  rupture  (%)  10 


Brut  d'AM 
550 
615 
2 


AM  +  T6 
595 
645 
3,5 


On  note  blen  une  augmentation  Importante  de  la  limlte  eiastlque  et  de  la  resistance  meca¬ 
nlque  ,  mals  au  detriment  de  la  ductll Ite  [ 10] . 


3  -  ALLIACES  POUR  APPLICATIONS  A  HAUTE  TEMPERATURE 


La  deformation  plastlque  4  haute  temperature  est  controiee  essent le 1 lement  par  les 
phenomenes  de  diffusion:  diffusion  des  lacunes  necessalres  4  la  montee  des  dislocations, 
diffusion  des  solutes  le  long  des  dislocations  et  le  long  des  joints  de  grains  pouvant 
entralner  des  modifications  de  la  microstructure,  diffusion  4  travers  le  reseau  cor- 
respondant  4  un  transport  de  matiere.  La  degradation  des  proprietes  mecaniques  des 
alllages  quand  la  temperature  augmente  peut  Atre  attrlbuee  4  la  recrlstalllsatlon  de  la 
matrlce,  si  les  joints  de  grains  peuvent  se  dAplacer  alsement,  au  grosslssement  par 
coalescence  des  predpltAs,  si  les  elements  constltutlfs  sont  solubles  et  dlffusent 
facllement  4  travers  la  matrlce,  enfln  4  de  nouveaux  mAcanlsmes  de  deformation  lies  4  la 
diffusion,  montee  des  dislocations  et  gllssement  aux  joints  de  grains  par  exemple. 

Dans  le  cas  des  alllages  d'alumlnlum,  pour  limiter  la  degradation  des  proprietes 
mecaniques  quand  la  temperature  augmente,  on  cherchera  done  4  bloquer  le  dAplacement  des 
joints  de  grains  de  la  matrlce  par  des  dispersoldes  places  sur  eux  et  4  reallser  le 
durclssement  de  l'alliage  par  des  predpltAs  durs,  thermlquement  stables  et  qul  ne 
coalescent  que  trAs  lentement,  c ' es t -4 -dire ,  d'une  part,  qui  comportent  des  elements 
d'addltlon  ayant  une  faible  solublllte  et  une  faible  dlffuslvlte  et,  d’autre  part,  qul 
ont  une  faible  Anergle  d' Interface  avec  la  matrlce.  Les  elements  des  metaux  de  transition 
et  des  terres  rates  rApondent  blen  4  la  plupart  de  ces  exigences. 

Les  premieres  etudes  ont  porte  sur  l'alliage  blnalre  aluminium- fer  solldifie  rapl- 
dement  [19]  sous  forme  de  paillettes.  Par  observation  au  microscope  mAtallograpblque  au 
grandlssement  1000  deux  types  de  microstructure  ont  Ate  mis  en  evidence:  une  zone  "A" 
sans  details  visibles  et  une  zone  "B"  qul  contenalt  des  predpltAs  trAs  fins  de  la  phase 
metastable  Al^Fe  assoclAs  4  une  structure  colonnalre  eutectlque.  Quand  la  temperature 
augmente,  cette  microstructure  tend  vers  la  microstructure  d'equllibre,  Ot-Al  +  Al,3Fe4 
par  etapes  successlves  et  on  note  s Imul tanAment  une  degradation  Importante  des  proprlA- 
tAs  mAcanlques.  Les  Atudes  se  sont  alors  poursulvles  par  la  recherche  d’alllages  ter- 
nalres  ou  quaternalres  condulsant  A  de  nouveaux  prAdpitAs  repondant  mieux  aux  exigences 
de  stabilltA  thermique.  Les  cas  des  alllages  Al-Fe-Ce  et  Al-Fe-V-Si  seront  traitAs  dans 
les  paragraphes  sulvants.  Les  alllages  4  base  a liiml nl urn  -  chrome ,  et  plus  spAclalement 
l'alliage  Al-Cr-Zr,  seront  aussl  presentAs ;  les  rAsultats  se  rapportant  4  des  alllages 
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plus  partlculiers  dont  les  preclpit^s  ont  cholsls  pour  avoir  solt  une  falble  6nergle 
d'interface  avec  la  matrice,  Al-Zr-V,  solt  une  forte  fraction  volumlque,  Al-Mn-Sl  et  Al- 
Cr-Y,  seront  dlscutAs. 

3.1  -  ALLIAGES  Al-Fe-Ce 


Une  Atude  exploratolre  [20]  sur  les  alllages  d' aluminium  avec  des  m^taux  de  transition 
(Mn,  Co,  Fe,  Nl,  Cr)  et  des  m^taux  des  terres  rares  (Ce,  La)  a  montr^  que  les  alllages  Al- 
Fe-Ce  solldlflAs  rapidement  par  pulverisation  par  gaz  puls  compactes  et  consolldAs  par 
forgeage  presentalent  des  proprlAtes  IntAressantes .  De  nombreux  travaux  ont  etA  effec- 
tuAs  sur  ces  alllages  pour  prAclser  leurs  performances  et  en  dAdulre  leurs  posslbllltAs 
de  dAveloppement . 

Les  concentrations  de  ces  alllages  sont  variables  :  de  5  A  7  at%  pour  la  somme  des 
concentrations  atomlques  en  fer  et  en  cArlum  et  de  3  A  5  pour  le  rapport  des  concentra¬ 
tions  [21]  .  La  microstructure  des  partlcules  de  poudre  dApend  de  leur  tallle  et  des 
conditions  de  solidification  ;  d’une  fa^on  gAnArale  le  front  plan  de  solidification 
s’altAre  au  cours  de  sa  progression, 11  y  a  formation  d'une  microstructure  cellulalre  qui 
se  transforme  progresslvement  en  mtcrostructure  dendrltique  plus  ou  raolns  grosslAre.  Les 
zones  Intercellulalres  ou  Interdendritlques  contlennent  des  prAclpltAs  IntermAtalllques 
dont  la  tallle  varle  de  10  A  100  nm  et  qul  se  sont  dAveloppAs  pendant  la  solidification. 
Dans  I'alllage  consolidA  des  prAclpltAs  plus  gros  sont  observAs.  Dans  I'alllage  Al- 
8,8Fe-3,7Ce  (pds%)  brut  d’extruslon  I'ensemble  des  phases  prAcipltAes  correspond  A  une 
fraction  volumlque  de  20%  [22]  la  phase  la  plus  abondante  est  la  phase  quaslcristalllne 
mAtastable  AljjjFejCe,  d’autres  composAs  IntermAtalllques  mAtastables  ont  AtA  dAtectAs, 
AlgFe  et  Al^gFe^Ce;  les  phases  stables,  A1^3Fe4  et  Al)3Fe3Ce,  sont  aussl  prAsentes  reals  en 
trAs  petite  quantltA.  Les  prAclpltAs  Al^Fe  sont  globulaires  avec  une  tallle  de  I'ordre  de 
0,1  pm;  les  quaslcrlstaux  Al2oF'e5Ce  se  prAsentent  sous  la  forme  de  bAtonnets  avec  une  lon¬ 
gueur  (environ  0,1  pm)  Agale  A  trols  fois  le  dlamAtre,  les  axes  des  bAtonnets  sont  paral- 
lAles  A  la  direction  de  I'extruslon;  les  prAclpltAs  Al^gFe^Ce  sont  Aqulaxes  avec  une 
tallle  de  I'ordre  de  0,3  pm,  11s  c'^ntiennent  souvent  des  fautes  planes. 


Un  maintlen  de  I'alllage  A  316*0  pendant  2160  heures  entralne  la  transformation  de  la 
phase  mAtastable  Al^Fe  en  la  phase  stable  A1^3Fe4  .  Au  cours  d’un  maintlen  A  plus  haute 
tempArature,  425*C,  pendant  240  heures  les  phases  mAtastables  ternalres  se  tranforment 
en  la  phase  stable  A1^3Fe3Ce.  La  composition  et  la  structure  cristalllne  de  chacune  de  ces 
phases  sont  indiquAes  cl-aprAs  (22)  : 


Al«Fe 

Al,3Fe4 

Al 

Ali3Fe3Ce 


orthorhomblque 

monoclinlque 

quasicrlstal 

orthorhomblque 

orthorhomblque 


a-0,645  b-0,744  c-0,878  nm 

a-1,549  b-0,808  c-1,248  nm  b-107*43’ 


Cmcm 

C2/m 


a-1,02  b-1,62  c-0,42  nm 
a-0,89  b-1,02  c-0,91  nm 


Cmm2  ou  C222 
Cmcm  ou  Cmc2 


AprAs  le  maintlen  A  425*C  les  prAclpltAs  Al33Fe4  et  Ali3Fe3Ce  peuvent  atteindrc  des 
tallies  de  I'ordre  de  0,3  A  0,4  pm;  les  premiers  contlennent  souvent  des  fautes  [23]. 
L'Atude  de  la  variation  de  la  tallle  des  prAclpltAs  en  fonctlon  du  temps  de  maintlen  iso- 
therme  montre  une  crolssance  rAgullAre  qul  rAsulte  d’une  coalescence  contr61Ae  par  la 
diffusion  des  atomes  solutAs,  Fe  et  Ce ,  le  long  des  Joints  de  grains  [24];  1 ' appl Icatlon 
d'une  contralnte  de  traction  pendant  le  maintlen  A  naute  tempArature  prodult  une  accA- 
lAratlon  de  la  coalescence  et  conduit  A  des  prAclpltAs  plus  gros  (fig.  5).  La  tallle  du 
grain  de  la  matrice  crolt  trAs  lAgArement  au  dAbut  du  maintlen,  de  0,7  A  0,9  pm  en  une 
dlzalne  d'heures,  puls  elle  reste  pratlquement  constante. 

Les  proprlAtAs  mAcanlques  des  alllages  Al-Fe-Ce  A  la  tempArature  ordinaire  ont  AtA 
mesurAes  par  des  essais  de  duretA  [25,26],  de  traction  [21,27]  et  de  compression  [28].  La 
stabllltA  thermlque  de  ces  proprlAtAs  aprAs  un  maintlen  A  haute  tempArature  a  AtA  explo- 
rAe  par  les  mAmes  essais.  Pour  un  maintlen  de  une  heure,  la  duretA  dlmlnue  trAs  falblement 
jusqu'A  350*C  et  au-delA  sa  dAcrolssance  est  trAs  marquAe  [25]  (fig.  6a);  pour  un  main¬ 
tlen  A  300*C,  elle  reste  pratlquement  constante  Jusqu’A  1050  heures  [26]  (fig.  6b).  La 
llmlte  Alastlque  tant  en  traction  qu’en  compression  dlmlnue  pour  des  malntlens  de  1000 
heures  A  149,  et  232*C  et  de  100  heures  A  316'C  [27,28]  (fig.  7).  La  comparalson  avec 
I'alllage  conventlonnel  2219  montre  blen  I'lntArAt  de  alllages  Al-Fe-Ce  tant  pour  la 
duretA  [26]  que  pour  la  llmlte  Alastlque  (21):  pour  I’alllage  2219,  la  duretA  dAcrolt  de 
37,5%  aprAs  un  maintlen  de  100  heures  A  300*C  (fig  6b);  sa  llmlte  Alastlque  commence  A 
dAcroltre  aprAs  un  maintlen  de  1000  heures  A  95*C  et  pour  une  tempArature  plus  AlevAe, 
315*C,  la  dAcrolssance  attaint  50%;  elle  n'est  que  de  10%  pour  les  alllages  Al-Fe-Ce  dans 
les  mAmes  conditions  (fig.  8). 

Les  proprlAtAs  mAcanlques  en  traction  A  haute  tempArature,  Jusqu'A  316°C,  ont  AtA 
mesurAes  pour  dlffArentes  compositions  [21] ;  les  rAsultats  obtenus  sont  IndlquAs  cl- 

aprAs  en  mAme  temps  que  la  tAnacltA,  la  densitA  et  le  module  d' Young: 

Alllage  Temp.  Llmlte  Resist.  Elongat.  TAnacltA  DensitA  Module 

*C  Alast.  mAcan.  rupture  ^  d'Young 

MPa  MPa  %  MPaym  g/cm  GPa 


A17,lFe6,lCe  25  387 
(extrudA)  149  362 


493  11,7  12,’’  2,9S7  78,9 

426  6,0 


6F-6 


232  332  367  4,7 

316  212  237  10,7 


Al7,lFe6,lCe 
(extrude  et 
lamlnA) 

25 

149 

232 

316 

524 

403 

278 

150 

567 

427 

304 

176 

5,7 

5.0 

5.0 

6,5 

26,0 

2,957 

78,9 

A18,lFe6,8Ce 

25 

440 

525 

9.0 

6,2 

3,00 

85,6 

(extrude) 

149 

364 

433 

4,0 

71,8 

232 

297 

351 

6.0 

70,4 

316 

211 

246 

9,0 

63,5 

A18,4Fe7,2Ce 

25 

458 

563 

8,0 

6,4 

3,01 

80,1 

(extrude) 

149 

448 

484 

4.0 

232 

391 

424 

4,0 

316 

225 

271 

7.3 

A19,8Fe7,8Ce 

25 

490 

613 

5.0 

3,06 

83,8 

149 

492 

525 

2,6 

232 

410 

450 

2,6 

316 

255 

295 

5,3 

On  note  une  d4crolssance  de  la  llralte  41astlque  et  de  la  resistance  mecanlque  quand  la 
temperature  augmente  alors  que  l'41ongatlon  4  la  rupture  passe  par  un  minimum  vers  200- 
250°C.  La  comparalson  de  la  variation  de  la  resistance  mecanlque  spedfique  des  alliages 
Al-Fe-Ce  par  rapport  &  celle  de  I'alliage  conventionnel  2618,  en  fonctlon  de  la  tempera¬ 
ture  est  nettement  en  faveur  des  nouveaux  alliages  [21];  la  comparalson  avec  I'alliage  de 
tltane  T1-6A1-4V  raontre  que  les  rdsultats  obtenus  A  ce  jour  sont  encourageants  (fig. 9)  . 

11  est  A  noter  que  les  proprietes  mAcanlques  et  leurs  variations  en  fonctlon  de  la 
temperature  sont  senslbles  aux  conditions  de  preparation  des  alliages:  pulverisation, 
pressage,  degazage,  consolidation.  Sur  la  figure  10  (21)  on  observe  A  tltre  d'exemple 
I'effet  de  la  concentration  d'hydrogAne  reslduel  ou  encore  celle  de  la  valeur  du  rapport 
d'extruslon.  Une  augmentation  de  la  teneur  en  hydrogAne,  de  5,6  A  14  ppm,  n'affecte  pra- 
tlquement  pas  la  llmite  eiastlque  nl  la  resistance  mecanlque,  en  revanche  1' elongation  A 
la  rupture  est  supArleure  dans  tout  le  domalne  de  temperature  explore  et  le  minimum  a 
dlsparu,  Une  augmentation  de  la  valeur  du  rapport  d’extruslon,  de  4:1  A  20:1,  dlmlnue  A 
la  fois  les  valeurs  de  la  llmite  eiastlque  et  de  la  resistance  mAcanique  mais  n’affecte 
pratlquement  pas  celle  de  I' elongation  A  la  rupture. 

L’etude  de  la  deformation  en  compression  A  plus  haute  temperature  [23],  dans  le 
domalne  de  250  A  550'’C,  a  montrA  que  la  coalescence  des  prAclpltes  ne  peut  pas  expllquer 
la  degradation  observAe  des  proprlAtAs  mAcanlques  et  une  analyse  des  rAsultats  obtenus 
suggAre  que,  au  molns,  une  des  deux  phases  prAsentes  dans  les  prAclpltAs  est  susceptible 
de  se  deformer  au-dessus  de  450’C, 

L’Atude  du  fluage  en  traction  dans  le  domalne  de  temperature  de  250  A  350'’C  pour  des 
contralntes  variant  de  20  A  115  MPa  (30)  raontre  I’exlstence  de  deux  regimes  da  fluage, 
sAparAs  par  une  valeur  seull  de  la  contralnte.  L'orlglne  de  ces  deux  regimes  est  encore 
mal  expllquAe . 

La  propagation  des  fissures  en  fatigue  est  plus  raplde  dans  le  cas  des  alliages  Al-Fe- 
Ce  par  comparalson  A  I'alliage  conventionnel  2219  (26)  A  25  et  300'C;  la  vltesse  de  pro¬ 
pagation  est  respectlveraent  2  et  3  fols  plus  grande  (fig  11)  . 

La  resistance  A  la  corrosion  raesurAe  en  terme  de  perte  de  polds  rAvAle  un  avantage 
pour  les  alliages  Al-Fe-Ce  par  rapport  aux  alliages  classlques  2024-T3  et  7075-T6;  la 
vltesse  de  corrosion  pour  une  exposition  de  16  Jours  dans  une  solution  A  3,5%  de  chlorure 
de  sodium  est  de  7  A  15  fols  plus  falble  pour  les  alliages  Al-Fe-Ce.  La  resistance  A  la 
corrosion  sous  contralnte  est  Agalement  araAllorAe:  la  valeur  de  la  contralnte  seull  pour 
la  rupture  au  bout  de  30  Jours  est  Agale  A  240  MPa  pour  les  alliages  Al-Fe-Ce;  c’est  une 
valeur  comparable  A  celle  des  alliages  7050-T7451  et  2219-T87  mats  plus  AlAvAe  que  celle 
de  I'alliage  7075  (29). 

L’ amAl loratlon  des  proprlAtAs  mAcanlques  des  alliages  Al-Fe-Ce  A  des  tempAratures 
supArleures  A  250”C  peut  Atre  obtenue  par  1’ Introduction  de  dispersoldes  rAfractalres 
flnc-'o^  HLapersAs,  du  type  oxyde  ou  carburc.  La  technique  de  I’alliage  mAcanlque  permet 
ef fectlvement  de  rcnforrer  le  matArlau  par  des  dispersoldes  de  Al^Oj  et  Al^Cj  dont  la 
tallle  varle  de  10  A  40  nm;  par  allleurs  pour  bAnAflcler  des  avantages  de  la  solidifica¬ 
tion  raplde,  la  technique  a  AtA  utlllsAe  avec  de  la  poudre  coUdlflAe  rapldement 
(  31,32,33)  . 

Pour  des  alliages  de  composition  volslne  de  Al-8Fe-4Ce  ,  la  microstructure  de 
I’alliage  solldlflA  rapldement  et  alllA  raAcanlquement  (SR71M)  depend  des  conditions  d" 
consolidation  par  extrusion  Pour  Mue  tempAr  oturo  H '  oy  •- ru'- 1  on  ite  /aS'C  ct  un  rapport  de 
16:1  (31),  la  tallle  du  grain  est  de  I’ordre  de  0,2  A  0,4  /im  pour  I’alliage  solldlfle 
rapldement  (SR)  et  I'alliage  SRAM;  la  distribution  des  prAclpltAs  est  plus  vinlforme  dans 
le  second.  AprAs  malntlen  d’une  heure  A  SIO’C,  les  dispersoldes  de  I’alliage  SRAM  sont 
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encore  fins  et  la  tallle  des  grains  n'a  que  tr4s  l^g^rement  augment^ ,  de  0,25  h  0,7 
Pour  une  temperature  d’extruslon  de  550”C  et  un  rapport  de  10:1  (32),  les  grains  de 

I'alllage  SR  gardent  une  tallle  petite,  de  I’ordre  du  micron,  alors  que  ceux  de  I'alllage 
SRAM  sont  Idgerement  allonges  dans  la  direction  de  I'extruslon  avec  une  tallle  de  30  pm 
environ;  e  cause  de  la  forte  deformation  Imposee  lors  de  I'extruslon  et  du  durclssement 
Important  des  grains  du  k  la  presence  des  dlspersoides  AI2OJ  et  Al^Cj,  11  y  a  eu  recrlstal- 
llsatlon  avec  grosslssement  de  la  tallle  des  grains. 

L'etude  de  la  stablllte  thermlque  a  ete  condulte  sur  les  alllages  extrudes  k  245°C 
(31).  Les  variations  de  la  durete  mesuree  k  la  temperature  ordinaire  apres  un  malntlen  e 
450‘’C  en  fonctlon  du  temps  de  malntlen  d’une  part  et  apr^s  malntlen  d'une  heure  en  func¬ 
tion  de  la  temperature  de  malntlen  d'autre  part  sont  representdes  k  la  figure  12.  On  note 
une  augmentation  d’envlron  24%  de  la  durete  k  la  temperature  ordinaire  quand  on  passe  de 
I’alllage  SR  A  I'alllage  SRAM;  en  outre,  au  bout  de  300  heures  k  ^SO’C,  la  diminution  de 
la  durete  de  I'alllage  SRAM  est  trAs  falble  alors  que  celle  de  I'alllage  SR  est  trAs 
Iraportante.  Pour  un  malntlen  d'une  heure,  la  durete  de  I'alllage  SRAM  est  pratlquement 
conservee  jusqu'A  500”C  alors  que  pour  I'alllage  SR  cette  temperature  n'est  que  de  300°C. 
La  degradation  de  li  durete  de  I'alllage  SR  est  produlte  par  la  coalescence  des  predpl- 
tes  Al^jFej  et  Al,jFe3Ce  par  diffusion  des  atomes  de  fer  et  de  cerium  le  long  des  joints  de 
grains.  Dans  I'alllage  SRAM  les  dlspersoides  refractalres  sont  places  sur  les  joints  de 
grains  ,  11s  jouent  le  role  de  pults  de  lacunes  et  ralentlssent  d'autant  la  diffusion  des 
solutes  et  par  vole  de  consequence  la  coalescence  des  phases  predpltees;  en  outre  11s 
peuvent  aussl  bloquer  la  recrlstalllsatlon:  aprAs  un  malntlen  de  288  heures  k  450°C  la 
tallle  du  grain  de  I'alllage  SR  est  de  1  pm  alors  que  celle  de  I'alllage  SRAM  n'est  que  de 
0,25  pm.  Tous  ces  effets  contrlbuent  k  dAplacer  le  dAbut  de  la  degradation  de  la  durete 
vers  une  temperature  plus  eievee. 

L'essal  de  traction  effectue  k  dlfferentes  temperatures  (31)  a  reveie  une  ductlllte 
pratlquement  nulle  pour  I'alllage  SRAM  alors  que  I'eiongatlon  A  la  rupture  de  I'alllage 
SR  est  de  I’ordre  de  10%  (fig.  13).  La  surface  de  rupture  de  I'alllage  SR  prAsente  des 
cupules  A  toute  temperature  alors  que  pour  I'alllage  SRAM  de  petltes  surfaces  de  cllvage 
sont  observAes. 

L'essal  de  compression  applique  A  I'alllage  extrude  A  550'’C  pour  dlfferentes  valeurs 
de  la  vltesse  de  deformation  et  pour  dlfferentes  temperatures  [32,33]  met  en  evidence 
I'avantage  tire  de  I'alllage  mAcanlque.  Les  courbes  de  la  figure  14  representent  les 
variations  A  temperature  constante  de  la  vltesse  de  deformation  rapportAe  au  coefficient 
d'autodlffuslon  de  I'alumlnium  en  fonctlon  de  la  contalnte  maxlmale  relevAe  sur  la 
courbe  de  deformation  (pour  une  deformation  de  3  A  5%)  rapportAe  au  module  d’Young.  Les 
courbes  en  trait  contlnu  correspondent  A  I'alllage  SR  (23)  et  les  donnAes  ponctuelles  A 
I'alllage  SRAM.  A  250*C  les  deux  alllages  ont  pratlquement  le  mAme  comportement ; 
I'alllage  SR,  A  petlts  grains,  est  durcl  par  les  configurations  de  dislocations  A  forte 
denslte  lalssAes  par  I'extruslon  et  I'alllage  SRAM,  A  gros  grains,  est  durcl  par  les  prA- 
clpltAs  et  les  dlspersoides .  A  plus  haute  tempArature,  le  phAnomAne  de  restauratlon 
relache  les  configurations  des  dislocations  de  I'alllage  SR,  la  coalescence  des  prAcl- 
pltAs,  le  gllssement  aux  joints  et/ou  la  deformation  d'au  moins  I'une  des  phases  contrl- 
fjuent  A  la  degradation  des  proprlAtAs  mAcanlques.  Pour  I'alllage  SRAM,  les  dlspersoides 
refractalres  retardent  la  coalescence  des  predpltes  et  contrlbuent  au  durclssement. 

La  resistance  au  fluage  en  traction  de  I'alllage  SRAM  est  nettement  plus  grande  que 
celle  de  I'alllage  SR.  Pour  un  contralnte  appllquAe  de  103^  MPa,  A  une  temperature  de 
380*0,  la  vltesse  de  deformation  de  I'alllage  SRAM  est  3,5x10  fols  plus  petite  que  celle 
de  I'alllage  SR  (31). 

3.2  -  ALLIAGES  Al-Fe-V-Sl 

Les  alllages  Al-Fe-Sl  solldlflAs  rapldement  contlennent  la  phase  mAtastable  Al^2FejSl 
qul  crlstalllse  dans  le  systAme  cublque  A  mallle  centrAe ,  groupe  d'espace  Im3,  et  dont  la 
forme  des  predpltAs  est  presque  sphArlque.  Malheureusement  cette  phase  est  mAtastable 
et  I'on  ne  peut  pas  tlrer  un  bAnAflce  de  ses  caractAr Istlques  pour  malntenlr  des  proprlA- 
tAs  mAcanlques  IntAressantes  quand  la  tempArature  augmente :  elle  se  transforme  en  don- 
nant  les  phases  stables  AlijFe^,  monocl  Inlque ,  et  AlgFe2Sl,  hexagonale,  dont  les  morpho¬ 
logies  ne  favorlsent  pas  une  ductllltA  acceptable.  Cependant  11  a  AtA  montrA  (34)  qu'll 
Atalt  possible  de  stabiliser  la  phase  mAtastable  en  ajoutant  un  quatrlAme  AlAment  X  (V, 
Mn,  Or,  Mo)  susceptible  de  se  substituer  au  fer.  Le  vanadium  s’est  rAvAlA  le  plus  IntA- 
ressant  (35).  Pour  Avlter  toute  presence  autre  que  Ali2(Fe,V)3Sl  11  est  nAcessalre 
d'ajuster  la  composition  de  I'alllage  et  d'opArer  avec  une  trAs  grande  vltesse  de  soli¬ 
dification.  C'est  la  technique  de  la  trempe  sur  roue  qul  s' Impose;  le  ruban  est  ensulte 
broyA  et  la  poudre  obtenue  est  compactAe  sulvant  les  mAthodes  dasslques. 

La  microstructure  des  rubans  d'alHage  Al-Fe-V-Sl  trempAs  sur  roue  est  constltuAe 
entlArement  de  zone  dlte  "A",  c’est-A-dlre  sans  detail  visible  au  microscope  optlque 
avec  un  gro.'^'; !  ssement  de  1000  (36).  Un  examen  A  plus  fort  grosslssement  montre  1 'exis¬ 
tence  d'une  microstructure  cellulalre-dendrltlque  avec  des  prAclpltAs  trAs  fins  du  com- 
co.-tA  InterraAtalllque  Al|7(  Fe ,  V)  jS !  avrc  un"  tallle  dc  1C  A  30  nm  SI  la  trempe  sur  roue 
n'a  pas  AtA  effectuAe  dans  des  conditions  correctes,  des  prAclpltAs  de  phase  quaslcrls- 
talllnes  peuvent  Atre  observes.  Au  cours  des  operations  de  consolidation,  la  phase 
A1^2(f^‘^  tie  se  transforme  pas,  au  plre  elle  coalesce  im  pen;  ce  comportement  assure 

une  grande  unlformltA  de  la  distribution  des  prAclpltAs  dans  I’alllage;  ceux-cl  sont 
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places  aux  joints  des  grains  et  des  sous-gralns  alnsl  qu'A  l'lnt6rleur,  leur  tallle  varle 
de  40  A  80  nm  [  37  ]  . 

La  structure  crlstalllne  du  composA  A1^2(P®  1^)38!  peut  Atre  decrlte  par  des  IcosaAdres 
vldes  de  (Fe+V)  places  aux  sommets  et  au  centre  de  la  mallle  cublque;  ils  sort  parallAles 
entre  eux  et  11s  sont  rellAs  sulvant  les  directions  <111>  par  six  atomes  qul  forment  un 
octaAdre  lAgArement  contract^  dans  la  direction  des  liaisons.  Chaque  IcosaAdre  de  (Fe+V) 
contient  un  IcosaAdre  vide  de  (Al+Si)  de  mAme  orientation;  ces  IcosaAdres  sont  Inter- 
connectes  par  des  chalnes  de  trois  octaAdres  dlstordus  partageant  des  faces  triangu- 
laires  [38],  Cette  phase  existe  dans  un  certain  domalne  de  composition  sulvant  la  formula 
AI12  0-14  9-1  29  ®vec  un  rapport  Fe:V  pouvant  varler  de  5:1  A  11,5:1.  La  longueur 
du  paramAtre  de  la  mallle  cublque  est  fonctlon  de  la  composition,  elle  varle  de  1,2587  A 
1,2620  nm  [37]  . 

Les  alllages  Al-Fe-V-Sl  peuvent  etre  obtenus  pour  dlffArentes  -/aleurs  de  la  fraction 
volumlque  du  composA  Al^jCFe ,V)3S1 ,  jus^u'A  42%.  La  vltesse  de  coalescence  de  cet  Inter- 
mAtalllque  est  trAs  falble,  de  8,4x10  A  2,9x10  m  /h  en  fonctlon  de  la  valeur  du  rap¬ 
port  Fe:V.  On  note  sur  la  figure  15  qu'elle  se  sltue  bien  au-dessous  de  celle  des  autres 
interraetalllques  qul  apparalssent  dans  les  alllages  A  base  Al-Fe  et  pratlquement  au 
niveau  du  composA  Al3Zr  de  structure  cublque  L12  qul  est  cohArent  avec  la  matrlce  d' alu¬ 
minium.  La  falble  valeur  de  la  vltesse  de  coalescence  du  composA  Al^jCFe , V)3Si  n'est  pas 
attrlbuAe  A  une  certalne  cohArence  avec  le  rAseau  de  la  matrlce;  elle  serai t  due  A  la  for¬ 
mation  A  1' Interface  de  marches  qul  favoriseralent  la  coincidence  de  sites  atomlques  et 
du  mAme  coup  dlmlnueralent  I'Anergle  d' interface  prAclpitA -matrlce  [37]. 

Les  proprlAtAs  mAcanlques  A  la  tempArature  ordinaire  sont  d'un  trAs  bon  niveau,  elles 
sont  d'autant  plus  AlAvAes  que  la  fraction  volumlque  de  prAcipitAs  est  plus  forte 
[36,37,39,40].  La  stabllltA  thermlque  de  ces  proprlAtAs  mesurAes  A  la  tempArature  ordi¬ 
naire  aprAs  un  malntlen  A  haute  tempArature  conflrme  la  stabllltA  thermlque  du  composA 
A1^2(Fe , V)3Si  due  A  sa  falble  vltesse  de  coalescence.  AprAs  un  malntlen  de  1000  heures  A 
425*C  aucune  modification  n'est  dAcelAe  tant  sur  la  Umlte  Alastlque  que  sur  I'Alongation 
A  la  rupture  (fig.  16).  AprAs  un  malntlen  de  100  heures  la  llmlte  Alastlque  des  alllages 
Al-Fe-V-Sl  ne  dAcrolt  qu'A  partlr  de  450*0  alors  que  pour  les  autres  alllages  Al-Fe-X 
cette  tempArature  se  sltue  vers  300*0  (fig.  17).  Pour  une  tempArature  de  malntlen  supA- 
rieure  A  500*0  [41], la  rAslstance  mAcanlque  dlmlnue,  mAme  au  bout  d'un  temps  relatlvement 
court  (fig.  18).  A  500*0  la  microstructure  est  stable  Jusqu'A  100  heures  avec  une  tallle 
de  grain  de  0,47/im  et  une  tallle  de  prAclpltA  de  160  nm.  A  550*0  la  coalescence  des  prA¬ 
cipitAs  est  marquAe  et  11  se  forme  un  rAseau  contlnu  de  prAclpltAs  le  long  des  joints  de 
grains;  en  meme  temps  la  recrlstalllsatlon  de  la  matrlce  commence  et  la  tallle  des  grains 
est  aloes  de  0,9  fim.  Cette  Evolution  est  encore  plus  raplde  A  600*0;  les  grains  ont  une 
tallle  de  1,2  pm  et  les  prAclpltAs  de  260  nm. 

Les  proprlAtAs  mAcanlques  A  haute  tempArature  ont  AtA  mesurAes  sur  des  alllages 
extrudAs,  forgAs  et  lamlnAs.  Les  rAsultats  obtenus  sont  reportAs  cl-aprAs  pour  les  deux 
compositions  qul  ont  AtA  le  plus  AtudlAes  [36,40]: 
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On  note  une  dAcrolssance  de  la  Umlte  Alastlque  et  de  la  rAslstance  mAcanlque  quand  la 
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temperature  augmente .  Dans  tous  les  cas  I'^longatlon  A  la  rupture  passe  par  un  minimum. 
La  comparalson  de  la  variation  de  la  resistance  mecanique  de  ces  alliages  avec  celle  des 
autres  alliages  Al-Fe-X  prepares  par  la  metallurgle  des  poudres  montre  la  superioritA  de 
I'alliage  FVS1212  dans  tout  le  domalne  des  temperatures  et  celle  de  I'alliage  FVS0812  au 
delA  de  350°C  (fig.  19).  Cette  variation  se  rapproche  de  celle  d'un  alllage  d'aluminium 
qul  reste  A  trouver  et  dont  la  resistance  mecanique  spedfique  seralt  egale  A  celle  de 
I'alliage  de  tltane  Ti-6A1-4V.  Jusqu'A  220*C  environ,  la  resistance  mAcanique  est 
controlAe  essentlellement  par  1 ' interaction  des  dislocations  mobiles  avec  les  prAcl- 
pites;  au-delA  de  cette  temperature,  la  tallle  des  prAclpites  I'a  plus  d’ Influence  et  le 
mAcanisme  qul  contrAle  la  deformation  est  en  relation  avec  la  diffusion  [34,37]  . 

La  temperature  pour  laquelle  se  prodult  le  minimum  de  1' elongation  A  la  rupture  est 
fonction  de  la  vitesse  de  deformation  [42,43];  11  lul  correspond  un  paller  sui  la  courbe 
qui  reprAsente  les  variations  de  la  resistance  mAcanique  en  fonction  de  la  temperature 
(fig.  20);  ce  paller  peut  Atre  InterprAtA  comme  un  renforcement  de  la  resistance  mAca- 
nlque  pour  cette  comblnalson  des  valeurs  de  la  tempArature  et  de  la  vitesse  de  defor¬ 
mation.  L' explication  proposAe  [41]  suppose  que  les  atomes  de  solutAs  restant  en  sursatu- 
ration,  essentlellement  du  fer,  se  regroupent  en  atmospheres  autour  des  dislocations 
arbres  de  la  foret;  quand  les  dislocations  mobiles  vlennent  au  contact  des  dislocations 
arbres  et  y  restent  pendant  un  certain  Intervalle  de  temps,  les  atomes  solutAs  de  1' atmo¬ 
sphere  peuvent  avoir  le  temps  de  diffuser  vers  le  coeur  des  dllocations  mobiles  et  ainsl 
les  bloquer,  d'ou  1 ' augmentation  de  la  resistance  mAcanique  et  la  diminution  de  la  duc- 
tilite  observAes.  Dans  le  plan  tempArature-vltesse  de  deformation,  1’ experience  montre 
que  le  rAseau  des  llgnes  A  elongation  A  la  rupture  constante  et  celul  des  lignes  qui  limi- 
tent  les  diffArents  domaines  de  formabllltA  sont  trAs  volsins  [42]. 

Les  alliages  Al-Fe-V-Sl  ont  une  bonne  resistance  au  fluage  en  compression  [44]  .  Ce 
resultat  est  du  A  la  valeur  importante  de  la  fraction  volumique  des  prAcipltAs 
Al,2(Fe .V) jSi  qu'll  est  possible  d' Introduire  et  A  leur  grande  stabllltA  thermlque. 
L'Atude  de  la  variation  de  la  vitesse  de  fluage  en  fonction  de  la  contralnte  appllquAe 
(C-  k.O  )  a  montre  que  I'exposant  n  avalt  des  valeurs  nettement  supArieures  aux  valeurs 
mesurAes  habltuellement ,  de  13  A  32  au  lieu  de  3  A  6  (fig.  21).  Ce  comportement  partlcu- 
ller  peut  Atre  du  A  une  coalescence  accAlArAe  des  prAcipltAs  sous  I'effet  de  la 
contrainte  appllquAe;  on  note  sur  la  figure  22  que  le  volume  d'un  prAclpltA  est  multipliA 
par  100  environ  quand  une  contralnte  de  158  MPa  est  appllquAe  pendant  le  maintlen  A 
400'C;  sans  contralnte  le  volume  du  prAclpltA  ne  varie  pas. 

La  rAsistance  A  la  corrosion  mcsurAe  en  terme  de  perte  de  poids  montre  la  supArloritA 
des  alliages  Al-Fe-V-Si  par  comparalson  avec  les  alliages  conventlonnels  ;  par  rapport  A 
I'alliage  2014-T6  par  exemple,  la  perte  de  poids  est  six  fois  plus  petite  pour  I'alliage 
Al-Fe-V-Si  pour  une  immersion  dans  une  solution  de  chlorure  de  sodium  A  3,5%  [45]  . 

3.3  -  ALLIAGES  Al-Cr-Zr 

Parmi  les  alliages  Al-Cr-X  et  Al-Cr-Zr-X  rapldement  solidiflAs  AtudiAs  [46,47],  il 
est  apparu  que  les  alliages  Al-Cr-Zr  et  Al-Cr-Zr-Mn  Atalent  susceptibles  de  donner  lieu  A 
un  dAveloppement .  Cependant  pour  obtenlr  I'optlmum  des  proprlAtAs  de  ces  alliages  il 
faut  les  traiter  thermlquement  aprAs  la  solidification  rapide.  Les  courbes  de  la  figure 
23  reprAsente  la  variation  de  la  duretA  d'une  part  de  I'alliage  Al-3Cr-xZr  et  d'autre 
part  de  I'alliage  Al-yCr-lZr  quand  x  et  y  variant  dans  I'Atat  brut  de  trempe  et  aprAs 
vleillissement  au  maximum  de  la  duretA.  On  note  que  le  phAnomAne  de  vieilllssement  est  dil 
A  la  prAsence  du  zirconium  et  que  son  effet  est  d'autant  plus  marquA  que  sa  concentration 
est  plus  grande  [48,49].  Ce  rAsultat  est  conflrraA  par  les  courbes  de  la  figure  24  qul 
reprAsentent  les  variations  de  la  duretA  pendant  le  vleillissement  A  AOO'C  des  alliages 
Al-l,8Cr,  Al-l,7Zr  et  A1 - 1 , 8Cr- 1 , 7Zr  [50].  Les  courbes  de  la  figure  25  reprAsentent  la 
variation  de  la  duretA  de  I'alliage  A1 -4 , 5Cr- 1 , 7Zr  au  cours  du  vieilllssement  A  350,  400 
et  450’C  [49,51,52].  Dans  tous  les  cas  on  note  bien  que  I'alliage  attelndra  I'optlmum  de 
ses  proprIAtAs  mAcaniques  aprAs  un  traltement  de  vleillissement. 

La  nAcessitA  d'un  traltement  de  vieilllssement  pour  les  alliages  Al-Cr-X  peut  constl- 
tuer  un  avantage  par  rapport  aux  alliages  Al-Fe-X  solidifiAs  rapldement;  en  effet  le  fait 
d'avolr  A  travalller  A  une  tempArature  plus  ou  raoins  AlevAe  pendant  les  diffArentes 
phases  de  la  consolidation  peut  entralner  une  dAgradatlon  des  propriAtAs  des  alliages 
Al-Fe-X  alors  que  ce  passage  A  tempArature  AlevAe  peut  s'lnscrire  dans  le  procAdA  de 
vieilllssement  des  alliages  Al-Cr-X  (fig.  26)  [48,52].  MAme  si  dans  I'Atat  brut  de  soli¬ 
dification  rapide  les  propriAtAs  des  alliages  Al-Cr-X  sont  molns  bonnes  que  celles  des 
alliages  Al-Fe-X,  aprAs  consolidation  et  vleillissement  on  peut  s'attendre  A  des  pro¬ 
priAtAs  au  moins  aussl  bonnes,  si  ce  n'est  meilleures. 

La  microstructure  des  partlcules  de  poudre  brutes  de  solidification  est  constituAe 
d'une  matrice,  solution  sollde  de  chrome  et  de  zirconium  dans  1' aluminium,  et  de  petlts 
prAcipltAs  du  composA  Al^jCr2  dont  les  tallies  varlent  de  0,5  A  2  fiw.  Ce  composA  a  une 
structure  cristalllne  monocllnlque ,  C2/m,  et  11  est  incohArent  avec  la  matrice.  AprAs  un 
maintlen  A  haute  tempArature,  par  consolidation  ou/et  par  vleillissement,  le  Cr  et  le  Zr 
en  sursaturatlon  prAclpltent:  d'une  part  11  peut  apparaltre  de  nouveaux  prAcipltAs  du 
composA  Al^jCrj  ou  les  prAcipltAs  Inltiaux  grosslssent,  d'autre  part  11  apparait  des  prA- 
clpltAs  trAs  fins  du  composA  mAtastable  Al3Zr  de  structure  cristalllne  cubique,  L12,  et 
parfalteraent  cohArent  avec  la  matrice.  L'effet  du  vleillissement  est  du  essentlellement 
A  la  prAcipltatlon  du  composA  A^Zr;  celle-cl  se  prodult  tant  A  I'lntArleur  des  grains 
qu'au  voisinage  des  joints  oii  elle  donne  lieu  A  une  prAc Ipi tat  ion  discontinue  [53].  La 


6F-10 


calorim^trle  dlff6rentlelle  met  en  Evidence  deux  pics:  le  premier  ,  entre  270  et  ^OO'C, 
correspond  A  la  precipitation  de  1 ' Intermetalllque  AljZr  et  le  second,  au  volslnage  de 
475*C,  A  la  coalescence  de  1' Intermetalllque  Al^jCrj  (fig  27)  [49,51). 

Les  proprietds  mAcanlques  des  alllages  Al-Cr-Zr  sont  senslbles  aux  conditions  de  tem¬ 
perature  au  cours  de  la  consolidation.  Les  courbes  de  la  figure  28  representent  les 
variations  de  la  llmlte  eiastlque,  de  la  resistance  mecanlque  et  de  1’ elongation  A  la 
rupture  en  function  de  la  temperature  d'extruslon,  d'une  part  dans  I'etat  brut  d'extru- 
slon  et  d'autre  part  aprAs  un  malntlen  de  1000  h  A  300°C  [52].  On  note  une  diminution  de 
la  llmlte  eiartlque  et  de  ia  resistance  mecanlque  pour  une  temperature  d'extruslon  supe- 
rleure  A  450°C . 

Les  proprietes  mAcanlques  pour  dlfferentes  compositions  et  pour  dlfferentes  condi¬ 
tions  de  consolidation  sont  reportees  cl-aprAs  (51,52): 

(1)  Extrusion  A  AOO'C,  (52) 


Alllage 

Llmlte 

Resist . 

Elongat. 

TAnadte 

Denslte 

Module 

eiast . 

mAcan. 

rupture 

d' Young 

MPa 

MPa 

% 

MPaym 

g/cm 

GPa 

Al-5Cr-2,2Zr 


Dlam.  7 , 8mm  brut 

440 

455 

20,0 

2,82 

80,8 

Dlam. 19,1mm  brut 

478 

498 

10,5 

76, 2x15, 9mm  brut 

76 , 2x15 , 9mm 

342 

362 

16,8 

11,3 

+10  h  A  350*0 

358 

376 

10,9 

10,9 

Al-3Cr-3Zr 

Dlam.l9,lmm  468  487  5,8 


Al-5,2Cr-l,9Zr-lMn 

Dlam. 19 , 1mm  brut  426  460  14,2  2,86  86,5 

+10  h  A  350”C  453  474  14,0 


Le  vlellllssement  de  10  heures  A  350*0  augmente  les  valeurs  de  la  llmlte  eiastlque  et 
de  la  resistance  mecanlque  mals  11  dimlnue  celle  de  I'eiongatlon  A  la  rupture,  tout  en 
conservant  cependant  une  valeur  acceptable  (52) . 

(2)  Lamlnage  A  250  et  350*0,  Al-5,2Cr-l,89Zr-0,96Mn,  (51) 


T  lam.  Etat 


Llmlte  Resist.  Elongat. 

eiast.  raAcan.  rupture 

MPa  MPa  % 


250*0 

Brut 

569 

591 

1.8 

+100  h  A  300*0 

471 

539 

7,1 

+  1  h  A  350*0 

458 

514 

8.1 

+  1  h  A  450*0 

435 

486 

5,4 

350*0 

Brut 

480 

504 

6.6 

+  100  h  A  300*0 

458 

509 

8,9 

+  1  h  A  350*0 

445 

487 

7.2 

+  1  h  A  450*0 

413 

464 

8,5 

Les  proprietes  les  plus  elevees  sont  obtenus  pour  la  temperature  de  lamlnage  la  plus 
basse .  Dans  I'etat  malntenu  ou  vlellll,  les  differences  observAes  sont  dues  A  une  modi¬ 
fication  de  la  distribution  des  predpltAs.  Pendant  le  malntlen  A  300*0,  les  predpltAs 
trAs  fins  mAtastables  Al3Zr  se  forment;  pendant  le  malntlen  A  450*0,  les  preclpltAs  des 
composes  AljZr  et  Al,30r2  coalescent  (51). 


(3)  Pour  deux  tallies  de  partlcules  de  poudre ,  A1 - 5 , 2Cr - 1 , 9Zr - IMn ,  (51) 


Tallle  Etat 

poudre 

Llmlte 
eiast . 

MPa 

Resist . 
mAcan . 

MPa 

Elongat . 
rupture 
% 

Poudre<38pm 

Brut 

523 

539 

2,5 

+1  00 

h  A  300*0 

486 

536 

7,7 

+  1 

h  A  350*0 

465 

508 

6,6 

+  1 

h  A  450*0 

433 

481 

8,1 

Poudre<65pm 

Brut 

506 

532 

3,6 

+  1  00 

h  A  300*0 

432 

491 

6,2 

+  1 

h  A  350*0 

425 

4  79 

8,1 
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Plus  la  poudre  est  fine,  plus  les  proprl^t^s  m^canlques  sent  ^levees;  ceci  est  dO  A 
une  homog^n^lt^  plus  grande  de  la  microstructure  [51] . 

La  variation  de  la  llmlte  ^lastlque  A  haute  terapArature  des  alHages  Al-Cr-Zr  est 
reprAsentAe  A  la  figure  29  et  elle  est  comparAe  A  celle  de  I'alllage  2219.  On  note  un 
excAs  d'envlron  140  MPa  pour  les  alllages  Al-Cr-Zr  dans  tout  le  domalne  de  tempArature 
AtudlA  [52] . 

3.4  -  ALLIAGES  A  FAIBLE  ENERGIE  D’ INTERFACE  MATRICE- PRECIPITE 

Le  phAnomAne  de  coalescence  des  prAclpltAs  est  contrAlA  en  gAnAral  par  la  diffusion 
des  atomes  de  solutAs,  solt  A  travers  le  rAseau  crlstallln  de  la  matrlce,  solt  le  long  de 
ses  joints  de  grains.  L' accrolssement  de  la  tallle  des  prAclpltAs  obelt  A  une  lol  du 
type: 


d  -  do  -  K„  .  (t  -  to) 

oil  c[)  et  d  dAslgnent  les  valeurs  du  dlamAtre  moyen  des  prAclpltAs  aux  Instants  tQ  et  t; 
n-3  pour  la  diffusion  A  travers  le  rAseau  et  n-4  pour  la  diffusion  le  long  des  joints  de 
grains;  K„  est  un  paramAtre  caractArlstlque  de  la  matrlce,  du  solutA  et  de  la  nature  du 
prAclpltA.  En  partlculler,  pour  n-Z ,  K„  est  proportlonnel  A  I'Anergle  d' interface 
matrice-prAcipltA  et,  pour  n-A,  cette  proportlonalltA  n'est  qu'approchAe  si  I'Anergle 
d’ Interface  dlffAre  de  celle  des  joints  de  grains  de  la  matrlce.  I.a  coalescence  sera  done 
d'autant  plus  lente  que  I'Anergle  d'lnterface  sera  plus  falble.  En  outre  cette  Anergle 
dApend  du  degrA  de  coherence  entre  le  rAseau  de  la  matrlce  et  celul  du  prAclpltA,  elle  est 
d'autant  plus  falble  que  ce  degrA  est  AlevA.  C'est  cette  relation  de  cohArence  qul  est 
utlllsAe  dans  les  superalllages  A  base  nickel  pour  obtenlr  un  bon  comportement  mAcanlque 
A  haute  tempArature. 

Une  Atude  systAmatlque  des  composAs  IntermAtalliques  AI3X  (x=Tl , V , Zr , Hf )  a  Ate  entre- 
prise  [54].  Leur  structure  crlstalllne  est  quadratlque  DO2J  pour  les  deux  premiers  et  DO25 
pour  les  deux  dernlers  et  11  exlste  des  relations  mAtrlques  simples  entre  les  paramAtres 
de  ces  rAseaux  quadratlques ,  a  et  c,  et  le  paramAtre  du  rAseau  cublque,  Sq  ,  de  I'alu- 
mlnlum.  Pour  les  composAs  de  structure  DO22  on  trouve  a  /  (72 .  ao)=0 , 9505  et  0,9333  et 
c  /  (2.ao)“  1,0631  et  1,0275.  De  meme  pour  les  composes  de  structure  DO23  on  obtlent 

a/a()-0,9910  et  0,9851  et  c  /  (4.ag)-  1,0693  et  1,0591.  On  remarque  que  tous  ces  rapports 
ont  des  valeurs  volslnes  de  I'unltA;  I'ldAe  de  base  est  alors  de  combiner  les  AlAmAnts  X 
dans  le  meme  composA  et  de  sulvre  la  variation  des  longueurs  des  paramAtres  a  et  c  de 
fa^on  que  les  valeurs  des  rapports  dAflnls  prAcedemment  se  rapprochent  de  I'unltA 
[55,56,57].  En  outre  I'addltlon  de  zirconium  ou  de  hafnium  aux  composAs  AI3TI  et  AI3V  fait 
passer  la  structure  de  DO22  A  DO23,  cette  dernlAre  a  un  domalne  de  stabllite  beaucoup  plus 
large;  on  dAflnlt  alors  un  paramAtre  d'Acart  par: 

6  -  (2/3)  .  I  1  -  a/ao  1  +  (1/3)  .  |  1  -  c/(4.ao)  | 

A  tltre  d'exemple  on  trouve  pour  ces  composAs  mlxtes: 

Al3Zr  5  -  0,0288 

Al3(V()  875  Zroj25)  ^  ~  0,0239 

^  “  0,0269 

Al3(Tlo,875  ^*^0,109  ^^^0,016^  ^  “  0,0270 

L'alllage  Al-Zr-V  correspondent  A  la  plus  falble  valeur  du  paramAtre  d'Acart  a 
donnA  lieu  A  une  Atude  systAmatlque.  Dans  une  premlAre  Atapp,  l'alllage  dlluA  (fraction 
volumlque  de  prAclpltA  Agale  A  1%)  a  conduit  par  solidification  raplde  A  vine  solution 
sollde  sursaturAe.  Par  recult  cette  solution  sollde  se  dAcompose  en  donnant  des  prAclpl¬ 
tAs  en  forme  de  sphAres  et  de  bAtonnets;  en  fait  cette  phase  est  mAtastable,  elle  a  une 
structure  crlstalllne  cublque  du  type  L12  et  son  paramAtre  dlffAre  de  celul  de  la  matrlce 
de  -  0,1  +  0,2  %;  11  y  a  done  pratlquement  cohArence  et  1 ' on  peut  s'attendre  A  une  Anergle 
d'lnterface  falble  et  par  vole  de  consAquence  A  une  vltesse  de  coalescence  trAs  petite. 
Le  composA  IntermAtalllque  Al3Zr  possAde  Agalement  une  strvicture  cublque  mAtastable  du 
mAme  type  mals  avec  un  paramAtre  qul  dlffAre  de  1  +0,2  %.  Le  compose  Al13(Vo  875  ZrQ  ,25) 
le  plus  favorable.  Les  courbes  de  la  figure  30  montrent  la  variation  du  'cube  d’u  rayon 
moyen  des  prAclpltAs  de  dlffArents  composAs  IntermAtalliques  A  425°C  en  function  du 
temps;  on  note  en  accord  avec  les  consldAratlons  structvirales  prAcAdentes  une  trAs 
falble  vltesse  de  coalescence  pour  les  composAs  de  structure  L12  et  plus  partlcvil lArement 
pour  A13(Vq  875  Zro  ,25)  155]. 

SI  le  recult  se  poursult,  la  phase  mAtastable  se  transforme  en  phase  stable  de  struc¬ 
ture  crlstalllne  quadratlque  DO23  et  les  prAclpltAs  ont  la  forme  de  platelets.  La  vltesse 
de  coalescence  de  la  structure  DO23  est  8  fols  plus  grande  que  celle  de  la  structure  L12 
pour  la  mAme  composition  Al3(Vg  875  Zrg  125)  ■ 

Pour  les  alllages  Al-Zr-V  plus  concentrAs  (fraction  volumlque  de  prAclpltAs  Agale  A  5 
*)  solldlflAs  rapldement  en  rubans  ou  en  paillettes  [56,57],  on  obtlent  toujours  dans 
I'Atat  brut  de  trempe  une  solution  sollde  sursaturAe.  Au  cours  du  recult  on  observe 
blen  la  prAclpltatlon  trAs  fine  de  la  phase  mAtastable  1,12  A^lZr.V)  A  I'interieur  des 
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grains,  avec  une  tallle  de  5  nm  environ,  mals  on  d^tecte  aussl  la  precipitation  de  la 
phase  00^3  Al3(Zr,V)  e  du  compose  Intermetallique  Al^g  V  sur  les  joints  de  grains.  On 
note  par  allleurs  une  vltesse  de  coa^igscence  de  la  phase^^  ra^tastable  encore  plus 
faible  que  dans  I'alliage  dilue,  4,7.10  au  lieu  de  1,6.10  cm  /h.  Ce  rdsultat  est 
Inattendu  dans  la  mesure  ou  le  ct  efficient  est  proportlonnel  au  carre  de  la  frac¬ 
tion  volumique.  11  a  ete  suggere  pour  expliquer  cette  anomalle  qu'une  segregation 
Importante  de  solutes  A  1' Interface  matrlce-predplte  pourralt  redulre  I'energle 
Interfaciale  et  du  meme  coup  la  vltesse  de  coalescence,  ou  encore,  que  les  predpltes 
Al^jV  places  sur  les  joints  de  grains  pourralent  jouer  le  role  de  puits  pour  les  solu¬ 
tes  et  limiter  alnsl  leur  diffusion  vers  les  predpltes  L12  Al3(Zr,V).  Ces  alliages 
ont  une  bonne  tenue  en  fluage  et  11s  supportent  blen  la  comparalson  avec  les  alliages 
Al-Fe-Ce  (fig.  31)  [58] . 

Quand  on  cherche  A  augmenter  la  fraction  volumique  des  predpltes,  jusqu'A  8  S,  en 
utilisant  les  methodes  classiques  de  pulverisation  et  de  trempe  sur  roue,  on  ne  peut 
pas  eviter  la  formation  des  predplte^s  AI^qV,  A  molns  d'utillser  des  vitesses  de  soli¬ 
dification  trAs  eievAes,  de  10  A  10  °C/s.  Par  allleurs  cette  vltesse  de  solidifica¬ 
tion  critique  est  d'autant  plus  eievAe  que  la  concentration  en  solute  est  plus  grande 
[59].  11  est  difficile  dans  ces  conditions  d' Introduire  des  fractions  volumiques  de 

predpltes  coherents  aussl  Importantes  que  dans  le  cas  des  superalllages  A  base 
nickel.  Des  investigations  compleraentalres  sent  encore  necessalres  pour  pousser  plus 
loin  I'analogie. 

3.5  -  ALLIAGES  A  FORTE  FRACTION  VOLUMIQUE  DE  PRECIPITES 

Quand  1 ' interaction  des  dislocations  mobiles  et  des  dlspersoides  est  controlAe  par 
la  raecanisme  de  contournement  d'Orowan,  sa  contribution  A  la  limite  elastique  est 

proportionnelle  A  la  racine  cublque  de  la  fraction  volumique  de  ces  dlspersoides; 
comme  ce  paramAtre  est  Inferleur  A  I'unltA,  11  peut  etre  ef fee t Ivement  Interessant  de 

chercher  A  I'augmenter.  Pour  obtenir  une  forte  fraction  volumique  11  faudra  solt  aug¬ 
menter  les  concentrations  des  elAments  d'alllage,  solt  retenir  des  composes  Inter- 
metalllques  dont  la  composition  comporte  le  plus  grand  nombre  d'atomes  d'alumlnlura 
par  atome  d'elAmAnt  d'additlon,  par  exemple  AI^qV,  Al^^Mo,  Al^gCr^Y  [60],  Al^gCr^Ce 
[61],  Al,3(Cr,Mn)  [62],  AljjMnjSij  [60]... 

L'Atude  de  I'alliage  A1 -4 , 8S 1 - 12 . 6Mn  a  montrA  que  la  fraction  volumique  du  compose 
Al,5Mn3Sl2  pouvalt  aller  jusqu'A  34,7%;  ce  composA  est  cublque  avec  un  paramAtre  du 
rAseau  Agal  A  1,265  nm  et  11  appartlent  au  groupe  d'espace  Pm3 .  L'alllage  extrudA  a 

une  bonne  stabilltA  thermlque  jusqu'A  400"C  environ  aprAs  un  malntlen  de  100  heures 
(fig.  32)  [60];  au  delA  on  note  une  lAgAre  dAcrolssance  de  la  rAslstance  mAcanIque  et 

surtout  une  perte  presque  totale  de  ductllitA.  A  I'Atat  brut  d'ex''rusion  les  grains 
de  la  matrice  ont  une  tallle  de  I'ordre  de  1  A  3  pm  et  les  prAcipltAs,  de  taille  de 

100  A  500  nm,  sont  placAs  sur  les  joints  de  grains.  AprAs  un  malntlen  de  100  heures  A 
490’C,  la  taille  des  grains  augmente  jusqu'A  3-5  pm,  de  nouveaux  prAcipltAs,  de  50  A 
200  nm,  apparaissent  A  I'intArleur  des  grains  et  les  prAcipltAs  placAs  sur  les 
joints  grosslssent,  de  250  A  1000  nm,  et  forment  une  structure  continue.  Jusqu'A 
^SO’C  environ  cet  alllage  a  une  rAslstance  mAcanlque  comparable  A  celle  des  alliages 

Al-Fe-Ce  avec  une  ductllitA  raisonnable;  A  plus  forte  tempArature  la  rAslstance  mAca¬ 
nlque  dAcrolt  et  I'Alongatlon  A  la  rupture  croit  fortement;  ce  comportement  est 
expliquA  par  une  crolssance  marquAe  de  la  tallle  des  grains  et  de  celle  des  preclpl- 
tAs  (fig.  33)  [60] . 

La  fraction  volumique  du  composA  Al^oCr^Y  dans  I'alliage  Al - 6 , 8Cr- 5 , lY  peut 
atteindre  37,6%.  Cet  IntermA ta 1 1 Ique  est  cublque,  le  paramAtre  de  sa  maille  est  Agal 
A  1,437  nm  et  11  appartlent  au  groupe  d'espace  Fd3m.  II  apparait  souvent  avec  des 
fautes  planes  (60).  Sa  stabllltA  thermlque  est  conparable  A  celle  de  I'alliage  prAcA- 

dent  mais  11  n'est  pratlquement  pas  ductile  (fig.  32).  Son  grain  est  un  peu  plus 

petit,  r  micron  environ,  et  sa  rAslstance  mAcanlque  est  lAgArement  plus  AlAvAe;  les 
prAcipltAs  ont  des  tallies  comparables.  La  variation  de  la  rAslstance  mAcanlque  en 
fonction  de  la  tempArature  a  la  meme  allure  et  on  note  A  nouveau  une  forte  crolssance 
de  1 '  Alongatlon  A  la  rupture  A  part  I  r  de  250”C  environ  (fig.  33) . 

4  -  CONCLUSION 

L'additlon  d'AlAments  des  mAtaux  de  transition,  des  terres  rates,  d'oxygAne  ou  de 
Carbone  ouvre  de  nouveaux  domalnes  d ' appl Icat Ions  pour  les  alliages  d' aluminium,  plus 
partlcul lArement  par  un  renforcement  de  la  rAslstance  mAcanlque  A  la  tempArature  ordi¬ 
naire  et  par  une  mellleure  tenue  A  haute  tempArature.  Cependant  ces  compositions  nAces- 
sitent  1 ' ut 1 1 Isat ion  des  techniques  de  la  mAtallurgie  des  poudres  et  connalssent  de  ce 
fait  les  dlfflcultAs  qul  leur  sont  propres  quand  11  faut  passer  des  rAsultats  obtenus  en 
laboratolre  A  une  mise  en  oeuvre  A  I'Achelle  Indus  trie  1 le .  Le  plein  dAveloppement  de  ces 
alliages  nAcesslte,  d'une  part,  une  manipulation  trAs  solgnAe  pour  que  les  dAfauts  dans 
le  produit  final  solent  ramenAs  A  un  niveau  acceptable  et,  d' autre  part,  des  mAthodes  de 
controle  flables  aux  dlffArentes  Atapes  de  la  production.  11  faut  aussl  consldArer  le 
facteur  Aconomique  et  s'assurer  que  le  cout  supplAmenta 1  re  pour  amAllorer  telle  ou  telle 
proprlAtA  ne  condulse  pas  A  un  prlx  problbltlf. 
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Fig.  1.  Comparaison  des  cotnblnalsons  Itmlte 
^1astlque*C4nacltd  pour  les  alllages  solidifies 
rapldement  (7090,  7091  et  CW67)  et  les  alllages 
conventlonnels  (7050  et  7075)  (5]. 


TEMPER ATURe  CO 

Fig.  3.  Variations  de  la  resistance  mecantque 
et  de  I’eiongatlon  k  la  rupture  mesurees  A  la 
temperature  ordinaire  des  alllages  Al-l,lC* 
0,80  et  Al-3,3C-l.lO  aprAs  un  malntlen  de  100 
heures  A  haute  temperature  fl5). 
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FRACTION  VOLUM/OUE  D/SPERSODES  (%) 

Fig.  2.  Variations  de  la  limite  ^lastlque,  de 
la  resistance  m^canlque  et  de  1’ Elongation  h 
la  rupture  en  fonctlon  de  la  fraction  volu- 
Riique  des  dlspersoides  dans  I’alllage  Al-C-0 
alllE  mEcanlquement;  comparaison  avec  I'al- 
llage  SAP(IO), 


O  40  eo  /go  160  200  S40 
TEMPS  (h) 

Fig.  5.  Variation  de  la  taille  moyenne  des  prE- 
clpltEs  dans  I'alliage  A1 - 8 , 8Fe - 3 , 7Ce  pendant 
un  malntlen  isotherme  A  425*C  sous  une 
contralnte  nulle  et  sous  une  contrainte  de 
17.2  MPa  12'.)  . 
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Fig.  U.  Variations  de  la  llmlte  41astlque,  de  la  resistance  n)4canlque  et  de  I'^longa* 
tlon  d  la  rupture  (a)  des  alXlages  DISPAL  2  et  DISPAL  15112  |12)  et  (b)  de  I'alllage 
1N9052  [181. 


(b> 


TEMR  MAfNTtEN  (^C) 

Fig.  6.  Variation  de  la  durete  mesuree  k  la  temperature  ordinaire  (a)  de  I'alllage  Al- 
7,^Fe*3,6Ce  aprAs  un  malntlen  de  Ih  k  haute  temperature  (23),  (b)  de  I’alllage  Al- 
8Fe-6Ce  aprAs  un  malntlen  A  300*C;  comparalson  avec  I'alllage  conventlonnel  2219-T87 
[26]. 


Fig.  7.  Variations  des  llmltes  Alastlquea  en 
traction  et  en  compression  de  I'alliage  Al- 
9,7Fe*3.0Ce  mesurAes  A  la  tempAratiire  ordi¬ 
naire  aprAa  tm  malntlen  de  1000  h  A  l'*9  et 
212*C  et  de  100  h  A  3I6*C  [27,28). 


Fig.  8.  Cffet  d'un  malntlen  A  haute  temperature 
stir  la  llmlte  Alastlque  mesurAe  A  la  tempera¬ 
ture  ordinaire  de  I'alliage  Al - 7 , IFe - 6 ,0Ce  et 
de  I'alliage  conventlonnel  2219-T81  [29). 
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Fig.  9.  Variation  de  la  resistance  mecanique 
spedflque  en  fonctlon  de  la  temperature  pour 
les  alllages  Al-Fe*Ce,  l*alllage  conventionnel 
2618-T81  et  I'alliage  Ti-6Al-AV  (21). 
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Fig.  11.  Comparalson  de  la  propagation  des  fis¬ 
sures  en  fatigue  de  I'alliage  Al-8Fe-6Ce  et  de 
I'alliage  conventionnel  2219-T87  d  25  et  300*C 
126). 
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Fig.  10.  Variations  de  la  llmlte  eiastlque,  de 
la  resistance  mecanlque  et  de  I'eiongatlon  A 
la  rupture  en  fonctlon  de  la  temperature  de 
I'alliage  Al-8 ,4Fe - 7 . 2Ce ;  (a)  Influence  de  la 

teneur  en  hydrogAne;  (b)  influence  du  rapport 
d'extrusion  ( 21 ) . 


Fig.  13.  Variation  de  I'eiongatlon  A  la  rupture 
de  I'alliage  Al-BFe-ACe  solldlfie  rapidenent 
(SR)  puls  allie  mecanlquement  (SRAM)  en  fonc¬ 
tlon  de  la  temperature  (31). 
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Fig,  12.  Stablllte  thermlque  He  I'alliage  Al-BFe-ACe  solldlfie  raplderaent  (SR)  puls 
allie  mecanlquement  (SRAM);  variation  de  la  durete  aprAs  iin  malntlen  (a)  A  A50*C 
pendant  un  temps  variable;  (b)  pendant  une  heure  A  diffArentes  temperatures  (31). 
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Fig.  14.  Essai  de  compression  k  haute  tempera¬ 
ture  de  l*alliage  Al-8 ,4Fe- 3 , 5Ce  solldifie 
rapidement  <SR)  puls  allld  mecanlquement 
(SRAM):  Vitesse  de  deformation  rapportee  au 
coefficient  d' autodiffusion  de  1 ‘ aluminium  en 
fonction  de  la  valeur  de  la  contrainte  appll- 
quee  rapportee  au  module  d'Young  (33). 


Fig.  IS.  Vitesse  de  coalescence  des  predpltes 
des  alliages  Al-Fe-V-Si  en  fonction  de  la  tem¬ 
perature;  comparaison  avec  les  predpltes 
des  alliages  Al-Fe-X  et  avec  AljZr  pour  ses 
deux  structures  DO23  et  L12  [37) 
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Fig.  16.  Variations  de  la  limlte  eiastique  et 
de  l'eiongat5*)n  k  la  rupture  des  alliages  Al- 
Fe-V-Sl  mesuree  d  la  temperatue  ordinaire 
apres  un  malntien  k  324*C  f36). 


Fig.  17.  Pourccntage  retenu  de  la  resistance 
mecanique  des  alliages  Al-Fe-V-Sl  mesuree  k  la 
temperature  ordinaire  apres  un  malntien  de  100 
heures  k  haute  temperature;  comparaison  avec 
les  alliages  Al-Fe-X  [36]. 
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Fig.  18.  Variation  de  la  resistance  mecanique  de  I'alllage  AlFe-V-Sl  FVS1212  mesuree 
k  la  temperature  ordinaire  apr^s  un  malntien  (a)  k  500,  550  et  fOO'C  en  fonction  du 

temps,  (b)  de  10,  50  et  100  heures  aux  m^mes  temperatures  [41). 
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(a)  (b) 

fig.  20.  Variation  (a)  de  la  llmlte  ^lastlque  et  (b)  de  I'^longatlon  k  la  rupture  de 
I'alllage  Al-Fe-V-Sl  FVS0812  en  fonctlon  de  la  temperature  pour  differentes  vltesses 
de  deformation  [42,43]. 


Fig.  19.  Variations  de  la  llmlte  eiastique  des 
alllages  Al-Fe-V-Sl.  FVS0812  et  FVS1212.  en 
fonctlon  de  la  temperature;  comparalson  avec 
les  alllages  Al-Fe-X  et  I'alllage  hypothetlque 
d'alumlnlum  qul  aurait  la  meme  llmlte  eias- 
tlque  spedflque  que  I'alllage  T1-6A1-4V  [36|. 
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Fig.  21.  Variation  de  la  vltesse  de  deformation 
en  fluage  en  fonctlon  de  la  contralnte  appll- 
quee  pour  dlfferentes  valeurs  de  la  tempera- 
ture.  alllage  Al - 11 , 7Fe - 1 , 15V- 2 , 4Sl  [44]. 
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Fig.  22,  Variation  du  volume  dea  pr^clplt^s  des 
alllages  Al-Fe-V-SI,  FVS0812  et  FVS1212,  en 
fonctlon  do  temps;  Influence  d'une  contralnte 
appllquAe  |AA|. 
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fig.  23.  Variation  de  la  duret4  (a)  d'un  alliage  Al-BCr-xZr  en  fonctlon  de  x  et  (h) 
d'un  alliage  Al-yCr-lZr  en  fonctlon  de  y,  d*une  part  A  I'dtat  brut  de  solldif Icatlon 
raplde  et  d*autre  part  apr4s  vlellllssement  au  maximum  de  la  duret^  (<^8,4i9]. 


Fig.  24,  Variation  de  la  duretd  des  alllages 
AV-l,8Cr,  Al-l,7Zr  et  A1 - 1 , 8Cr- 1 , 7Zr  au  cours 
du  vlellllsaenient  A  400*0  (50). 


Fig.  25.  Variation  de  la  duretA  de  I’alllage 
Al-4,5Cr-l . 7Zr  au  coura  du  viellllssenent  A 
350,  400  et  450’C  (49,51,52). 


Fig-  26.  Comparalson  dea  valeura  obtenuea  pour 
la  duretA  des  alllages  Al-8Fe  et  Al-5Cr-2Zr- 
IMn,  ^solldlf^As  rapldement  avec  les  vltesses 
de  10  et  10  *C/s,  sprAs  un  vlellllssement  A 

400*0  (52). 
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Fig.  27.  Enreglstrement  de  calorlisAtrle  diffA- 
rentlelle  raontrant  la  dAcomposltlon  de  la 
microstructure  de  la  poudre  d’alllage  Al- 
A,280r-l,04Zr-l,4IHn  (49). 
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Fig.  28.  Influence  de  la  temperature  d' extru¬ 
sion  et  du  vlellllssement  de  lOOOh  k  300*C  sur 
les  proprietes  mecanlques  de  l*alllage  Al-5Cr- 
22r-lMn  pour  un  temps  de  prechauffage  de  45 
minutes  [ 52 ] . 
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Fig.  29.  Llmlte  dlastlque  de  I'alllage  Al- 
S,2Cr-l,9Zr-IMn  k  haute  temperature  comparee  k 
celle  de  l^alllage  2219  [52]. 
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Fig.  30.  Comparalson  de  I ' accrolssement  de 
volume  des  predpltes  de  dlfferents  alliages 
en  fonctlon  du  temps  de  malntlen  k  425*C; 
Influence  de  la  composition  et  de  la  structure 
crlstalllne  de  ces  predpltes  f35). 
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Fig.  32.  Variations  de  la  resistance  mecanlque 
et  de  I’eiongatlon  A  la  rupture  des  alliages 
A1 -4 . 8Sl - 12 , 6Mn  et  Al - 6 . 8Cr - 5 . lY  mesurees  A  la 
temperature  ordinaire  aprAs  un  malntlen  de  100 
heures  k  haute  temperature  {60). 
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Fig.  31.  Comparalson  de  la  deformation  en  Fig.  33.  Variations  de  la  re.slstance  mecanlque 

fliiage  des  alliages  Al-Fe-Ce  et  Al-Zr-V  [57].  et  de  I'eiongation  A  la  rupture  des  alliages 

Al -4 , 8S1 - 1 2 , fiMn  et  Al - 6 , 8Cr ■ 5 , 1 Y  en  fonctlon 
de  la  temperature  {60|. 
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SUMMARY 

Recent  developments  in  magnesium  alloy  technology  will  be  described.  The  majority 
of  applications  for  magnesium  alloys  in  the  aerospace  industry  are  in  castings.  A 
range  of  yttrium  containing  alloys  has  been  introduced  for  high  temperature  applications, 
and  the  corrosion  reistance  of  Mg-Al-Zn  cast  alloys  has  been  improved  by  increasing  the 
alloy  purity.  Fluxless  melting,  to  reduce  the  number  of  inclusions,  is  now  common,  and 
low  pressure  casting  permits  more  complex,  thin  walled  components  to  be  made.  For 
gearbox  casings,  a  polyimide  coating  has  been  developed  which  resists  attack  by 
lubricating  oils  up  to  P25®C.  Further  development  of  magnesium  alloys  by  ingot 
metallurgy  is  limited  by  the  structure  of  the  phase  diagram  of  many  magnesium  alloy 
systems.  To  overcome  these  restrictions,  attention  is  now  turning  to  the  rapid 
solidification  of  magnesium  alloys  and  progress  in  this  field  will  be  reviewed. 


1  INTRODUCTION 

The  principal  attraction  of  magnesium  alloys  for  aerospace  applications  is  their 
low  density.  This  can  range  from  about  1.5  gcm”^  for  magnesium-lithium  alloys  to  about 
1.8  gcm“^  for  magnesium-rare  earth  alloys;  ie  approximately  two  thirds  those  of  aluminium 
alloys.  Despite  these  low  values,  the  use  of  magnesium  alloysis  restricted  by  short¬ 
comings  in  other  properties,  particularly  in  corrosion  resistance,  but  also  in  mechanical 
properties  and  formability. 

In  Fig  1,  the  specific  yield  and  tensile  strengths  of  some  wrought  magnesium  and 
aluminium  alloys  are  compared.  ZK60,  A280  and  ZCM711  are  the  highest  strength  commercial 
wrought  magnesium  alloys,  but  their  tensile  strengths  are  signify  caitlly  lower  than 
those  of  high  strength  aluminium  alloys.  Consequently,  the  advantage  of  a  low  density 
is  somewhat  reduced  and  the  specific  strengths  of  the  magnesium  alloys  are  no  better 
than  those  of  the  aluminium  alloys.  Under  a  compressive  load,  the  density  advantage 
of  magnesium  alloys  is  reduced  further  because  their  compressive  yield  strengths  are 
us»»ally  lower  than  their  tensile  yield  strengths.  In  Fig  2,  specific  stiffnesses  are 
compared.  The  magnesium  alloys  are  equivalent  to  the  aluminium-zinc  alloy,  7075,  but 
inferior  to  the  aluminium-lithium  alloy,  8090.  However,  where  buckling  resistance  is 
required  at  low  to  moderate  loads,  is  the  design  criterion,  E  being  the  Young’s 

modulus  and  p  the  density^.  A  low  density  becomes  the  more  dominant  factor  and  on  this 
criterion  the  magnesium  alloys  are  superior  to  the  aluminium  alloys  (Fig  3).  Further¬ 
more,  in  a  component  where  minimum  gauge  is  the  design  criterion,  the  least  weight  is 
achieved  by  using  the  lowest  density  material  and  here  again  magnesium  alloys  are  more 
competitive , ^ 

In  the  1950s  and  1960s  these  benefits  were  exploited  to  a  greater  extent  than 
they  are  today.  For  example,  magnesium  alloy  thin  sheet  was  used  for  fuselage  and 
wing  skins,  and  extrusions  were  used  for  cabin  floors  and  missile  bodies. However 
in  many  cases,  severe  corrosion  problems  were  encountered  and  the  use  of  wrought 
magnesium  alloys  was  discontinued  in  favour  of  the  steadily  improving  high  strength 
aluminium  alloys.  In  addition,  the  costs  of  wrought  magnesium  alloys  are  higher  than 
for  aluminium  alloys.  This  is  partly  because  the  raw  material  is  more  expensive,  but 
also  because  production  costs  are  higher;  for  example,  slower  extrusion  speeds  must 
be  used  with  magnesium  alloys  to  prevent  hot  shortness.^  Today  practically  all  the 
applications  for  magnesium  alloys  in  aerospace  are  in  castings,  typically  in  helicopter 
gearbox  cases  and  cockpit  canopy  frames.^ 

The  inherent  corrosion  resistance  of  magnesium  alloys  is  poor  in  comparison  with 
aluminium  alloys.^  Corrosion  rates  of  commercial  alloys  measured  by  weight  loss 
experiments  can  be  several  hundred  times  greater  than  those  of  aluminium  alloys  (Fig  4). 
In  water,  the  naturally  forming  oxide  film  on  the  surface  of  magnesium  converts  to 
magnesium  hydroxide  (Mg(0H)2)»  Thi?  provides  only  limited  protection.  Unlike  the 
alumina  film  on  aluminium,  the  magnesium  hydroxide  film  cracks  and  curls  away  from  the 
surface.  It  is  also  slightly  soluble  in  water  and  is  attacked  more  rapidly  in 
industrial  and  salt  water  environments.  Furthermore,  the  large  negative  electrode 
potentials  of  magnesium  alloys  make  them  susceptible  to  galvanic  corrosion  when  they  are 
in  contact  with  a  more  noble  metal  in  the  presence  of  an  electrolyte.^*®  Iron,  copper 
and  nickel  alloys  cause  the  most  severe  galvanic  attack  (Table  I)  while  that  caused  by 
aluminium  alloys  depends  on  their  composition.  Those  containing  copper  have  the  worst 
effect,  but  pure  aluminium  is  almost  compatible  with  magnesium.  In  practice,  most 
corrosion  problems  associated  w i th  magne s I  urn  alloys  in  aircraft  structures  stem  from 
Joints  to  other  m/^tals.  For  example,  when  magnesium  alloy  skin  was  used,  galvanic 
corrosion  commonly  occurred  around  the  aluminium  rivets  which  had  to  be  used  because 
magnesium  rivets  do  not  have  sufficient  formab  1  1  i  ty .  To  some  extent,  galvanic 
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corrosion  can  be  overcome  by  careful  design  of  joints  to  avoid  water  entrapment 
and  by  use  of  wet  assembly  techniques  and  sealing  compounds.^  Protective  coatings 
have  also  been  developed  for  magnesium  alloys  in  aerospace  applications,^^  but  even 
when  these  are  applied,  concern  over  corrosion  resistance  results  in  the  alloys  being 
used  only  where  they  can  be  easily  inspected. 

The  purpose  of  this  paper  is  to  review  recent  developments  in  magnesium  alloy 
technology  which  have  relevance  to  current  or  potential  aerospace  applications.  Since 
cast  alloys  make  up  the  bulk  of  current  usage,  developments  in  this  field  will  be 
considered  first.  The  latter  part  of  the  paper  will  describe  progress  in  the  field  of 
rapidly  solidified  magnesium  alloys,  through  which  improvements  in  mechanical  properties, 
corrosion  resistance  and  formability  are  being  sought  to  make  magnesium  alloys  more 
competitive  with  other  materials. 

2  CAST  ALLOYS 

2.1  Alloy  developments 

The  cast  alloys  which  are  currently  used  can  be  divided  into  two  groups. 

Firstly,  there  are  the  Mg-Al-Zn  alloys,  the  most  well  known  of  which  is  A291 
(9%Al-l%Zn).  Secondly,  and  more  widely  used,  are  those  which  contain  rare  earth  (RE) 
elements  and  are  grain  refined  with  zirconium,  for  example  ZE41  (4%Zn-l%RE).  Alloys 
in  the  first  group  are  less  expensive,  but  are  more  difficult  to  cast  and  are  prone 
to  stress  corrosion  cracking.  Those  in  the  second  group  have  bettercasting  qualities; 
a  low  melting  point  eutectic  at  the  grain  boundaries supp resses  porosity,  making  it 
easier  to  obtain  pressure  tight  castings  than  inMg-Al-2n  alloys.  Table  II  shows  the 
tensile  properties  of  some  cast  magnesium  alloys.  The  Mg-Al-Zn  alloys  are  limited  to 
applications  at  less  than  120<’C,  but  alloys  in  the  second  group  are  able  to  operate 
at  higher  temperature.  For  example,  the  widely  used  alloy  ZE41  is  a  medium  strength 
alloy  which  retains  its  properties  up  to  about  150®C,  QE22  and  E021  are  high  strength 
alloys  containing  silver  which  are  used  in  applications  up  to  200®C. 

The  most  recent  development  in  the  Mg-Al-Zn  alloys,  pioneered  by  the  Dow  Chemical 
Co.  and  AMAX  Magnesium , has  been  the  trend  towards  high  purity  alloys.  Standard 
purity  alloys  contain  small,  but  significant  amounts  of  metallic  impurities.  The  levels 
of  iron,  copper  and  nickel  are  particularly  important.  These  elements  have  low  solid 
solubilities  in  magnesium,  their  electrode  potentials  are  much  more  positive  than  that 
of  magnesium  (Table  I)  and  they  have  low  hydrogen  overvoltages.  When  magnesium  alloys 
corrode,  the  cathodic  part  of  the  process  is  the  evolution  of  hydrogen.  These  elements 
form  particles  which  are  active  sites  for  the  cathodic  reaction,  thus  increasing  the 
general  corrosion  rate.  The  iron  content  can  be  partially  controlled  by  the  addition 
of  manganese  which  helps  iron  particles  to  settle  during  melting  and  surrounds  those 
which  remain  dttring  solidification.^^  A  more  effective  procedure  is  to  reduce  the 
total  impurity  content,  which  decreases  the  number  of  particles  and  leads  to  a  reduction 
in  the  corrosion  rate.  This  phenomenon  was  recognised  in  the  1950s, but  it  is  only 
in  the  last  few  years  that  high  purity  alloys  have  been  produced  on  a  commercial  basis. 

Work  at  the  Dow  Chemical  Company  defined  the  tolerance  level  of  each  element. 

The  compositions  of  the  standard  A291C  alloy  and  the  high  purity  version,  AZ91E,  are 
compared  in  Table  III.  Typical  corrosion  rates  are  reported  to  be  about  10  mpy  (mils 
per  year  =  thousandths  of  an  inch  per  year)  or  0.25mm/year.  This  is  about  a  hundred 
times  lower  than  that  of  the  standard  alloy  (Fig  5).  These  improvements  have  been 
reported  in  gravity  and  pressure  die  castings. Further  reductions  in  corrosion  rate 
to  about  3  mpy  ( 0 . 08mm/y ear )  have  been  reported  by  increasing  the  purity  of  the  basic 
AZ91  alloy  still  further.^®  These  low  values  are  comparable  to  the  corrosion  rates  of 
some  aluminium  alloys,  but  it  must  be  recognised  that  increasing  the  purity  of  the 
Iloy  does  not  make  it  less  susceptible  to  galvanic  corrosion.  This  inevitably  restricts 
the  number  of  applications  where  advantage  can  be  taken  of  these  improvements. 

In  the  second  group  of  alloys,  that  is  those  containing  rare  earth  elements  and 
grain  refined  with  z i rc on i urn , ^ ^ ^ ^  developments  have  been  aimed  at  improving  room  and 
elevated  temperature  strength  as  well  as  corrosion  resistance.  Unlike  the  Mg-Al-Zn 
alloys,  the  corrosion  rates  of  these  alloys  cannot  be  reduced  to  very  low  levels  by 
increasing  the  alloy  purity,  for,  even  in  the  absence  of  iron,  copper  and  nickel 
particles,  deliberate  alloying  additions  such  as  zirconium  and  silver  will  provide 
sites  for  the  cathodic  reaction.  Corrosion  resistance  must  therefore  be  improved 
through  the  addition  of  suitable  alloying  elements.  The  high  strength  alloys  containing 
silver  are  used  up  to  about  r^OO^C.  Alloys  containing  thorium,  for  example  HZ32  ,  can  operate 
above  300'’C,  but  their  strengths  are  lower.  Pec  a  use  thorium  is  a  liealth  hazard  and 
necessitatps  precautions  being  taken  when  handling  it,  Mg-Th  alloys  are  being  phased  out.^ 

The  most  recent  alloys  in  the  second  group  are  those  from  the  Mg-Y-Nd  system 
which  have  been  developed  by  Magnesium  Elektron  Ltd.  Pure  ytt. rium  is  expensive  so  the 
element  is  added  as  a  lower  grade  material  also  containing  20~25%  heavy  rare  earth  (RE) 
elements.^  The  first  alloy  to  be  developed  was  WES4,^^»^^  coritaining  5.0-5. 5%Y, 

1.5-2.0%Nd  and  1. 5-2.0%  RE.  When  solution  treated  and  aged,  the  following  precipitation 
sequence  was  identified.^^  A  b'  precipitate  formed  at  about  175'’C,  transforming  to  the 
8  phase  at  200”C.  This  phase  in  turn  converted  to  the  equilibrium  6  phase  above 
about  300''C.  WF,54  was  aged  at  250^*0  t()  encourage  formation  of  the  6  precipitate.^ 

Improvements  in  yield  strength,  t#^nBile  strength  (Fig  6  )  atid  thermal  stability  were 
achieved  over  the  silver  containing  alloys.  (fnwever,  when  the  long  term  thermal 
stability  was  evaluated  between  ion  and  200'^C,  althotigh  tensile  strength  was  vinaffected, 
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there  was  a  significant  drop  in  the  ductility  after  1000-2000  hours,  due  to  the 
formation  of  the  metastable  and  embrittling  B  precipitate.  To  overcome  this  problem 
the  yttrium  and  neodymium  contents  were  reduced,  giving  rise  to  the  alloy  WE43  which 
contains  3.75-4.25%Y,  2.0-2.5%Nd,  0 . 75-1 . 25?6RE  and  0.3%Zr.^  Although  this  resulted  in 
some  loss  of  strength,  the  typical  ductility  of  WE43  in  the  as-cast  state  is  higher 
than  that  of  WE54  and  the  reduction  in  room  temperature  ductility  after  long  periods  at 
elevated  temperature  at  150®C  is  not  as  great.  The  room  temperature  strength  of  WE43 
is  similar  to  that  of  the  silver  containing  alloys  (Fig  6),  but  WE43  is  thermally  more 
stable  (Fig  7)  and  has  improved  creep  properties  (Fig  8). 

Yttrium  has  a  second  beneficial  effect  in  that  it  reduces  the  corrosion  rate  of 
the  alloy.  In  weight  loss  tests,  the  corrosion  rates  of  WE54  and  WE43  were  reported 
to  be  similar  to  those  of  the  high  purity  AZ91  alloys  (Fig  9),  However,  like  the  high 
purity  alloys,  the  yttrium  containing  alloys  are  still  susceptible  to  galvanic  corrosion. 

2.2  Developments  in  casting  techniques 

As  well  as  alloy  developments,  foundry  techniques  have  been  refined  to  improve  the 
properties  of  castings,  to  reduce  the  variability  in  properties  and  to  make  more  complex 
components.  The  technique  of  fluxless  melting  is  now  widespread.  It  has  been  used  in 
the  die  casting  of  magnesium  for  some  time,  but  its  use  in  sand  casting  where  metal 
temperatures  are  higher  is  more  recent.  Instead  of  using  a  flux  based  on  alkali  and 
alkaline  earth  halides,  a  protective  atmosphere  of  air,  argon  or  carbon  dioxide 
containing  0.5-2%  sulphur  hexafluoride  is  used  to  inhibit  the  oxidation  of  magnesium 
up  to  about  800®C.  Melting  losses  are  reduced  and,  in  combination  with  filter  systems, 
the  use  of  fluxless  melting  reduces  the  number  of  inclusions  trapped  in  the  metal. 
Inclusions  are  frequently  the  sites  of  corrosion,  so  a  reduction  in  their  number  leads 
directly  to  an  improvement  in  the  overall  corrosion  res i s tance . ^ ^ 

The  use  of  cold  setting,  resin  bonded  sands  for  moulds  and  cores  has  allowed 
castings  of  more  complex  shape  to  be  made.  The  finish  on  the  cast  surface  and 
dimensional  accuracy  are  improved. Wall  thicknesses  of  3.5mm  and  casting  tolerances  of 
±0.5mm  are  achievable,  and  passageways  of  at  least  2mm  diameter  can  be  incorporated , 
However,  even  thinner  walls  may  be  cast  in  aluminium  alloys, and  so,  despite  their 
lower  density,  magnesium  alloys  may  not  always  be  competitive  if  sufficiently  thin  walls 
cannot  be  achieved.  Therefore,  methods  for  casting  under  low  pressure,  which  have 
been  used  with  aluminium  alloys,  are  also  being  developed  for  magnesium  alloys.  The 
technique  has  been  used  for  casting  magnesium  in  permanent  moulds,  but  is  now  being 
considered  for  sand  casting  because  of  improvements  in  mould  and  core  making.  The 
process  is  shown  schematically  in  Fig  10.  Either  a  positive  pressure  is  applied  to  the 
crucible  or  the  mould  is  evacuated.  Under  the  low  pressure  difference  created,  the 
flow  of  metal  into  the  mould  can  be  controlled  more  easily  than  in  gravity  feeding 
giving  more  reproducible  castings  with  microstructures  and  properties  more  consistent 
across  different  sections.  Running  and  gating  systems  can  be  made  simpler  so  there  is 
less  turbulance  and  thinner  walled  castings  can  be  produced. 

2.3  Protective  coatings 

Developments  in  coatings  for  magnesium  alloys  are  as  important  as  the  alloys 
themselves  because  of  their  chemical  reactivity.  For  airframe  components  the  basic 
coating  remains  the  chromate  conversion  coating  sealed  with  epoxy  resin.  In  the  United 
Kingdom,  the  rules  governing  the  protection  of  magnesium  alloys  are  given  in 
Specification  DTD  911C.^^  A  casting  is  first  cleaned  by  fluoride  anodising  to  remove 
contamination  caused  by  abrasive  blasting,  etc.  The  fluoride  film  which  remains  is  a 
poor  base  for  subsequent  coatings  and  is  removed  in  chromic  acid.  A  chromate  conversion 
coating  is  then  applied  to  provide  a  key  for  a  layer  of  epoxy  resin  which  is  applied 
to  seal  the  surface  prior  to  painting.  For  very  aggressive  environments  a  hard 
anodising  treatment  is  used  to  provide  a  th ick, abr as  ion  resistant  coating.  The  coating 
itself  is  porous,  giving  insufficient  corrosion  resistance,  and  is  therefore  sealed  with 
resin  .  •  • 


A  new  protective  coating,  based  on  a  hard  anodising  treatment,  has  been  developed 
for  aeroengine  gearbox  cases.  The  use  of  magnesium  alloys  in  this  application  is 
restricted  to  engines  where  the  operating  temperature  of  the  lubricating  oil  is  less 
than  about  160®C.  Above  this  temperature,  chemical  breakdown  of  the  oil  to  a  mixture 
of  organic  acids  causes  corrosive  attack  of  the  chromate  based  coating  on  magnesium 
alloys.  A  new  system  has  been  developed  jointly  by  Rolls-Royce  Ltd  and  Magnesium 
Elektron  Ltd  under  a  contract  sponsored  by  the  Corrosion  Section  at  RAE  Farnborough. 
This  provides  improved  protection  fo’~  magnesium  alloys  in  systems  where  the  oil 
temperature  is  greater  than  200®C.^^ 

Early  investigation  showed  that  a  resin  sealed  Dow  17  hard  anodised  coating^^ 
was  more  resistant  than  a  resin  sealed, chromate  pretreatment .  Therefore  a  selection 
of  epoxy,  phenolic  and  polyimlde  resins  were  applied  to  test-pieces  which  had  been  given 
a  Dow  17  pretreatment  and  each  coating  system  was  evaluated  in  static  and  dynamic  oil 
immersion  tests  to  discover  which  system  gave  the  best  protection.  The  corrosion  rate 
was  monitored  by  measuring  the  magnesium  content  of  the  oil.  After  300  hours  at  170®C, 
the  standard  coating  of  a  chromate  treatment  sealed  with  an  epoxy  resin  had  broken 
down  ,  whereas  all  the  systems  based  on  a  Dow  17  pretreatment  were  unaffected. 


At  225'’C  in  the  static  oil  immersion  tests,  the  Dow  17 /epoxy  coating  was 
satisfactory  up  to  200  hours,  but  after  300  hours  the  coating  was  damaged  at  the  edge 


7-4 


of  the  test-piece.  The  Dow  17/  polyimide  coating  showed  no  visible  signs  of  breakdown, 
although  there  was  a  slight  increase  in  the  magnesium  content  of  the  oil  after  300 
hours  (Fig  11).  In  the  dynamic  oil  immersion  tests  at  225°C,  the  conventional 
chromate/epoxy  coating  blistered  after  50  hours,  but  the  systems  based  on  the  Dow  17 
pretreatment  showed  little  change  after  150  hours.  After  250  hours,  the  phenolic 
resin  coating  blistered,  followed  by  the  epoxy  system  at  300  hours.  The  polyimide 
system  showed  no  visible  signs  of  attack  after  350  hours. 

The  polyimide  sealed  Dow  17  coating  may  therefore  be  considered  for  future 
gearbox  applications.  The  throwing  power  of  the  anodic  pretreatment  is  such  that 
satisfactory  coatings  can  be  produced  over  complex  castings  with  internal  passageways. 
Promising  results  were  also  obtained  when  the  protective  system  was  evaluated  in  high 
temperature  salt  spray  corrosion  tests,  indicating  that  it  may  have  potential 
applications  in  high  temperature  environments  other  than  gearboxes. 

3  RAPIDLY  SOLIDIFIED  MAGNESIUM  ALLOYS 

3.1  Introduction 

Further  development  of  magnesium  alloys  by  ingot  metallurgy  is  limited  by  the 
structure  of  the  equilibrium  phase  diagram  of  many  magnesium  alloy  systems.  The 
maximum  solid  solubility  of  the  alloying  element  in  magnesium  is  often  low  (Table  IV). 

This  can  be  explained  in  terms  of  the  Hume-Rothery  rules. In  some  cases  the 
diameters  of  the  solute  and  magnesium  atoms  differ  by  more  than  15%,  which  does  not 
favour  extended  solid  solubility.  Also,  magnesium  is  a  very  electropositive  atom  and  when 
alloyed  with  elements  which  tend  to  complete  their  electron  octet,  such  as  silicon, 
compound  formation  is  preferred.  Finally,  magnesium  uses  sp  hybrid  orbitals  in  its 
bonding.  Consequently,  it  tends  not  to  bond  with  elements  which  employ  a  large 
proportion  of  d-bonding,  for  example,  mid-row  transition  elements. 

These  restrictions  can  only  operate  completely  when  an  alloy  is  cooled  slowly  from 
the  melt, as  happens  in  a  large  ingot.  To  partly  overcome  them,  and  extend  the  scope 
for  alloy  development,  interest  is  therefore  increasing  in  the  rapid  solidification  (RS) 
of  magnesium  alloys. The  advantages  to  be  gained  have  been  well  documented . 
Equilibrium  microstructures  predicted  by  phase  diagrams  can  be  avoided,  solid 
solubilities  of  elements  can  be  extended  and  new  metastable  structures  can  be  produced. 
More  uniform  and  refined  microstr'.ctures  can  be  achieved  with  smaller  grain  sizes  and 
finer  distributions  of  intermeta/  .ics.  In  comparison  with  aluminium  alloys,  the  rapid 
solidification  of  magnesium  alloys  has  received  less  attention,  but  some  promising 
results  have  been  achieved.  A  large  fraction  of  the  reported  data  has  been  on 
constitutional  changes  and  on  the  formation  of  metallic  glasses, but  the  intention 
here  is  to  concentrate  on  examples  where  engineering  properties  have  been  measured. 

Magnesium  powder  alloys  were  first  produced  in  the  early  1950s  using  gas 
atomisation,^®  but  the  great  interest  in  rapid  solidification  which  followed  the  work 
of  Duwez  et  al^^  in  the  1960s  left  magnesium  alloys  somewhat  neglected.  In  the  last 
decade  interest  has  been  revived  and  other  rapid  solidification  techniques  have  been 
used,  including  twin  roller  quenching,  melt  spinning  and  planar  flow  casting.  The 
extent  to  which  microstructures  can  be  refined  increases  with  increasing  cooling  rate. 
Those  achievable  by  atomisation  are  up  to  10®  and  those  from  chill  methods  such 

as  melt  spinning  are  up  to  10^^  Ks"^.  An  inert  gas  atmosphere  is  necessary  to  minimise 
oxidation  of  the  powder  particles  or  ribbon  during  solidification  because  of  the 
reactivity  of  magnesium  alloys.  An  additional  problem  with  magnesium  is  its  high 
vapour  pressure,  which  can  result  in  metal  losses  from  the  melt  whilst  achieving  the 
required  superheat  if  the  liquidus  temperature  is  high  or  if  the  dissolution  rate  of 
the  element  in  magnesium  is  low.  In  gas  atomisation,  control  of  powder  particle  size 
is  difficult  because  metal  droplets  are  drawn  out  into  ligaments  which  separate  into  a 
series  of  large  and  small  par t i c 1 es . The  fraction  of  very  fine  particles  which 
is  generated  can  be  highly  flammable  and  difficult  to  handle.  Liquid  dynamic  compaction 
has  also  been  used  to  produce  rapidly  solidified  (RS)  magnesium  alloys. The  cooling 
rates  are  ab  o  u  t  10^  Ks"^,  so  the  degree  of  m  i  cros  true  tu  ra  1  refinement  is  less  than  that 
achieved  by  other  methods,  but  the  need  to  handle  powder  is  avoided.  Consolidation  of 
powder  or  ribbon  is  done  preferably  by  extrusion  to  create  the  shear  forces  necessary 
to  break  up  the  oxide  lay^^r  around  each  particle  and  promote  metal  to  metal  bonding. 

The  usual  extrusion  temperatures  for  conventional  magnesium  alloys  are  in  the  range 
300-450®C  to  make  deformation  easier,  but  RS  alloys  are  usually  extruded  at  less  than 
250°C  to  retain  their  metastable  microstructures. 

In  the  more  advanced  field  of  RS  aluminium  alloys,  degassing  prior  to  extrusion 
is  considered  necessary  to  ensure  a  fully  dense  product. If  the  powder  or  ribbon  is 
not  degassed  sufficiently  then  moisture  or  hydrogen  released  during  heat  treatment  can 
cause  b 1 i s t e r i ng, and  the  pores  so  produced  decrease  the  fracture  toughness  and  the 
ductility.  In  the  exploratory  work  on  RS  magnesium  alloys  described  in  this  paper 
inclusion  of  a  degassing  step  is  not  always  reported.  Joshi  et  al'^^  investigated  the 
degassing  of  Mg-Al-Zn-rare  earth  alloy  ribbon  and  detected  gaseous  emissions  at  about 
218°C  and  305°C.  The  former  was  caused  by  the  evolution  of  CO  and  COp  and  the 

latter  by  the  evolution  of  hydrocarbons.  Nussbaum  et  al^-^  studied  the  effect  of 
degassing  on  RS  AZ91  alloy  ribbons.  MtO  was  released  between  250  and  350''C,  and  CO^ 
and  Hp  above  '300'’C.  The  ribbons  were  therefore  extr\ided  at  2  50"C  or  ^50''r.  Degassing 
was  found  to  reduce  the  tensile  properties  in  the  longitudinal  direction,  but  there  wa  s 
no  evidence  that  it  was  a  necessary  step.  However,  it  was  noted  that  its  effect  on 
compressive  strength  and  transverse  properties  needed  to  be  investigated. 


3.2  Improvements  in  mechanical  properties 


The  limitations  in  the  mechanical  properties  of  magnesium  alleys  and  the  way  rapid 
solidification  is  being  used  to  extend  them  will  now  be  considered.  One  of  the  main 
objectives  is  to  increase  the  strengths  of  magnesium  alloys.  Several  magnesium  alloy 
systems  can  be  age  hardened, for  example,  Mg-Zn,  Mg-Al  and  Mg-Ag,  but  the  .'esponse  is 
significantly  less  than  in  aluminium  alloys.  Using  rapid  solidification  the  solid 
solubilities  of  elements  in  magnesium  can  be  extended  so  that  greater  volume  fractions 
of  known  precipitates  may  be  obtained  or  completely  new  age  hardening  systems  may  be 
investigated.  Furthermore,  the  grain  sizesof  RS  alloys  are  smaller  than  those  of  ingot 
metallurgy  alloys  and  therefore  increased  yield  strengths  may  be  expected  because  of 
the  Hall-Petch  effect. 

The  mechanical  working  of  magnesium  alloys  is  difficult  because  of  the  limited 
number  of  slip  systems  available  in  the  hexagonal  crystal  structure. At  room 
temperature  the  only  slip  systemswhich  can  operate  are  the  three  in  the  basal  plane  in 
the  <1120>  directions.  Consequently,  considerable  stresses  develop  at  boundaries 
between  grains  which  are  unfavourably  orientated  for  slip  and  adjacent  grains  in  which 
slip  can  occur  more  easily.  This  causes  cracking.  Twinning  can  also  take  place  on  the 
{1012}  pyradmidal  planes.  When  stresses  are  parallel  to  the  basal  plane  twinning  occurs 
only  in  compression,  and  when  stresses  are  perpendicular  to  the  basal  plane  it  occurs 
only  in  tension. Extrusion  and  roiling  of  magnesium  alloys  at  relatively  low 
temperatures  aligns  the  basal  plane  parallel  to  the  extrusion  direction  or  the  rolling 
direction  respectively.  Since  twinning  occurs  readily  when  compressive  stresses  ar** 
parallel  to  the  basal  plane,  wrought  magnesium  alloys  usually  have  a  lower  proof  stre*.gt 
in  compression  than  in  tension.  The  ratio  can  be  between  0.5  and  0.7,  but  increases 
with  increasing  temperature,  because  above  about  225®C,  additional  slip  systems  begin 
to  operate  on  the  {1011}  pyramidal  planes,  making  twinning  less  important  and  deforma¬ 
tion  eas i er . 

The  reduction  in  grain  size  from  using  rapid  solidification  can  therefore  have 
two  further  beneficial  effects  on  mechanical  properties.  Firstly,  twinning  becomes 
more  difficult  as  the  grain  size  decreases  so  that  the  ratio  of  compressive  to  tensile 
proof  strength  increases.  Secondly,  the  stresses  between  grains  of  different 
orientation  are  less,  thus  reducing  the  risk  of  cracking  during  mechanical  working. 
Another  route  being  followed  is  to  produce  extended  solid  solutions  containing  elements 
which  decrease  the  axial  ratio  of  magnesium’s  hexagonal  lattice.  This  makes  slip  on 
the  {lOll)  <1120>  system  easier  and  mechanical  working  is  improved. 

Some  experimental  results  can  now  be  considered,  beginning  with  those  where 
commercially  available  alloys  were  rapidly  solidified.  Busk  and  Leontis^^  were 
the  first  to  recognise  the  benefits  of  a  refined  microstructure  on  the  mechanical 
properties  of  magnesium  alloys.  The  grain  size,  dendrite  size  and  scale  of  coring  of 
an  AZ31  alloy  (3%Al-l%Zn)  were  much  finer  in  gas  atomised  powder  than  in  the  equivalent 
cast  billets,  and  the  properties  of  the  resulting  extrusions  were  at  least  as  good  as, 
and  usually  better  than,  those  of  extruded  cast  billets  (Fig  12).  The  most  significant 
property  improvement  was  in  compressive  yield  strength,  presumably  because  the  smaller 
grain  size  made  twinning  more  difficult. 

Isserow  and  Rizzitano*^^  produced  powder  of  the  commercial  alloy  ZK60A  using  the 
rotating  electrode  process.  ZK60A  contains  nominally  6%Zn  and  0,b%Zr  and  is  one  of 
the  strongest  conventional  wrought  magnesium  alloys.  The  powder  was  extruded  at  room 
temperature,  66®C  and  120®C  using  an  extrusion  ratio  of  10:1.  One  of  the  best 
combinations  of  strength  and  ductility  was  obtained  using  an  extrusion  temperature  of 
65'’C,  followed  by  a  heat  treatment  of  24  hours  at  120®C.  The  tensile  0.2%  proof  stress 
was  40%  higher,  and  the  UTS  20%  higher  than  the  values  for  t he c onven t i ona 1 1 y  cast  and 
extruded  alloy  (Fig  13).  The  higher  strength  of  the  extruded  powder  was  attributed 
principally  to  the  very  fine,  elongated  grains,  about  lyf.  in  diameter,  and  also  to  a 
fine  distribution  of  Mg  -Zn  i n t e rme ta  1 1  i cs  and  increased  effectiveness  of  cold  working. 
Results  from  Charpy  impact  tests  were  approximately  three  times  higher  than  for  the 
commercial  alloy  which  was  explained  by  an  erratic  crack  path  across  the  fibrous  grain 
structure.  The  fracture  surfaces  of  the  tensile  test  pieces  were  also  fibrous  and 
Flemings  and  Mortensen^^  noted  from  this  that  the  transverse  properties  of  the  alloy 
may  have  been  poor.  They  therefore  produced  melt  spun  ribbon  of  the  '^ame  ZK60A  alloy 
and  showed  that  the  amount  of  shear  taking  place  with  an  extrusion  ratio  of  10:1  was 
insufficient  to  fully  consolidate  the  ribbon.  However,  uring  an  extrusion  ratio  of 
30:1  and  extrusion  temperature  of  210®C,  consolidation  was  improved  and  the  fibrous 
fracture  was  replaced  by  a  more  ductile  one.  The  tensile  properties  were  again 
better  than  those  of  conventionally  processed  ZK60A  alloy  (Fig  13).  he  yield  and 
tensile  strengths  were  somewhat  lower  than  those  obtained  by  Isserow  and  Rizzitano,^^ 
but  the  elongation  was  higher;  a  yield  stress  of  365MPa,  a  UTS  of  388MPa  and  an 
elongation  of  19.6%  were  reported. 

More  recently  Nussbaum  et  al^^»^®  have  investigated  the  effects  of  rapid 
so  1 i d i f i ca 1 1  on  on  the  commercially  available  high  purity  version  of  AZ91  alloy.  Ribbon 
was  made  by  melt  spinning,  then  cold  compacted  and  extruded  in  the  temperature  range 
200-3S0®C  at  extrusion  ratios  of  between  12:1  and  30:1  and  at  ram  speeds  of  0.5-3mmB“^. 
The  grains  in  the  extruded  specimens  were  about  Iwm  in  diameter  compared  to  30vjm  in 
conventionally  processed  material,  and  equlaxed,  showing  that  recrystallisation  had 
occtirred.  Grain  size  increased  with  increasing  extrusion  temperature  and  extrusion 
speed.  The  highest  strengths  were  reported  for  samplea  extruded  at  O-Smms*^  and 
200®C,  using  an  extrusion  ratio  of  20:1.  The  tensile  yield  strength  was  416MPa.  the 
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UTS  486MPa  and  the  total  elongation  6%  (Fig  14),  The  yield  strength  was  50% 
higher  than  that  of  the  conventionally  processed  alloy  AZ8D  and  moreover,  the 
compressive  and  tensile  yield  strengths  of  the  fine  grained  extruded  RS  alloys  were 
equal.  They  considered  the  strengthening  mechanisms  in  the  alliy  -  solid  solution 
strengthening,  dispersion  strengthening  and  grain  size  strengthening  -  and  concluded 
that  the  reduction  in  grain  size  alone  could  account  for  the  difference.  The 
Hall-Petch  coefficient  for  the  alloy  was  estimated  to  be  210MPa  /pm.  They  noted  that 
this  was  somewhat  lower  than  values  reported  for  conventional  magnesium  alloys 
(20O-32OMPa  /pm),  but  nevertheless  much  higher  than  that  for  aluminium  68MPa  /pm). 

This  demonstrated  the  sensitivity  to  grain  size  of  the  yield  strength  of  a  hexagonal 
metal  such  as  magnesium  in  comparison  to  a  face  centred  cubic  metal  such  as  'luminium. 
Refinement  of  grain  size  by  RS  is  applicable  to  both,  but  the  effect  is  much  greater 
in  magnesium. 

Alloys  whose  compositions  lie  outside  the  range  of  those  of  conventional  ingot 
metallurgy  have  also  been  investigated  by  RS  processing.  Meschter*^^  examined  the 
properties  of  Mg-10%A1  and  Mg- 1 2 . 5%A1 - 1 . 5%S i  alloys  made  by  twin  roller  quenching, 
followed  by  extrusion  at  230-2S0®C.  These  alloys  contained  a  greater  percentage  of 
aluminium  than  is  normally  present  in  cast  alloys  and  the  aim  was  to  achieve  a  higher 
volume  fraction  of  Mg^yAl^^  strengthening  precipitate.  The  grain  sire  of  the  RS 
Mg-10%A1  alloy  was  7  to  10  times  smaller  than  j ..  extrurions  of  conventionally  cast 
Mg-9%A1  alloys,  and  that  of  the  Mg- 1 2 . 5%A  1  - 1 . 5/bS  i  alloy  was  further  reduced  by 
factor  of  4.6,  because  grain  boundaries  were  pinned  by  Mg^Si  dispersoids,  impeding 
grain  growth  during  extrusion  and  heat  treatment.  The  Mg-10%A1  alloys  were  solution 
treatel  and  aged  with  and  without  a  prior  2%  stretch.  In  slowly  cooled  alloys 
prec  i  p  i  ta  t  i  on  of  Mgj^7Alj^2  usually  continuous,  but  the  small  grain  size  in  the 

RS  Mg-10%A1  alloy  caused  almost  complete  discontinuous  precipitation  to  form  a 
lamellar  structure.  A  2%  stretch  prior  to  aging  resulted  in  an  increase  in  the  volume 
fraction  of  continuous  precipitate  with  a  consequent  increase  in  yield  strength. 

For  example,  following  a  2%  stretch  and  aging  for  64  hours  at  140®C,  a  yield  stress 
of  351MPa,  a  UTS  of  430MPa  and  an  elongation  of  3.8%  were  achieved  (Fig  14).  A 
higher  yield  strength  was  measured  for  the  finer  grained  Mg-12 . 5%A1 -1 . 5%Si  alloy, 
but  the  elongation  was  reduced  to  1.4%. 

Perhaps  one  of  the  most  attractive  alloying  additions  to  magnesium  is  lithium. 

Not  only  does  it  reduce  the  density,  but  also  by  the  addition  of  llwt%  lithium,  the 
hexagonal  crystal  structure  of  magnesium  is  changed  to  a  single  phase,  body  centred  cubic 
structure  which  is  more  ductile  and  e'sier  to  form.  In  the  1950s,  magn es i urn - 1 i th  i  urn 
alloys  were  thought  to  have  consideraole  potential  for  aerospace  applications,  b\it 
this  potential  has  never  been  realised.  High  strength  Mg-Li  alloys  containing 
additions  of  Zn,  Al,  Cd  or  Ag  were  developed  with  0.2%  proof  stresses  of  approximately 
300MPa.  However,  these  strong  alloys  overaged  readily  above  about  65®C  and  were 
susceptible  to  creep  when  stressed  at  relatively  low  levels  at  room  temperature  and 
they  had  poor  corrosion  resistance.^  The  problems  of  overaging  could  not  be  overcome 
in  the  high  strength  alloys  and  the  commercially  available  alloys  developed,  eg  LA141, 
were  of  relatively  low  strength.  The  grain  size  of  these  alloys  is  quite  large  and 
Meschter  and  0‘Neal^^  used  rapid  solidification  by  twin  roller  quenching  to  refine 

the  gra’n  size.  A  Mg-9%Li  alloy  was  used  with  the  addition  of  approximately  1%  Ce 

or  Si.  These  elements  have  low  solid  solubilities  in  magnesium  and  they  form  a  fine 

dispersoid  to  stablise  the  grain  size.  Mg-9%Li  is  a  two  phase  a/6  alloy  and  the  a 

plate  thickness  and  plate  spacing  were  10-30  times  smaller  than  those  in  conventionally 
processed  alloys.  After  2  hours  at  300®C,  the  o/B  microstructure  of  the  RS  Mg-Li 
flakes  had  coarsened  slightly,  that  of  the  Mg-Li-Ce  flakes  had  coarsened  extensively, 
while  that  of  the  Mg-Li-Si  flakes  was  unaffected.  The  vombination  of  m i c ros t rue t u r a  1 
refinement  and  dispersion  strengthening  in  the  extruded  Mg-Li-Si  flake  resulted  in  a 
yield  strength  60%  higher  than  that  in  a  conven t i ona 1 1 y  cast  and  extruded  Mg-9%Li 
billet.  Grensing  and  Fraser^^  examined  the  possibility  of  adding  greater  amounts  of 
silicon  to  Mg-Li  alloys  to  produce  a  metastable  supersaturation  of  silicon  which  could 
be  heat  treated  to  form  a  fine  dispersion  of  Mg^Si  particles.  However,  the 
microstructure  of  a  melt  spun  binary  Mg-2.75%Si  alloy  was  a  coupled  eutectic  and  the 
ribbons  were  very  brittle. 

The  RS  magnesium  alloys  which  have  received  the  most  attentioi.  are  the 
Mg-Al  -Zn-Rare  Earth  alloys  developed  by  Chang  et  at  Allied  Signal  Inc.  Initially, 

a  series  of  Mg-Al-Zn-RE,  Mg- A 1 -Zn-RE-Mn  and  Mg-A 1 -Zn -S i -Mn  alloys  were  produced  by 
planar  flow  casting  and  melt  spinning,  and  extruded  using  an  extrusion  ratio  of  18:1. 

The  grain  size  of  the  as-spun  ribbon  in  the  Mg-Al-Zn-RE  alloys  was  0.36-0.7um 
diameter  and  fine  dispersoids,  0.04-0. 07pm  in  diameter,  were  present.  In  the  alloys 
containing  Ce,  Nd  and  Pr,  the  dispersoidswere  Mg3Ce,  Mg3Nd  and  f^3Pr  respectively,  whilst  in  the 
alloys  containing  yttrium  the  dispersoids  were  Mg|7Y3.  These  dispersoids  pinned  the 
grain  boundaries  during  subsequent  consolidation.  High  yield  strengths  and  tensile 
strengths  were  reported  and  two  compositions  were  selected  for  further  development 
because  of  their  good  combination  of  mechanical  properties  and  corrosion  resistance. 

The  first  contains  5%A1,  5%Zn  and  4.0%Nd  and  is  designated  EA55RS,  and  the  .second 
contains  5%A1,  5%Zn  and  5.9%Y  and  is  designated  EA6  5RS.^^  EA(>5RS  is  the  stronger  ('>f 
th‘  two  alloys,  but  EA55R5  is  the  more  ductile  (Fig  15).  In  common  with  other  RS 
(rtagnef;t(ifn  alloys  the  compressive  yield  strength  in  similar  to  the  tensile'  yield 
strength  because  of  the  very  small  grain  size.  Fracture  t  o  u  g  h  rj  e  s  s  results  have  also 
l)eori  repr)rted  for  these  alloys.  In  the  as-extruded  condition  the  values  are  low;  tliat 
of  E'SS  is  aboul.  1  /MPa  /m  ,  but  it  has  been  ncreased  t  n  l-'Ml'a  rm  by  a  T4  heat 
treatment,  witii  an  a  c  c  om  p  a  n  y  i  n  g  decrease  in  .tperjj^th.  ’’  The  lf>w  fracture  tovightiess  in 
the  a  fi  -  e  X  t  r  u  d  e  d  o  o  n  d  i  t  i  on  is  attributed  t  n  brittle  p  .a  r  t  i  <■  )  e  s  w  h  i  t  are  aligned  along 
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the  extrusion  direction.  Some  of  these  brittle  particles  are  dissolved  during  heat 
treatment  to  improve  the  fracture  toughness. 

Joshi  et  produced  a  range  of  complex  alloys  containing  Al,  Li,  Mn,  Zn, 

Ce  and  Y.  The  melt  spun  ribbon  of  each  alloy  was  cold  pressed,  hot  pressed,  then 
extruded  between  250  and  350®C  using  an  extrusion  ratio  of  20:1.  An  alloy  containing 
10.2%A1,  2 . 7%Mn ,  3.2%Zn  and  5.8%Ce  had  a  yield  strength  of  431MPa,  an  ultimate 
tensile  strength  of  468MPa,  a  Young’s  modulus  of  42.7GPa  and  an  elongation  to  fracture 
of  14,9%  (Fig  15).  Once  again  the  compressive  yield  strength  was  similar  to  the  tensile 
yield  strength  because  of  the  small  grain  size.  An  alloy  containing  6.8%A1,  3.4%Li, 
0.41%Li,  2.57%Zn  and  3.55%Ce  had  a  lower  density,  but  the  yield  strength  and  ultimate 
tensile  strength  were  also  lower  such  that  the  specific  properties  were  not  as  good  as 
those  of  the  first  alloy. 

Inevitably,  the  majority  of  results  reported  above  are  for  tensile  properties 
for  these  are  usually  the  first  to  be  obtained  in  any  exploratory  work.  A  systematic 
study  of  the  effect  of  alloying  additions  on  the  Young’s  modulus  of  RS  magnesium 
alloys  has  not  been  carried  out.  Theoretical  calculations  indicate  that  Al,  Y,  Mn,  Ni 
and  Fe  should  not  significantly  affect  the  specific  modulus  while  Zn,  Ca  and  Ce  should 
reduce  it  slightly. Only  Si  and  Be  are  calculated  to  increase  it,  but  RS  Mg-Si 
alloys  containing  3%Si  are  brittle  and  Be  is  only  slightly  soluble  in  molten  magnesium. 
Whether  improvements  in  mechanical  properties  alone  would  be  acceptable  for  aircraft 
structures  is  questionable,  for  the  greatest  res. stance  to  the  use  of  magnesium  alloys 
arises  from  their  poor  corrosion  properties.  Although  a  high  strength  rapidly 
solidified  alloy  could  be  given  a  protective  coating,  there  would  still  be  the  risk 
that  the  coating  could  be  damaged.  Therefore,  efforts  are  also  being  directed  towards 
improving  the  corrosion  resistance  of  magnesium  alloys  by  rapid  solidification. 

3.3  Corrosion  properties 

There  are  three  approaches  which  can  be  taken  to  improve  the  corrosion  resistance 
of  magnesium  alloys.  It  was  described  earlier  how  the  corrosion  rates  of  magnesium 
alloys  are  often  controlled  by  the  presence  of  more  noble  second  phase  particles.  The 
first  approach  is  therefore  to  use  the  microstructural  refining  capabilities  of  RS  to 
homogenise  an  alloy  and  slow  down  the  cathodic  reaction.  Cotton  and  Jones^^  showed 
that  an  RS  Mg-15%A1  alloy  was  less  sensitive  to  heavy  metal  impurities  than  a 
conventionally  solidified  alloy.  Their  explanation  was  that  the  distribution  of 
Mgj7Ali2  precipitates  was  much  finer  in  the  RS  sample.  Therefore,  an  iron  rich  particle 
in  a  slowly  cooled  sample  could  be  surrounded  by  a  region  of  only  magnesium  solid 
solution,  whereas  a  similar  particle  in  an  RS  alloy  would  be  more  likely  to  be  surrounded 
by  a  fine  mixture  of  magnesium  solid  solution  and  Mg^7A1^2  precipitates.  These  fine, 
less  active  precipitates  may  have  raised  the  overall  corrosion  potential  of  the  area 
immediately  surrounding  the  iron  rich  particles. 

The  second  approach  is  to  increase  the  electrode  potential  of  magnesium  by 
alloying  it  with  a  more  noble  element.  This  would  reduce  the  potential  difference 
between  the  resulting  alloy  and  any  more  noble  metal  to  which  it  was  joined.  Such, a 
method  could  only  be  successful  if  the  alloying  element  was  in  solid  solution  and  if 
the  solid  solution  was  thermally  stable.  If  precipitation  occurred,  the  precipitate 
would  inevitably  be  more  noble  than  the  matrix  and  many  sites  for  the  cathodic  reaction 
would  be  created. 

The  third  and  most  favoured  approach  is  to  alloy  magnesium  with  elements  which 
may  cause  a  more  protective  film  to  form  on  the  metal  surface.  If  a  thin  film  is 
formed  on  the  surface  of  a  corroding  metal  then  anodic  polarisation  can  occur,  with  a 
consequent  reduction  in  the  metal  dissolution  rate.  Ideally,  the  film  should  be  stable, 
self  healing  and  have  low  ionic  and  electronic  conductivity.  It  has  already  been  stated 
that  the  naturally  forming  hydroxide  film  on  magnesium  causes  some  polarisation,  but 
it  tends  to  crack  and  is  partially  soluble  in  water  and  therefore  does  not  give  complete 
protection.  Using  rapid  so  I  i  d  i  f  i  a  t  i 'r  i  may  be  possible  to  develop  a  new  magnesium 
alloy  on  whose  surface  a  completely  different  and  more  protective  surface  film  is  formed. 

When  a  binary  alloy  containing  two  elements  A  and  B  corrodes  in  water,  there  are 
a  number  of  oxides  or  hydroxides  which  could  form  on  the  surface.  Those  of  pure  A 
and/or  pure  B  may  form  and  either  may  contain  small  amounts  of  the  other  cation. 
Alternatively,  the  two  elements  may  combine  together  to  form  a  mixed  oxide. 
Thermodynamically,  the  oxide  which  is  most  likely  to  form  is  that  which  has  the  most 
negative  free  energy  of  formation.  A  list  of  these  values  is  given  in  Table  V.  The 
values  in  the  table  refer  to  unit  activities  and  they  may  be  different  in  a  binary 
al loy  . 


In  practice,  however,  the  formation  of  a  particular  oxide  is  controlled  not  only 
by  thermodynamic  considerations,  but  also  by  kinetic  factors.  Suppose  that  in  a 
binary  alloy,  the  oxide  of  the  solute  element  has  a  much  more  negative  free  energy  of 
formation  than  the  oxide  of  the  solvent  metal.  In  theory  the  former  should  develop 
preferentially,  but  it  may  not  do  so  if  the  atomic  fraction  of  the  solute  element  Is 
too  small,  or  If  the  solute  element  is  unable  to  diffuse  to  the  surface  quickly  enough. 
Futlhermore,  the  thermodynamics  and  kinetics  cannot  predict  if  the  oxide  which  forms 
will  be  porous  or  firmly  adherent  to  the  surface.  To  offer  good  protection,  it  must 
be  adherent,  non-por?ius  and  not  dissolve  In  the  electrolyte. 


Clearly,  with  so  many  factors  involved,  it  la  difficult  to  predict  the  film 
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forming  characteristics  of  any  prospective  RS  magnesium  alloy.  It  seems  reasonable 
however  that  in  choosing  possible  alloying  additions,  attention  should  turn  to 
those  elements  whose  oxides  have  more  negative  free  energies  of  formation  than  MgO . 
Unfortunately  MgO  itself  has  a  large  negative  free  energy  of  formation  and  there 
are  only  a  few  elements  below  it  in  Table  V.  Beryllium  is  one  such  element  and  a 
small  amount  of  beryllium  (0.01%)  does  indeed  improve  the  high  temperature  oxidation 
resistance  of  magnesium  by  forming  a  thin  layer  of  BeO  on  the  surface,  as  seen  with 
the  Magnox  alloys  used  in  the  nuclear  industry^.  However,  this  does  not  occur  at 
room  temperature  because  the  diffusion  rate  of  beryllium  is  too  low.  Yttrium  and  the 
rare  earth  elements,  cerium,  neodymium  and  gadolinium,  for  example,  and  calcium  also 
lie  below  magnesium  in  Table  V  and  several  examples  of  additions  of  these  elements  to 
RS  magnesium  alloys  will  be  described  later. 

If  the  free  energy  of  formation  was  the  only  factor  involved  then  the  choice  of 

elements  would  be  very  limited.  However  ,as  stated  earlier,  the  free  energy  of 
formation  is  only  one  indicator  of  the  likelihood  of  a  certain  corrosion  reaction  taking 
place;  it  gives  no  information  about  the  speed  of  the  reaction.  It  is  thus  possible 
that  two  different  oxide  layers  or  a  mixed  oxide  could  form  on  the  surface.^®  Suppose 
the  oxide  is  formed  by  the  outward  movement  of  cations.  If  the  mobilities  of  the  cations 
in  the  initially  formed  oxide  film  are  different,  the  more  mobile  cation  could  migrate 
towards  the  growing  oxide  surface,  leaving  the  less  mobile  cation  in  the  inner  layers. 

In  the  limiting  case,  two  distinct  oxides  will  form.  Alternatively,  the  cations  could 
dissolve  at  different  rates  at  the  film/solution  interface  so  that  the  surface  film 

becomes  enriched  in  the  slower  dissolving  element.  If  either  were  to  take  place  on  a 

magnesium  alloy,  then  initial  formation  of  magnesium  oxide  or  hydroxide  could  be 
followed  by  the  formation  of  a  second  oxide,  the  latter  controlling  the  corrosion  rate. 
The  chance  of  this  happening  would  be  greater  if  the  oxide  of  the  second  element  also 
had  a  large  negative  free  energy  of  formation.  A  third  possibility  is  the  formation  of 
a  mixed  oxide,  for  example  the  spinel  MgAl204»  This  is  inert  to  water  and  alkali 
solutions  and  has  been  shown  to  form  on  aluminium-magnesium  alloys  resulting  in  improved 
corrosion  resistance.®® 

The  benefits  of  alloying  to  produce  a  more  protective  film  are  well  known  for 
stainless  steels.  Chromium  oxide  has  a  more  negative  free  energy  of  formation  than  iron 
oxide  and  creates  a  more  passivating  film.  The  surface  film  on  stainless  steels  is 
enriched  in  chromium  and  when  12-18%Cr  is  added  the  passivating  properties  of  chromium 
are  approached.®^  A  similar  behaviour  on  a  magnesium  alloy  is  the  desired  objective  in 
work  using  rapid  solidification.  All  the  elements  which  are  being  considered  are  likely 
to  have  their  greatest  effect  on  the  composition  of  the  surface  film  when  they  are 
retained  in  solid  solution.  An  oxide  film  is  more  likely  to  be  uniform,  and  hence  more 
protective,  if  the  distribution  of  elements  beneath  it, in  its  parent  metal,  is  also  more 
uniform.  The  ability  of  RS  to  achieve  microstructural  refinement  and  extend  solid 
solubilities  therefore  makes  it  a  particularly  attractive  route  for  investigating  new 
alloys. 

The  experimental  results  which  have  been  reported  will  now  be  described,  beginning 
with  investigations  of  the  addition  of  yttrium  and  rare  earth  metals.  The  rare  earths 
are  a  standard  addition  to  conventional  cast  and  wrought  magnesium  alloys  to  suppress 
porosity  and  to  improve  high  temperature  strength  and  creep  resistance.  They  are  not 
usually  added  to  increase  corrosion  resistance,  although  the  relatively  low  corrosion 
rates  of  the  new  high  temperature  alloys,  WE54  and  WE43,®  are  due  in  part  to  their 
yttrium  content.  The  interest  in  rare  earth  additions  to  RS  magnesium  alloys  stemmed 
from  the  results  reported  by  Chang  et  al®^*^^  at  Allied  Signals  for  their  Mg-Al-Zn-RE 
alloys  containing  up  to  6%  yttrium,  cerium,  praseodymium  or  neodymium.  The  tensile 
properties  of  these  alloys  were  reported  earlier,  but,  in  addition  to  having  high 
strengths  these  alloys  have  low  corrosion  rates.  The  addition  of  yttrium,  neodymium 
or  praseodymium  was  found  to  be  more  beneficial  than  addition  of  cerium.  Weight  loss 
tests  in  aqueous  3%  NaCl  solution  on  extruded  samples  of  EA55  and  EA65  showed  the 
corrosion  rates  of  these  alloys  to  be  about  lOmpy  ( 0 . 25mm/y ear )  which  is  comparable  with 
that  of  the  high  purity  version  of  AZ91  (Fig  16).  This  was  attributed  partly  to  the 
refined  microstructure  including  the  formation  of  {Fe,Mn)Al3  which  reduced  the  damaging 
galvanic  effect  of  iron  impurities,  and  partly  to  the  inertness  of  the  second  phase 
particles  containing  rare  earth  elements  which  prevented  pitting.  It  was  also  speculated 
that  the  rare  earths  altered  the  nature  of  the  surface  film  in  some  way  to  make  it  more 
pro  tec  t i ve  . 

A  more  systematic  study  of  the  effects  of  yttrium  and  rare  earths  on  the  corrosion 
properties  of  magnesium  has  been  carried  out  by  Kr Ishnamurthy  et  al.®^"®^  Melt  spinning 
and  twin  piston  quenching  were  used  to  produce  binary  alloy  ribbon  and  splats  containing 
up  to  26%Y.  20X>Nd  or  21%Ce.  The  maximum  equilibrium  solid  solubilities  of  these  elements 
in  magnesium  are  12.4%,  3.6%  and  0.52%  respectively,  but  RS  has  been  used  to  form 
metastable  solid  solutions  containing  25%,  6.1%  and  3.5%  respectively.®®  In  the  work 
of  Kr i shnamurthy  et  al®^~®^,  the  splats  were  about  150pm  thick  and  the  ribbons  about  50pm 
thick  and  the  cooling  rates  achieved  were  not  sufficient  to  prevent  the  formation  of 
second  phases.  In  the  Mg-Nd  alloys,  the  equilibrium  phase  Mg^^^®  formed,  together 

with  a  metastable  cubic  phase  Mg3pNd. 

The  corrosion  properties  of  bulk  alloys  are  frrqucoLly  assessed  ♦'y  measuring  the 
weight  lost,  from  the  specimen  after  immersion  in  a  salt  solution  or  exposure  to  a  salt 
spray  for  several  days.  This  Is  impractical  on  ribbon  and  splats  because  they  are  so 
thin  that  perforation  soon  occurs.  Short  time  weight  loss  experiments  can  be  done  on 
thicker  splats,  but  often  the  corrosion  properties  are  investigated  using  techniques 


Buch  as  potentiodynamic  polarisation  and  electrochemical  impedance  spectroscopy  (EIS).®® 
In  the  former,  the  potential  of  the  specimen  is  varied  by  impressing  on  it  a  current 
which  is  equal  to  the  difference  between  the  anodic  and  cathodic  current,  to  produce  a 
curve  of  potential  vs.  current  density.  The  corrosion  rate  can  be  found  by  extrapolation 
of  the  curves  in  the  region  of  the  corrosion  potential  and  they  also  show,  for  example, 
whether  the  specimen  undergoes  an  active-passive  transition.  In  electrochemical 
impedence  Spectroscopy  a  sinusoidal  voltage  perturbation  is  imposed  on  the  specimen, 
centred  around  the  free  corrosion  potential.  By  measuring  the  response  of  the  sample 
the  corrosion  resistance  (Rcorr^  found,  which  is  inversely  related  to  the 

corrosion  rate.  Care  should  be  taken  in  interpreting  the  results  of  such  tests  for 
they  are  obtained  in  a  much  shorter  time  than  weight  loss  results.  Corrosion  rates 
frequently  decrease  with  time  and  corrosion  rates  measured  by  these  techniques  may  be 
higher  than  those  obtained  by  weight  loss.  However,  Makar  et  al®^  obtained  good 
correlation  between  EIS  and  weight  loss  results  providing  the  corrosion  was  uniform, 
and  such  techniques  help  to  gain  a  fundamental  understanding  of  the  corrosion  processes 
taking  place.  They  can  also  be  used  to  identify  in  a  short  time  potentially  corrosion 
resistant  alloys,  although  it  cannot  be  assumed  that  any  promising  results  on  ribbons 
or  splats  will  automatically  be  transferred  to  the  extruded  product  for  the  micro- 
structure  may  change  during  consolidation. 

Krishnamurthy  et  al®^”®**  assessed  the  corrosion  behaviour  of  their  splats  by 
obtaining  potentiodynamic  polarisation  curves.  The  specimens  were  immersed  in  O.OIM 
NaCl  solution  and  the  most  significant  feature  in  the  curves  for  the  RS  Mg-Nd  and  Mg-Y 
alloys  was  a  region  of  pseudopassivation,  which  was  absent  from  the  curves  for  ingot 
cast  alloy  of  the  same  composition  (Fig  17).  This  occurred  at  potentials  greater  than 
about  +0.4V  and  the  effect  was  to  reduce  the  current  density  by  a  factor  of  about  ten 
in  comparison  to  the  ingot  cast  alloy.  The  reduction  in  current  density  associated 
with  the  pseudopassivation  became  greater  as  the  neodymium  content  increased.  The 
effect  was  attributed  partly  to  the  large  negative  electrode  potential  of  the  rare 
earth  elements  and  partly  to  their  enrichment  in  the  surface  film.  The  electrode 
potentials  of  the  rare  earth  elements  are  slightly  more  negative  than  that  of  magnesium 
and  hence  the  second  phases  containing  rare  earths  were  anodic  to  and  therefore 
sacr i f ic i al ly  protected  the  magnesium  matrix  during  corrosion.  Surface  analysis  of  the 
Mg  -20%Nd  ribbon  showed  moderate  enrichment  of  the  Mg(0H)2  film  in  neodymium,  and  more 
signif icantly  where  the  film  had  cracked  there  was  a  pronounced  increase  in  the 
neodymium  content,  suggesting  the  formation  of  a  second  film.  Additions  of  Y,  Nd  and 
Ce  to  rapidly  solidified  2K60  magnesium  alloy  were  then  investigated  and  it  was  found 
that  the  pseudopassivation  effect  was  also  reproduced  in  these  more  complex  alloys. 
Hehmann  et  al^®  investigated  the  corrosion  properties  of  melt  spun  magnesium  alloy 
ribbon  containing  5.0  and  17.  7%Y .  The  yttrium  had  a  detrimental  effect  on  corrosion 
rate  when  in  solid  solution,  but  when  the  samples  were  heat  treated,  to  form  the 
Mg25Y4  precipitate,  the  corrosion  rates  were  improved.  It  was  suggested  that  these 
precipitates  might  give  cathodic  protection  to  the  magnesium  matrix. 

A  second  element  which  has  been  investigated  and  found  to  improve  the  corrosion 
properties  of  magnesium  is  aluminium.  Again,  this  is  a  standard  addition  to 
conventional  cast  and  wrought  magnesium  alloys.  Nussbaum  et  al*^^  reported  that  the  low 
corrosion  resistance  of  high  purity  A291  (9^^Al-l%2n)  could  be  retained  in  the  rapidly 
solidified  and  extruded  version  described  earlier.  The  maximum  aluminium  content  of 
conventional  magnesium  alloys  is  about  9%  whereas  RS  has  also  been  used  to  investigate 
alloys  with  higher  aluminium  contents.  In  a  systematic  study  of  RS  binary  alloys, 

Joshl  et  produced  melt  spun  ribbon  containing  14.4%,  20%  and  42.8%A1.  The 

corrosion  rates  of  the  20-50vjm  thick  ribbons  were  measured  in  0.05M  sodium  borate 
solution  (pH  9.2)  using  electrochemical  impedence  spectroscopy.  As  the  aluminium 
content  was  increased,  the  corrosion  rate  steadily  decreased.  Surface  analysis  of  the 
air  formed  oxides  on  the  ribbons  showed  that  those  containing  28%  and  42.8%A1  were 
enriched  in  aluminium.  Ahmed  et  al®®  produced  RS  binary  Mg-Al  alloys  containing  up  to 
14.5%A1  by  twin  piston  splat  quenching.  Weight  loss  tests  on  the  splats  were  carried 
out  in  3%NaCl  solution  buffered  to  pH  10.4  with  Mg(0H)2.  The  tests  were  short,  4hr 
and  17hr,  because  the  lOOpm  thick  splats  quickly  perforated,  but  the  results  were  in 
accord  with  those  of  Makar  et  al®^  in  that  aluminium  decreased  the  corrosion  rate. 

Further  support  for  the  beneficial  effect  of  aluminium  was  obtained  by  Hehmann  et  al^® 
who  obtained  potentiodynamic  polarisation  curves  from  binary  Mg-Al  ribbon  containing 
9.6-23.4%Al  in  O.OOIM  NaCl  solution.  The  corrosion  current  of  an  RS  alloy  containing 
9.6%A1  was  approximately  three  times  lower  than  that  of  a  chill  cast  alloy  of  the  same 
composition.  As  the  aluminium  content  of  the  ribbons  was  increased  to  23.4%  their 
corrosion  rates  continued  to  decrease  by  about  two  ordersof  magnitude.  Furthermore, 
the  potential  at  which  pitting  began  increased  as  the  aluminium  content  was  increased 
from  17%  to  23%. 

The  effect  of  aluminium  on  corrosion  rate  observed  by  these  three  groups  is  dhown  in 
Fig  18.  The  absolute  values  should  not  be  compared  because  alloys  of  different  purity 
were  used  and  they  were  tested  by  different  methods  in  different  electrolytes,  but  the 
results  demonstrate  the  beneficial  effect  of  aluminium.  It  was  generally  agreed  that 
there  were  two  reasons  for  these  beneficial  effects.  The  first  was  the  extension  of 
solid  solubility  of  aluminium  In  magnesium.  Although  Makar  et  al®^  detected  some 
MgiyAli^  precipitates  in  their  ribbons,  Hehmann  et  al^^  observed  a  single  phase 
microstructure  in  the  as-spun  ribbon  containing  21.6%Al,  and  Luo  has  shown  that  the 
solubility  can  be  extended  to  at  least  24.5%.  Mgj7Alj2  more  noble  than  magnesium 
and  its  absence  therefore  removes  any  damaging  galvanic  action.  The  second  reason  was 
that  the  aluminium  altered  the  nature  of  the  surface  film.  Makar  et  al®^  analysed  the 
air  formed  film  on  the  ribbons  and  found  it  to  be  composed  of  a  MgO  top  layer  and  an 
Al/Mg  mixed  oxide  underlayer.  The  MgO  layer  became  thinner  as  the  aluminium  content 
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was  increased.  Hehmann  et  al^^  analysed  the  variation  with  time  of  the  composition 
of  the  electrolyte  used  in  the  polarisation  tests  of  a  Mg-23.4%A1  alloy  and  found 
that  initially  only  the  magnesium  dissolved  and  that  further  dissolution  stopped  after 
2-5  minutes.  This  was  interpreted  as  aluminium  enrichment  of  the  surface  favouring 
the  formation  of  a  passive  alumina  based  film.  Baliga  et  al^^  made  a  detailed  study  of 
the  corrosion  products  on  the  surface  of  RS  Mg-3.5%A1  alloy  splats,  but  found  no 
evidence  of  aluminium  enrichment  in  the  surface  of  this  more  dilute  alloy. 

Joshi  et  also  studied  the  effect  of  up  to  27.5%Zn,  39.3%Ca,  14%Li  or 

1.7%Si  on  the  corrosion  rate  of  magnesium,  and  Ahmed  et  al^^  studied  the  effect  of  up 
to  12.4%Zn.  Both  agreed  that  additions  of  zinc  increased  the  corrosion  rate  (Fig  19). 
Themines^^  reported  earlier  that  the  equilibrium  solid  solubility  of  zinc  in  magnesium 
(8.4%)  was  not  extended  when  cooling  rates  of  10^  Ks*"^  were  used.  Ahmed  et  al®^  therefore 
assumed  that  in  ribbon  containing  more  zinc  the  corrosion  rates  would  be  increased  by 
the  presence  of  the  galvanically  active  phase  Mg7Zn3.  Joshi  et  al  ^^1^7  ^isq  found  that 
additions  of  calcium,  lithium  and  silicon  increased  the  corrosion  rate  (Fig  19).  The 
solid  solubility  of  calcium  was  thought  to  have  been  extended  from  1.3%  to  11.3%  and  the  air 
formed  oxide  films  on  Mg-Ca  ribbons  were  enriched  in  calcium.  Calcium  oxide  (CaO)  has 
a  lower  free  energy  of  formation  than  that  of  magnesium  (Table  V)  and  also  has  a  more 
negative  electrode  potential  (Table  I).  If  CaO  formed  on  the  surface  of  magnesium  in 
aqueous  solution  it  would  probably  convert  to  the  hydroxide  Ca(0H)2*  If  this  happened 
in  preference  to,  or  together  with  the  formation  of  Mg(0H)2,  then  the  corrosion  rate 
might  not  be  improved  because  the  solubility  of  Ca(0H)2  in  water  is  greater  than  that 
of  Mg(0H)2?‘*  However,  Hehmann  et  al^^  found  that  the  corrosion  rates  of  magnesium  alloy 
splats  containing  calcium  were  improved  by  a  heat  treatment  and  suggested  that  this 
might  be  due  to  the  formation  of  a  dispersion  of  calcium  containiiig  particles  which 
cathodically  protected  the  magnesium  matrix. 

The  results  described  above  are  for  binary  alloys.  In  more  complex  alloys  the 
effect  of  different  elements  is  less  clear.  Ahmed  et  al^®  found  that  addition  of  up 
to  2.7%Ce  Increased  the  corrosion  rate  of  PG  Mg-2n  alloys,  but  decreased  the  rate  of 
RS  Mg-Al  alloys.  Addition  of  neodymium  also  reduced  the  corrosion  rate  of  Mg-Al  alloys 
and  a  Mg-4%Zn  alloy,  but  increased  the  rate  of  a  Mg-8%Zn  alloy.  Chang  et  al^2»^^  found 
Y,  Nd  or  Pr  to  be  more  effective  than  Ce  in  reducing  the  corrosion  rate  of  Mg-Al-Zn-RE 
alloys.  Similarly,  Joshi  et  al^®  found  Y  and  Nd  to  have  a  better  effect  than  Ce  in 
complex  alloys  containing  different  amount  of  AI,  Li,  Mn ,  2n ,  Ce,  Y  and  Nd.  However, 

Makar  et  al^'  forna  Ce  to  be  more  beneficial  after  testing  the  same  series  of  alloys. 

It  was  difficult  to  isolate  the  effect  of  individual  elements  when  the  composition  of 
more  than  one  element  changed  between  samples.  The  effects  are  clearly  complicated 
and  as  Ahmed  et  al^^  noted,  it  could  depend  on  how  much  of  each  element  was  in  solid 

solution.  Further  microstructural  work  and  surface  analysis  would  be  valuable  in 
clarifying  the  effects  of  individual  elements. 

There  is  more  agreement  over  the  beneficial  effect  of  manganese.  When  up  to 
4%  was  added  to  RS  Mg-Al  and  Mg-Zn  alloys®^  and  up  to  2%  to  more  complex  alloys,®^ 
it  consistently  lowered  the  corrosion  rate.  A  small  amount  of  manganese  (0.3%)  is 
added  to  commercial  alloys  to  control  the  iron  content  which  has  already  been  noted 
(Section  2.1),  but  the  manganese  additions  to  RS  alloys  are  in  excess  of  this.  Again, 
the  form  in  which  the  manganese  is  present  would  be  important.  Varich  and  Litvin'® 
extended  the  solid  solubility  of  manganese  in  magnesium  to  5.4%  and  noted  that  the 
alloys  were  more  resistant  to  etching  as  the  manganese  content  increased. 

From  their  investigation  of  a  range  of  elements  Joshi  et  al^^»®®  placed  them  in 
order  of  their  beneficial  or  detrimental  effect.  Y,  Mn ,  Nd  and  Ce ,  in  decreasing  order 
were  found  to  be  the  most  beneficial  and  SI,  Zn,  Ca  and  Li,  in  decreasing  order  were 
found  to  be  the  most  damaging.  Although  the  beneficial  effect  of  aluminium  was  discussed 
earlier,  its  effect  was  not  as  great  as  that  of  the  rare  earths  so  that  large  fractions 
had  to  be  added  before  the  effect  was  significant.  Based  on  this  information,  three 
more  complex  alloys  were  investigated  -  Mg-6 . 0A1-3 . 4Li-0 , 41Mn-2 . 57Zn-3 . 55Ce ,  Mg-10.2A1- 
2 . 67Mn-3 . 18Zn-5 . 8Ce  and  Mg-1 1 . lAl-2 . 44Zn-3 . 2Y .  The  high  strengthsof  these  alloys  were 
reported  in  Section  3.2  and  EIS  results  indicated  that  their  corrosion  rates  were  lower 
than  commercial  alloys.  However,  the  corrosion  rates  of  extruded  samples  calculated 
from  weight  loss  after  immersion  in  0.05M  sodium  borate/3 . 5%NaCl  were  high  (43-320mpy, 

1 . 1-8 . Imm/year ) .  Corrosion  was  localised  at  prior  particle  boundaries  and,  therefore, 
corrosion  rates  calculated  from  weight  loss  were  increased  by  the  loss  of  individual 
particles.  It  was  thought  that  the  oxide  around  each  particle  was  not  broken  up 
sufficiently  during  thermomechanical  processing  leaving  regions  of  different  chemical 
behaviour.  Process  development  to  hinder  the  formation  of  the  oxide  rich  interfaces 
was  expected  to  improve  the  salt  water  corrosion  resistance.**^ 

Reference  has  been  made  to  the  equilibrium  phase  diagrams  of  binary  magnesium 
systems,  which  show  that  many  elements  have  low  solid  solubility  in  magnesium.  In 
addition,  there  are  a  number  of  systems,  for  example,  Mg-Be,  Mg-Fe,  Mg-Cr  and  Mg-Ti 
which  have  large  liquid  i mm i sc i b i 1 i ty  gaps.  Clearly  the  investigation  of  these  alloy 
systems  is  outside  the  capability  of  any  melt  quenching  techniques.  Mg-Fe  and  Mg-Ti 
composite  alloys  have  been  made  by  mechanical  alloying  to  produce  supercorroding  alloys 
which  react  with  sea  water  quickly  and  at  controlled  rates  to  provide  heat  sources. 

For  this  purpose,  the  iron  and  titanium  had  to  be  separate  phases  embedded  in  the 
magnesium.  However,  by  using  ion  Implantation  or  physical  vapour  deposition,  extended 
solid  solutions  of  elements  insoluble  in  molten  magnesium  can  be  produced.  In  ion 
implantation,  a  beam  of  energetic  ions  is  used  to  inject  chosen  elements  into  the 
surface  of  the  material  to  be  treated.  This  provides  the  opportunity  of  extending 
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solid  solubility  limits,  but  the  technique  is  limited  to  the  modification  of  surface 
layers.  Akavipat  et  implanted  iron  or  boron  ions  into  the  surface  of  pure 

magnesium  and  the  alloy  AZ91C,  and  assessed  the  changes  in  corrosion  properties  of  the 
alloys  by  obtaining  potentiodynamic  polarisation  curves  in  0,1%  NaCl  solution.  The 
current  densities  of  the  implanted  samples  were  lower  than  those  of  the  unimplanted 
samples  and  the  iron  and  boron  also  made  the  corrosion  potential  more  noble.  In 
addition,  the  implantation  of  iron  into  the  surface  of  the  AZ91C  alloy  altered  the 
corrosion  process.  In  the  unimplanted  sample,  the  magnesium  matrix  corroded  around  the 
more  cathodic  Mg^7Alj^2  particles,  but  in  the  iron  implanted  samples,  the 
particles  chemselves  corroded  and  there  was  no  severe  attack  of  the  solid  solution 
regions  between  the  islands.  It  was  suggested  that  the  iron  altered  the  nature 

of  the  protective  film  thus  changing  the  initial  breakdown  conditions. 

Unlike  ion  implantation,  physical  vapour  deposition  is  not  limited  to  the 
modification  of  surface  layers.  At  RAE, a  process  has  been  developed  for  the  production 
of  bulk  aluminium  alloy  deposits  up  to  40mm  thick, and  methods  for  producing  bulk 
magnesium  alloys  are  being  investigated.  When  an  atom  condenses  on  a  cold  surface  the 
time  taken  for  it  to  reach  equilibrium  with  the  surface  can  be  as  short  as  10"^^ 
seconds.®^  Hence  the  capability  to  extend  solid  solubility  limits  is  greater  than  in 
melt  quenching  techniques  where  the  fastest  cooling  rates  are  about  10^®  Ks'^.  To 
explore  the  possibilities  of  developing  vapour  deposited  magnesium  alloys  a  series  of 
binary  Mg-Mn  and  Mg-Cr  deposits  were  made.  In  the  Mg-Cr  deposits  the  solid  solubility 
of  chromium  was  extended  to  29%,  but  in  the  Mg-Mn  deposits,  although  there  was  some 
extension  of  solid  solubility,  particles  of  o-Mn  were  also  present  at  grain  boundaries. 

The  corrosion  rates  were  calculated  from  weight  loss  measurements  on  1mm  thick  samples 
immersed  in  3%  NaCl  solution  for  one  week.  The  results  are  shown  in  Fig  20.  The 
corrosion  rate  of  unalloyed  vapour  deposited  magnesium  was  low  because  its  purity  was 
increased  by  the  evaporation  process.  Chromium  increased  the  corrosion  rate  compared 
to  that  of  vapour  deposited  pure  magnesium.  Small  additions  of  manganese  may  have 
decreased  the  corrosion  rate,  as  found  by  Ahmed  et  al^  but  when  more  manganese  was 
added  it  increased  again,  possibly  because  of  the  large  volume  fraction  of  a-Mn 
particles  present.  The  ability  to  produce  these  alloys  demonstrates  the  increased 
scope  for  alloy  development  presented  by  vapour  deposi tion, and  other  alloy  systems  are 
under  investigation, 

3.4  Summary 

In  work  aimed  at  improving  the  mechanical  properties  of  magnesium  alloys,  it  is 
apparent  that  the  aspect  of  RS  of  which  most  advantage  has  been  taken  is  microstructural 
refinement.  Improvements  in  tensile  yield  strength  have  been  attributed  principally 
to  a  reduction  in  grain  size  and,  therefore,  increased  strengthening  through  the 
Hall-Petch  effect.  Compressive  yield  strengths  are  also  higher  because  twinning  is  more 
difficult.  The  fine  grain  size  present  in  powder  or  ribbon  is  often  stabQised  during 
consolidation  by  the  addition  of  a  dispersion  of  intermetal 1 ics  based  on  silicon  or 
rare  earth  elements.  There  has  been  little  work  aimed  at  increasing  the  volume  fraction 
of  known  age  hardening  precipitates  or  investigating  new  age  hardening  systems. 

With  regard  to  corrosion  properties,  the  lowest  corrosion  rates  in  salt  solution 
reported  for  RS  magnesium  alloys  are  for  the  Mg-Al-Zn-RE  alloys,  EA55  and  and 

RS  high  purity  AZSl.*^^*^®  In  the  former,  the  improvement  comes  from  the  addition  of 
rare  earth  elements  and  in  the  latter  from  the  high  purity  of  the  alloy  constituents. 

The  target  of  a  more  protective,  self  healing  surface  film  has  not  yet  been  achieved, 
although  there  is  some  evidence  that  an  alumina  based  film  may  form  on  some  Mg-Al  alloys. 
Of  the  alloying  elements  investigated,  yttrium,  neodymium,  cerium  and  manganese  appear 
to  be  the  most  beneficial.  It  was  suggested  earlier  that  since  the  free  energy  of 
formation  of  the  oxides  of  yttrium  and  the  rare  earth  elements  are  more  negative  than 
that  of  magnesium  (Table  V)  then  these  elements  might  cause  a  more  protective  film  to 
form  on  the  surface.  This  has  not  occurred  in  the  alloy  compositions  so  far  investigated. 
There  was  some  evidence  that  neodymium  was  enriched  in  the  surface  film  of  an  alloy 
containing  20%Nd,  but,  in  another  example,  even  when  16%y  was  present  in  solid  solution 
it  had  a  harmful  effect  on  the  corrosion  properties.  To  consider  adding  more  Y  or  Nd 
than  this  to  alter  the  nature  of  the  film  becomes  increasingly  impractical  because  of 
the  increasing  cost  and  density  of  the  alloy.  Instead,  most  of  the  observed  benefit  of 
rare  earth  additions  appears  to  come  from  the  second  phase  particles  which  they  form. 

These  are  anodic  to,  and  sacri f i c i a 1 1 y  protect,  the  magnesium  matrix.  As  more  work 
on  the  microstructure  of  alloys  and  surface  analysis  of  protective  films  is  done,  then 
our  understanding  of  the  corrosion  processes  should  improve.  The  effect  of  alloying 
additions  is  mostly  understood  when  the  elements  are  present  as  a  second  phase  and 
there  is  scope  for  more  investigations  of  the  effects  of  elements  in  solid  solution. 

In  this  respect,  the  results  of  the  ion  implantation  experiments  were  particularly 
encouraging.  As  Akavipat  el  al^®  remarked,  iron  is  known  for  its  particularly  damaging 
effect  when  present  as  a  second  phase,  but  when  implanted  into  the  surface  it  had  a 
beneficial  effect. 

In  the  introduction  to  this  paper,  the  specific  properties  of  conventional  high 
strength  magnesium  alloys  were  compared  with  those  of  high  strength  aluminium  alloys. 

A  similar  comparison  can  now  be  made  between  the  properties  of  RS  magnesium  alloys  and 
those  of  other  materials  in  vise  or  under  development.  Frum  the  alloys  discussed  in 
this  section,  EASG  from  Allied  Signal  Inc,^^  RS  AZ^I  from  Pechiney'^^'^^  and  the 
MG-Al -Mn-Zn-Ce  alloy  from  Lockheed^^ » ►'ave  the  best  combinations  of  strength  and 
corrosion  resistance  and  have  been  used  to  represent  the  magnesium  alloys.  EA5b  is  the 
alloy  nearest  to  c omme re i a  1 i sa t i on . The  specific  strengths  of  the  RS  alloys  are 
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greater  than  those  of  conventional  magnesium  alloys  and  7000  series  aluminium  alloys 
(Fig  21).  They  are  comparable  to  or  slightly  higher  than  that  of  the  Al-Li  alloy  8090. 
Another  class  of  material  receiving  considerable  attention  is  particulate  reinforced 
metal  matrix  composites  (MMCs)®^  and  the  specific  strength  of  one  example  of  an 
aluminium  based  MMC  has  been  included  in  Fig  21.  It  can  be  seen  that  the  specific 
strengths  reported  for  RS  magnesium  alloys  are  higher  than  for  the  composite.  In 
Fig  22,  specific  stiffnesses  are  compared.  Those  of  the  RS  magnesium  alloys  are  no 
higher  than  those  for  the  conventionally  processed  magnesium  alloys.  In  fact,  because 
the  densities  of  the  Mg-Al-Zn-RE  alloys  are  increased  without  a  proportional  increase  in 
stiffness,  their  specific  stiffnesses  are  reduced  a  little  (Fig  22).  The  Al-Li  alloy 
and  the  aluminium  based  MMC  have  the  highest  specific  stiffnesses.  However,  when 
specific  buckling  resistance  (E^/^/p)  is  considered,  it  can  be  seen  that  the  RS 
magnesium  alloys  compare  well  with  the  Al-Li  alloy  and  the  MMC,  because  a  low  density  is 
the  more  important  factor  (Fig  23).  The  stiffness  of  magnesium  alloys  can  also  be 
increased  further  by  the  addition  of  ceramic  particulate.  The  Young's  modulus  of  cast 
and  extruded  AZ61  alloy  containing  20%  SiC  particulate  is  reported  to  be  78GPa,®^  A 
review  of  magnesium  based  metal  matrix  composites  is  outside  the  scope  of  this  paper, 
but  one  possible  manufacturing  route  is  to  blend  together  and  extrude  a  mixture  of 
rapidly  solidified  powder  with  ceramic  particulate.  This  could  result  in  low  density 
*^MC3  v;ith  evrn  higher  combinsitions  of  strength  and  stiffness.  Even  witiiout  reinforce¬ 
ment  the  comparisons  made  above  demonstrate  that  RS  magnesium  alloys  are  potentially 
useful  weight  saving  materials  and  worthy  of  further  development  and  evaluation. 

4  CONCLUDING  REMARKS 

Despite  their  low  densities,  the  use  of  magnesium  alloys  in  aircraft  structures 
is  limited  by  shortcomings  in  corrosion  resistance  and  mechanical  properties.  The 
principal  use  of  magnesium  alloys  in  aerospace  is  currently  in  castings.  The  two  most 
recent  developments  are  the  trend  towards  high  purity  Mg-Al-Zn  alloys  with  improved 
corrosion  resistance  and  the  introduction  of  Mg-Y-Nd  alloys  with  improved  room  and 
elevated  temperature  properties  combined  with  improved  corrosion  resistance. 

The  use  of  fluxless  melting  and  resin  bonded  sands  in  the  casting  of  magnesium 
is  now  widespread  and,  to  help  compete  with  cast  aluminium  alloys,  low  pressure 
casting  is  being  introduced  to  enable  wall  thickness  to  be  reduced  and  integrity  to 
be  improved.  By  applying  a  poly iniLde /Dow  17  coating,  magnesium  alloys  can  still  be 
considered  for  gearbox  applications  where  the  oil  temperature  is  up  to  225^C. 

Improvements  in  the  mechanical  properties  and  corrosion  resistance  of  magnesium 
alloys  have  been  achieved  through  the  use  of  rapid  solidification  technology. 

Development  is  at  an  early  stage  and  few  alloy  systems  have  been  investigated,  but 
already  specific  strengths  greater  than  high  strength  aluminium  alloys  have  been 
obtained,  combined  with  improved  corrosion  resistance.  The  low  density  of  magnesium 
alloys  in  comparison  with  aluminium  alloysgives  them  an  advantageous  starting  point 
from  which  to  develop  alloys  with  good  specific  properties. 

Before  any  advanced  magnesium  a’loy  gains  acceptance  it  will  have  to  demonstrate 
that  it  can  give  satisfactory  long  term  service.  During  the  1950s  and  1960s  magnesium 
alloys  gained  a  reputation  for  corrosion  problems,  which  could  have  been  avoided  in 
some  cases  if  better  precautions  had  been  taken.  If  advanced  magnesium  alloys  are  put 
into  service,  the  correct  measures  must  be  taken  to  guard  against  corrosion,  so  that 
in  the  long  term,  confidence  in  these  alloys  can  be  gained.  Provided  these  precautions 
are  taken,  they  have  the  potential  to  save  weight  in  aerospace  structures  and  the 
opportunities  to  exploit  them  should  be  ful ly explored . 
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Metal 


Copper 

Hydrogen 

Nickel 

Iron 

Cadmium 

Chromium 

Zinc 

Aluminium 

Magnesium 

Calcium 

Lithium 


Standard  electrode 
potential  (  V  ) 


+1.42 

+0.799 

+0.345 

0.000 

-0.230 

-0.409 

-0.426 

-0.740 

-0.763 

-1.66 

-2.38 

-2.76 

-3.04 


Table  I  Standard  electrode  potentials  of  some  common  elements.' 


Alloy 

Typical  Composition 
(  wt% ) 

Zn  RE  Th  Ag  Zr 

0.2%PS 

(MPa) 

Tensile  Properties 

UTS 

(MPa) 

%EI 

ZE41 

4.2 

1.3 

- 

-  0.7 

135 

200 

3 

ZH62 

5.5 

- 

1.8 

-  0.7 

155 

255 

5 

EZ33 

2.5 

3.0 

- 

-  0.6 

95 

140 

3 

HZ32 

2.2 

- 

3.0 

-  0.7 

85 

185 

5 

QE22 

- 

2.0 

- 

2.5  0.6 

175 

240 

2 

E021 

- 

2.1 

- 

1.5  0.6 

175 

240 

2 

Table  II  Compositions  and  tensile  properties  of  cast  magnesium  alloys 

(RE  =  rare  earth  elements).  Tensile  properties  are  specification 
minima  in  precipitation  treated  condition  (from  MEL  data). 


Element 

AZ91C 

%min  %max 

AZ91E 

%min  %max 

Al 

8.1 

9.3 

8.1 

9.3 

Zn 

0.4 

1.0 

0.4 

1.0 

Mn 

0.13 

0.35 

0.17 

0.35 

Fe 

- 

0.005 

Si 

0.30 

0.20 

Cu 

0.10 

0.015 

Ni 

0.01 

0.001 

Table  III  Compositions  of  AZ91C  and  high  purity  AZ91E  alloys.' 


Solute  Element 


Solubility 
(at%) 

>25  Cd 

5-25  Al  ,  Dy,  Er,  Ho.  In.  U.Lu.  Pb.  Sc.  Tl.  Tm.  Zn 

1-5  Ag  .  Bi.  Ga.  Sn.  Yb.  Y 

0.1-1  Au.  Gd.  La.  Mn.  Nd .  Pd.  Sm.  Th,  2r 

<0.1  Ba.  Ce  .  Co.  Cu.  Ge.  La.  Ni.  Pr.  Sb.  Si.  Sr 

Table  IV  Maximum  equilibrium  solid  solubilities  of  elements  in  magnesium 
(from  Froes  et  al32).  Those  in  bold  type  are  used  in  commercial 
alloys. 


I 


Formula 

Free  energy 

Formula 

Free  energy 

of  oxide 

(kJ  per  mol  0^) 

of  oxide 

(kJ  per  mol  0,) 

Ag,0 

-22 

ZrO, 

-1028 

PbO 

NiO 

-378 

-426 

Aip, 

MgO 

CoO 

-426 

Nd,0, 

-1140 

CdO 

-452 

GdA 

-1153 

FeO 

-482 

Ce^O, 

-1154 

ZnO 

-568 

-636 

BeO 

Pr,0, 

CfjOj 

-701 

ThOj 

-1174 

MnO 

-726 

DyA 

-1182 

SiOg 

-856 

CaO 

-1208 

TiO, 

-862 

Y,0, 

_ 

-1211 

Table  V 


Free  energies  of  formation  of  metal  oxides 


.8. 


2.0 


7-iy 


Specific 
Buckling  1.6 
Resistance 
V^a)  ^2 


0.8 


0.4 


ZK60A  AZ80  ZCM711  7075  8090 

T5  T5  T6  T6  T851 

Magnesium  alloys  Aluminium  alloys 

V 

Fig. 3  Specific  buckling  resistance  (Evp)  of  some  wrought  magnesium  and 
aluminium  alloys  (typical  properties  of  extrusions). 


1000 

A8TMB117 
8ALTPOQ 
CORROSION  RATE 

(mils  per  year)  jam 


10 


AZ91C  ZE41  A356 


Fig. 4  Corrosion  rates  of  magnesium  casting  ailoys  AZ91C  and  ZE41,  and 
aluminium  casting  alloy  A356  (from  King^). 
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AZ91C  AZ91E  A356 


Fig. 5  Corrosion  rates  of  magnesium  casting  alloys  AZ9ir  and  high  purity 
AZ91E,  and  aluminium  casting  alloy  A356  (from  King^). 


Elongation 
L  2  {%) 


AZ91 


ZE41 


QE22 


WE54 


WE43 


Fig. 6  Minimum  tensile  properties  of  WE54,  WEd3  and  other  cast  magnesium 
alloys  in  precipitation  treated  condition  (MEL  data). 


SALT  FOG 
CORROSION  RATE 

(mils  per  year) 


Fig. 9  Corrosion  rates  of  WE54,  WE43  and  other  magnesium  casting  alloys,  and 
aluminium  casting  alloy  A356  (from  King^). 


a  b 


Fig. 1C  Schematic  diagrams  of  low  pressure  casting  techniques  (a)  pressurised 
crucible  (from  Zeumer  et  al^^)  (b)  evacuated  mould  (from  MEL). 
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Cr/Mn  +  Chromated 


Fig. 11  Comparative  performance  of  different  coatings  in  static  lubricant 
immersion  tests  at  225°C  (courtesy  Rolls-Royce  Ltd  and  MEL). 
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^  Tensile  yield  stress 
^  Compressive  yield  stress 
^  Ultimate  tensile  stress 
I  I  Elongation 


20 


10 
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Fig. 12  Comparison  of  tensile  and  compressive  properties  of  extruded  billet 
and  powder  of  AZ31  alloy  (from  Busk  and  Leontis^b). 
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Stress 

(MPa) 


□ 


Tensile  yield  stress 
Ultimate  tensile  stress 
Elongation 


Commercial  rs  RS 

Ref  46  Ref  47 

Fig. 13  Comparison  of  tensile  properties  of  extrusions  of  conventionally  cast 
and  rapidly  solidified  ZK60A  magnesium  alloy  (from  Isserow  and 
Rizzitano^^  and  Flemings  and  Mortensen*^^) . 


Stress 

(MPa) 


Commercia 

AZ80-T5 


Koq  Tensile  Yield  Stress 
Ultimate  tensile  stress 
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Fig. 14  Tensile  properties  of  extrusions  of  rapidly  solidified  AZ91 
(from  Nussbaura  et  al*3)  and  Mg-lOAl  alloy  (from  Meschter*^) 
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Tensile  yield  stress 


AZ80-TB  ZKeO-T8 


Ma-10M  EA6S 
2.7Mn-3.aZn 
S.8C* 


EA55  EA5S-T4 


Fig. 15  Tensile  properties  of  extrusions  of  rapidly  solidified 

Mg-10Al-2.7Mn'3.2Zn-5.8Ce  alloy  (from  Joshi  et  al^2)  EA55  and 
EA65  (from  Froes  et  al54) 


Fig. 16  Corrosion  rates  of  magnesium  alloys  AZ91C  and  AZ91E,  and  RS  alloy 
EA55  (from  MEL  data) 


Elongation  {%) 


simplified  potentiodynamic  polarisation  curve  showing  pseudo- 
passivation  effect  in  RS  magnesium-rare  earth  alloys 
(from  Krishnamurthy  et  al6') 


wt5?  Aluminium 

Effect  of  aluminium  content  on  corrosion  rates  of  RS  Mg-Al  alloys 
(a)  from  Ahmed  et  al”^;  (b)  from  Hehmann  et  al^^j  (c)  from 

Josh!  et  al^fiph?) 
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Fig. 19  Effect  of  zinc  content  on  corrosion  rates  of  RS  Mg-Zn  alloys 

((a)  from  Ahmed  et  al^^;  (b)  from  Joshi  et  al56,67)  and  effect  of 
silicon,  calcium  and  Lithium  content  on  corrosion  rates  of  RS 
Mg-Si,  Mg-Ca  and  Mg-Li  alloys  (from  Joshi  et  al56,67) 
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Fig. 20  Effect  of  chromium  and  manganese  content  on  corrosion  rates  of 
vapour  deposited  Mg-Cr  and  Mg-Mn  alloys 
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Fig. 21  Specific  strengths  of  conventional  magnesium  and  aluminium  alloys, 
RS  magnesium  alloys  and  an  aluminium  based  MMC  (typical  properties 
of  extrusions).  (EA55  -  from  Froes  et  al54.  Mg-Al -Mn-Zn-Ce  - 
from  Joshi  et  al^2;  gg  AZ91  -  from  Nussbaum  et  al^3;  a1  MMC  - 
from  Peel°2). 
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Fig. 22 
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Specific  stiffnesses  of  conventional  magnesium  and  aluminium 
alloys,  RS  magnesium  alloys  and  an  aluminium  based  MMC  (sources 
as  Fig. 21) 
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